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ABSTRACT j
I
I
A metallographic study has been made of the two diffusiorial
■' I
transformations which occur during isothermal tempering of 
metastable (3' brass (38.1 -A3. A at.?b zinc). For each composi- jJ
tion times to start of visible precipitation have been located |
I
and the T.T.T diagrams consist of two intersecting !C ! curves. \
|
'j
A rod-like (a) .precipitate is associated with the upper tempera— j
ture reaction and a plate-like (a^) precipitate with the lower j
I
temperature reaction. The upper temperature limit for plate j
I
formation (®s) decreases with increasing zinc content. pla^e
growth ceases if plates initially formed in the lower region are
tempered above the B temperature supporting the limiting nature
s
of the B g temperature.
Hotstage microscopy confirms that the plates grow
slowly accompanied by a .shape change similar to that of the sub- 
zero martensite. The habit \2 11 1 2 J varies little with 
composition and temperature..as predicted by the phenomenological 
theory of martensite formation, It is concluded that the
structure of these plates is f.c.c. with internal faulting along
/lllV« planes. Electron probe microanalysis has
confirmed that ct^  plate growth proceeds with solute enrichment
of the [3 matrix, Consequently the process is concluded to be
sbainitic.
The a rods have been confirmed by X-ray and electron 
probe microanalysis to be f.c.c. and of approximately
equilibrium composition,, The growth is accompanied by a shape
change 5 indicating the presence of a shear component. The 
morphology together with the kinetics of transformation have been 
studied by high temperature filming techniques. Sympathetic 
nucleation of a rods from plates, on tempering below the
B g temperature has been investigated, and the nucleation sites 
related to the substructure of the plates.
The effect of prior deformation and ternary gold 
additions on the transformation characteristics have been 
considered. Deformation favours the nucleation of the bainitic
product and increases the growth rate of a rods. G-old sub stitpr-
ting for copper fails to significantly influence the transforma­
tion characteristics.
Hardening has been found to only accompany the 
precipitation of plates and a mechanism to account for this 
has been proposed.
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1. INTRODUCTION
The commercial importance of iron hased alloys has 
meant that the phase transformations occurring in these systems 
have been investigated in more detail than any other alloy system. 
This has led to the identification of three primary products, 
namely pearlite, bainite and martensite, and subsequent attempts 
to apply this terminology to products with similar characteristics 
in other systems, Pearlitic and martensitic transformations have 
been readily identified in non-ferrous systems, whilst a more 
limited number of investigations on possible bainitic transfor­
mations have been inconclusive.
Within recent years there has been much interest in 
obtaining a general classification of transformations, into which 
the products formed in all alloy systems may be fitted. This has 
stimulated interest in the simpler binary substitutional alloy 
systems, so that basic characteristics of the various transforma— 
tion mechanisms may be uniquely established.
Attention has therefore been paid to the metastable (3* 
phase of the copper/zinc system, where a martensitic product is 
encountered on subzero cooling. The less well known massive 
transformation also occurs In this system and two distinct forms
of precipitate have been reported to occur in a copper/zinc alloy 
containing 41*3% zinc, during the isothermal decomposition of the 
metastable (3* phase, in the temperature range 170-470°C •
Below 350 C the precipitate is plate-like, whilst above this 
temperature less regular granular particles were observed. From 
observations of mode of growth, surface relief and habit plane of 
the plate-like precipitate, it was suggested that the low temperature 
reaction is bainitic in character^ 0ut little information 
concerning T.T.T. data, or the influence of composition on the 
product stability was considered-. Subsequently within the last 
three years interest has been stimulated in the products formed 
during isothermal decomposition of metastable (3* and several 
projects have been initiated to investigate in greater detail the 
features of the precipitates formed.
The purpose of the present investigation was to obtain 
detailed information concerning the decomposition of the 
metastable (3* phase in the copper/zinc system. In this investigar- 
*tion particular interest was paid to; T.T.T, characteristics, 
morphology, kinetics, crystallography and compositional changes 
associated with the precipitation processes. The influence of 
both compressive and tensile deformation prior to transformation 
was also considered to allow further elucidation of the mechanisms 
involved in precipitation.
2.0
2. LITERATURE SURVEY
2.1* Equilibrium Structures in the Copper Zinc System,
2.1.1, The B2 Structure,
The simplest type in a body centred cubic structure 
is the Cs Cl type structure, which ideally occurs in alloys at 
the eqi^atomic composition. This structure is designated B2 
on the Strukturbericht Classification (l). The unit cell of 
this structure is shown in Fig, 1 , The positions of
the atoms in a unit cell made up of A and B sites, are 
A (0 , 0 , 0) and B (■§■,•§■-, ■§■) . The symmetry of the 
structure is then lowered from a body centred cubic, A2 , in 
which the sites are equivalent with atoms located randomly in 
the sites, to a simple cubic. The B2 structure may therefore 
be considered as two interlocking primative cubic sublattices 
each of which is occupied uniquely by one atom type at the cube 
corners. The first co-ordination number is eight constituting 
the unlike nearest neighbours Yfhilst the second co-ordination 
number is six consisting of like A,A and B.B, neighbours.
2.?
Since ordered B2 structures involve the 
formation of selective A.B. bonds, Beck (2) proposed that 
they may have a ionic component. The percentage ionic 
character of a bond is detected by the difference in the 
electronegativities of the two atoms concerned. Pauling (3) 
has attempted to express this relationship quantitatively. If 
two atoms A and B bond together the resonance energy arising
from the ionic component of the bond is proportional to (X —X )jtx SD
?fhere X is a measure of the electronegativity. The percentage 
ionic character of a bond is given by the empirical relation:
p = 16 (xA-xB) + 3.5 (x a -x b )
Values of X are given in Fig. 2
In the copper zinc system the {3 phase undergoes 
an ordering reaction of this type to give Cu. Zn (B2) structure 
(section 2.1.2) . From electronegativity values in Fig. 2 it 
may be calculated that the percentage ionic character of the 
Cu-Zn bond is small ('^ '5%) • However this value is not
absolute and is subject to other qualifications.
2.1.2. The Phase Diagram.
The copper/zinc constitution diagram shown in Fig. 3 
was compiled by Hansen (4) from data available up until 1957*
2*.
Despite the large amount of work carried out on this alloy system 
some uncertainties still exist, mainly associated with the 
order/disorder transition of the (3 phase and the position of 
the low temperature phase boundaries.
The primary solid solution shows marked solubility 
of zinc in copper this being a maximum at 38«3 at.^ . This 
a phase has a face centred cubic (Al) structure derived from 
the copper lattice. It has been proposed by Priedel (5) and 
Plinn (6) that long range order of the type Ll^ may exist 
near the composition Cu^Zn. The evidence for the existence 
of such an ordered phase fails to establish it conclusively. On 
the basis of thermoresistometric and absorption energy investiga­
tions carried out by Baurer and Hansen (7) and Clarebrough 
and Loretto (8) it was suggested that no long range order was 
present in copper zinc. But an anomaly of the specific heat 
in a alloys at 200-260°C observed by Masumato et. al. (9) 
and the presence of super—lattice lines, derived by X—ray 
diffraction from a 22f.96 at.% zinc alloy, reported G-riegoriev 
et. al. (lO) have tended to support the presence of a Cu^ Zn 
phase. The latter work has been criticised by Massalski and 
King (.11) because of the difficulty in obtaining super-lattice 
reflections under the conditions used because of the similarity
between the atomic scattering factors of copper and zinc.
However, recently Klyuchnikov and Presnyakov (12) using 
a modified X-ray technique, to overcome scattering effects, 
found anomalous changes in lattice constants in a stoichiometric j 
Cu^ Zn alloy. These effects were attributed to ordering.
The a/a+(3 phase boundary increases in zinc content 
over the temperature range 902° to 454° C , below this 
temperature the zinc solubility decreases with decreasing 
temperature* This change is shown in Pig. 4 which constitutes 
the section of the phase diagram redetermined in 1952 by Beck 
and Smith (13) « Below 230°C the uncertainty of the position 
of this phase boundary increases, but results recently obtained 
by Erez (14) were found to be in agreement with those shown 
in Pig. 4 •
With decreasing temperature both the a+{3/<3 and 
P/P+Y phase boundaries alter in such a manner that the 
solubility of the {3 phase field decreases. Above 4^8° to 454°C 
the {3 phase has the A2 structure and below this temperature a 
B2 structure. Carpenter (15) originally proposed that the 
£3 phase undergoes a eutectoid decomposition at. 4^0°C to 
give a+ y  » Hudson (l6) subsequently proposed that the 
transformation of the |3 phase at lower temperature was the result
of a polymorphic reaction. The work of Sykes and Wilkinson 
(17) and Jones and Sykes (18) conclusively showed that the 
disorder p phase (A2) transforms on decreasing temperature to 
give an ordered (B2) structure p* , But even now it is not 
agreed whether this ordering reaction proceeds by a classical 
Gibbsian phase change or by a second order reaction. Careful 
examination of this region of the phase diagram by Beck and 
Smith (13) Fig. 4 , failed to reveal a discontinuous displaceme? 
of the a+p/p phase boundary at the transition temperature.
Such a displacement would be required if a two phase region p+p* 
required for a classical transformation, existed. However,
Rhines and Newkirk (19) after re-examining literature and 
considering resistivity and X-ray diffraction results, concluded 
that the order disorder transition proceeded by a classical phase 
ohange, a first order reaction. Although evidence for the 
existence of a second order transition is not conclusive Hansen 
(4) suggested this to be the more likely process. Therefore no
two phase p+p* region is encountered in the phase diagram 
Fig. 3 . R e c e n t  investigations by Presnyakov and Starikova (20
into resistivity and ductility changes occurring in two phase
a+p and p+y brass led them to suggest that a eutectoid transition
-
occurs in the copper/zinc system. However, the findings presente 
are far from conclusive.
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2*1.3* Stability of the p Phase.
The {3 phase of the copper/zinc system is structurally; 
related to phases occurring at similar electron concentration in 
other alley systems, consequently it is termed an electron 
compound. The first Brillouin Zone of the h.c.c. structure 
is a rhombic dodecahedron hounded by 110 faces. It has been 
calculated that a spherical Fermi surface would intersect this 
Brillouin zone at an electron concentration of 1.48 correspon­
ding to the peak in the density of state curves.
In the copper/zinc system the p phase is disordered 
at high temperatures and at low temperatures becomes ordered, 
although the j3 phase decompo se s by a eutectoid reaction in related 
alloy systems, e.g., copper aluminium. Zener (21) considered 
that the characteristic temperature of the p is less than that of
the neighbouring phases the free energy of the |3 decreases as
temperature rises relatively more rapidly than that of the other 
phases, leading to the characteristic ,V f shape of the (3 phase 
field. The calculated p phase boundaries above the order
disorder transition temperature agree with those obtained
experimentally and these were found to intersect at 100°C if the 
P**P* transition is neglected. Therefore the disordered phase 
would not be expected to exist below this temperature.
Webb (22) (23) first pointed out that ,6 brass is
highly anisotropic in its elastic properties, and measured the
E 
E
111value of at room temperature to be 8,9 • When considers;
100
of
is 8*4 *
in terms  the two shear coefficient an& i ^
Zener (21) concluded that the instability of a 
body centred cubic packing of hard spheres on (110) in the 
[110] is associated with the low value of the shear resistance 
\ P* brass* This -§• shear constant
arises from a positive contribution due to attraction between 
valency electrons and ions and a negative term resulting from 
the repulsion between ions* Theoretical calculations by 
Jones (24) suggest that the resistance of p* brass with 
respect to shear on (110) in [110] is the result of Fermi 
energy changes arising from the shearing of the Brillouin zone* 
From shearing the 110 Brillouin zone it was calculated that 
the contribution of the Fermi energy to the two shear constants
^44 an<^  i ^11*"^12^ was su^^*^c^en^ stabilize the 8 phase. 
Further it was suggested that the disordered p is not retained 
upon quenching because of the peculiar nature of the Fermi 
energy stabilization effect which operated over region a containing 
many a-tcw&s.
A variety of structures may be induced by heat
treatment or deformation in either stable or metastable p phase
alloys in which the low £ shear resistance is an
important contribut©ry factor. This will be discussed further
in section (2*6) .
Several investigations have been carried out to
determine values for this important parameter of the 3 phase of
the copper/zinc system. Recent reviews by Huntington (25)
and Westbrook (26) have summarized these results.
Values for the C ^ ^ a*id C12 elastic
coefficients and the S-. n S., S-,« elastic constants are shown11 44 12
below
1011 dynes/ca2 lo"*2 cm2/dyne §~~!£
JL x
C11C44C12 S11S44S12
(27)
(25) Cu Zn 48.355 Zn 12.91 8.24 10.97 3.53 1.22-1.62 8.4
(28) Cu Zn 44.955 Zn 11.9 7.44 10.2 4.105 1.34-1.90
The factor 2 C4A is a measure of the elastic anisotropy. The 
C1I~C12underlined values of elastic coefficients and elastic constants 
were experimentally determined whilst the others were calculated 
from these. The correlation between the elastic constants and
coefficients are given by the following relationships (29)
S44=i-
h h
^11-^12 = —i—
Cll+C12
S.,-. + 2S^o = 1
C11+2C12
Where C 3 C* « Cn ~ ^ i 2  an<1 K 5 ^C11+2C12^
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measure respectively the resistance to deformation when a shearing
stress is applied across a ^IGOj plane in a < 0 1 0 /  direction,
across a ; 110J plane in a <^110/ direction and when a uniform
hydrostatic pressure is applied to ihe crystal i.e., the bulk
modulus*
Several investigations have been carried out to
determine the effect of temperature and composition on these
elastic coefficients*
The temperature variation of elastic constants was 
recently determined by McManus (30) for single crystals of 
{3 Cu.Zn of 50 at.$ composition. All the elastic constants 
decrease with increasing temperature as theory predicts, which 
disagrees with the previous results of Rinehart (3i) an<3-
Artman (32) • The constant shows no variation on
passing through the ordering temperature whilst C and C* do
show a variation which tends to reduce the overall anisotropy.
But even in the disorde^ p phase temperature range elastic
anisotropy still persists.
Fig. 5 shows the composition dependence of the
elastic moduli of p brass over the range 45 to 50 at„fc zinc.
With decreasing zinc content the C* contribution to the
anisotropy decreases whilst C increases so the p becomes more
anisotropic. These results may be unreliable at the low zinc
composition,which are in the two phase region.
No mention is made to the method of alloy
preparation, but a phase was confirmed to be present in specimens
containing less than 4 5 % zinc. But McManus (33) suggests
that inaccuracies introduced by these small amounts of a phase
would be within the overall experimental error.
However, it appears that increasing the zinc content
decreases the resistance of the p* copper/zinc alloys to
(110) [110] shear. The p* phase becomes unstable at low
temperatures and transforms to martensite (section 2.6 ).
Kunze (34) proposed that the increase of the M temperature wiils
decreasing zinc content is due to the decrease in valency electror 
concentration which reduces the Fermi and Coulomb energy 
contributions to the model proposed by Jones (24) *
3d
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2.1.4. Termination of Primary Solid Solubility* !
Experimental observations indicate that solid 
solution formation is dependent upon several physical factors. I
The factors for extended solid solubility for substitutional 
alloys were empirically determined by Hume-Rothery (35) . I
Massalski and King (ll) suggest that atomic volume is a 
more accurate measure for determining solid solubility than 
distance of closest approach (35) • Thus atomic volumes should 
not differ by more^30$ corresponding to — 1 0 % atomic approach j
distance, which is slightly lower than the value of 1 5 % proposed |
i
./ \ 'by Hume Rothery. But Mdssalski and King (11) suggest that |
phase stability is always related to other phases which form in
the same or adjoining region and that the preceding arguments
are an over simplification. The limit of solid solubility of
a phases based on gold is lower than a phases of alloys based on
copper or silver* It has been suggested (ll) that when the !
■ i
zinc content is dominant in relation to the gold*the bond I7 i
structure will be controlled by the zinc and these alloys will not j  
differ from those containing copper or silver.
I
Friedel (5) and Flinn (6) have calculated that ! 
short range ordering should occur in solid solutions with i
polyvalent solutes because the electron concentration is increased j
by alloying. Long range order of the Llg type may be expected 
in copper/zinc alloys, at solute concentrations of 25 at.%  zinc, 
but no such ordering has been conclusively detected as previously 
mentioned. Damask (36) suggested that relaxation times 
measured by resistance changes in a brass after quenching, 
neutron irradiation and cold working agreed with values expected 
from stress induced changes in local order. But X-ray and 
neutron irradiation (37) investigations on a brass single crystal 
<*>190oC failed to reveal even short range order.
2.2. Classification of Transformations.
Transformations in the solid state are controlled by 
several factors, the two most important being the shear component 
and the diffusion component. At one end of this wide transforma­
tion spectrum are the twinning and martensitic transformations 
which involve either pure lattice shear or a shear plus atomic 
shuffle so that no composition changes are involved, for atom 
transfer distances are short. The diffusional growth processes 
are at the other extreme and under these conditions of long range j 
atom transfer the composition of the product differs from the 
matrix. Intermediate between these are transformation products 
such as bainite which are shear nucleated but the growth
I
diffusion controlled.
Attempts to define transformations of different kinds by 
reference to particular characteristics becomes increasingly 
difficult as more intermediate catagories are discussed. This is 
particularly true of the bainite and massive or S.R.D. (short 
range diffusion) reactions where there is a lack of information 
regarding characteristics. Fig. 6 was proposed by Christian (3& 
to correlate in a diagramatic form all the relevant kinetic 
and crystallographic features used to differentiate transformation, 
from one another. For simplicity conditions in which growth 
rate is determined mainly by the transport of energy towards 
or away from the moving interface have been excluded from this 
table. Fig. 6 shows a few special solid state reactions which 
are qua si-homogeneous and do not involve nucleation in the usual 
sense* Most reactions are nucleated, so the interfaces are 
present in the partially transformed system. For transformations 
involving regular atom movements, the interface is either 
coherent or semicoherent, These transformations result in shape
change in the transformed region (39) . The overall kinetics 
may be controlled by either the nucleation rate or the growth 
rate. The latter affords a basis for classifying most 
transformations.
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2.3* Order Disorder Transitions:
2.3*1. Introduction
Order-disorder transformation in alloys have been review
A
by Shockley and N'iz (40) , Lipson (41) , G-uttmann (42) , 
Krivoglaz and Smirnov (43) * Elcock (44) , and Christian (45/>
2,3*2, Long and Short Range Order,
An ordered structure means that the lattice sites can 
be grouped into sublattices each of which is occupied predominantly 
by one kind of atom. Several alloys of critical compositions, 
e.g., Cu. Zn , Cu Au , Cu^ Au exist as ordered solid solutions 
at*low temperatures and as disordered solid solutions at high 
temperatures. The transition takes place over a range of 
temperature and the two states which mark the beginning and end 
of the change are the two extremes of a continuous series of 
intermediate states, all of which are realised at intermediate 
temperatures. In the disordered state, each sublattice is 
occupied by the various constituents at random. The distinction 
between long range and short range order is difficult to clarify 
completely because of the lack of a physical model for short range 
order, (46) .
The degree of long range order is best defined by the 
parameter S • In a crystal containing only two atom species A 
and B in which a division into equivalent sublattices a and $ 
is possible, A atoms occupying a sites and B atoms on ^ sites
S may be defined by the relationship:-
r -xA rA~xti
s = (or Where *A *  ZB )
where r^ and r^ = probability that A and B atoms are on 
correct sites , x A and x-. » fraction of A and B atoms in alloyA xJ *
r = 1—w, where w. = ——  and x = fraction of ’wrong* sitesa A A x^ w °
When order is perfect S - 1 , so that A atoms occupy all a sites
and B atoms all |3 sites* This would occur in (3* brass at the
equiatomic composition. For complete disorder S = 0 * Care he
to be taken because of the presence of antiphase domain boundaries
(2,3*5) which are randomly populated. Therefore it is considere
that, because the equilibrium number is small (47) > the crystal
consists of one domain. The variation of S with temperature
has been established by Bragg and Williams (48) ,
2 S Tc = log e 1+S *5 Z wS
T 1-S 2 kT
where Tc is the transition temperature of ordering, and w the
ordering energy.
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Their theory of long range order precludes the 
existence of short range order. Basically, the condition for 
order may he described as being that dissimilar atoms should 
attract each other preferentially. This can be satisfied to a 
high degree without having any long range order present, but 
rather groups of localized order.
Bethe (4-7) therefore suggested another parameter 6  
the short range order parameter, for specifying this degree of 
order. This parameter is based on the immediate environment of
a particular atom, and not upon the whole crystal,
0 — Q***Qr 
qm-qr
where q = fraction of bonds between unlike atoms,
qm r fraction of bonds between unlike atoms in ordered 
lattice
qr ss fraction of bonds between unlike atoms in disordered 
lattice,
2.3,3* Detection of Order.
X-ray diffraction provides the most direct method 
of investigating order/disorder changes in alloy systems.
Thermal resistance magnetic and mechanical property changes have 
also been used.
The theory for the detection of long range order in
superlattices by the formation of superlattice lines is well
established (49) (50) . In the case of the. copper zinc system 
the superlattice lines are faint, arising from the similarity of
the two elements copper ahd zinc, the atomic numbers of which are
29 and 30 respectively. Therefore special methods have to be 
employed to detect extra reflections* The methods are based on 
the dependence of the scattering factors on the radiation employed* 
Wavelengths close to those emitted by the respective elements have 
the tendency to reduce the scattering factors. Fig. 7 shows the 
curves relating the depression of the scattering factor with the 
wavelength of radiation. The scattering factors differ most at 
1.39 2 and the nearest Ka radiation wavelength to this is 
that of zinc. Using this principle, Jones and Sykes (1'8) were able 
to detect superlattice lines in a powder photograph, from Cu.Zn, 
using Zn Ka radiation. Subsequent to this extensive 
determinations have been carried out, perhaps the most important 
relating t h e  degree of long range order to temperature, 
performed by Keating and Warren (51) • More recently Kittl 
and Massalski (52) detected superlattice lines in Cu.Zn 
using Cu Kp radiation. From Fig* 7 the scattering factor 
difference is greater for Cu K|3 than for Zn K|B .
i7 j
' \
j
Short range ordering may be detected using X-ray J
techniques where diffuse lines are obtained (41) • But at |
present this technique has been used only to a limited extent*
But a neutron diffuse scattering allows short range order to be
1
detected more readily. This technique has allowed short range f
ordering to be detected, above the long range ordering 
temperature, in single crystals of $ brass enriched with !
cu65 (53) .
X—ray measurements provide the most direct way of 
establishing the existence of an ordered structure, but they do :
not provide absolute quantitive measurements to test theory.
In p* copper zinc alloys a discontinuity has been observed in ]
■ il
the specific heat measurements when plotted against temperature, 1
which allows T to be established (17) •
c .
.j
Experiments on the temperature dependence of 
electrical resistivity may be carried out on alloys which are 
allowed to establish equilibrium at each temperature. If ordering 
occurs a variation in the electrical resistivity may be detected 
as a result of the redistribution of the atoms on the lattice sites- 
As the temperature increases the degree of order decreases and 
additional scattering appears and the resistivity increases more 
rapidly than the resistivity of a sample in which the state of
order remains unchanged. At the order/disorder temperature an 
infl&$<fion may he observed as the transition is of the second 
order type (section 2.1.2) . This has been observed by /
Prank (54) aud Rao et. al. (55) during resistivity/temperature 
measurements carried out on {3* copper-zinc alloys.
Changes in mechanical properties on ordering 
have been reviewed by Westbrook (26) and Stoloff and Davies 
(56) .
2.3*4. brdering Energy and Ordering Temperature in 
{3 Copper-Zinc.
The energy E (T) , liberated when an alloy orders 
at a given temperature T may be determined either by direct 
measurements or from the area under the curve of heat capacity 
against temperature. The dependence of the energy E (T) on the 
composition of £ copper zinc alloys was investigated by 
Sykes and Wilkinson (17) over the temperature range 240°-500°C 
The energy of ordering was found to be a linear function of the 
atomic concentration of the alloy components. .
The ordering energy for {3 copper-zinc may be 
calculated from the followiag relationship, which derives from
the Bragg-Williams equation (48)
T0 (CA) = Z.CA ( 1-CA ) . V / K
w = ordering energy, T = ordering temperature, C. = concentraticO .A.
of A component, and Z = the coordination number. For the
eq.uiatomic brass B2 superlattice this reduces to: —
w s KT ' '
 2. (57)
4
As the ordering temperature decreases with decreasing 
zinc content, the ordering energy also decreases.
The critical temperature at which long range order 
sets in on cooling {3 copper-zinc alloys is affected by the 
relative concentration of the two types of atom, being maximum 
for the equiatomic alloy (48) •
The ordering temperature previously established (4) 
has been proposed by Sykes and Wilkinson (17) to vary with 
composition according to the equation,
Tc = To° (1 - U 2 ) 
where £ = (-J-—C)
where T ° is the critical temperature for the alloy Cu.Zn and C
is the concentration of one constituent. Fig. 8 shows the
calculated values, derived from this equation, in the stable (3*
and metastable (3* composition ranges. This allows an
approximate estimation of T for metastable j3ialloys. Thesec
values appear to be higher in the lower zinc ranges than would 
possibly be expected, from consideration of the variation of 
degree of order.
2 . 3 7ihtiP^ase Structure of p* Brass.
Aiiti-phase structure of p* brass (B2) arises-a's the
result of the transformation from the disordered to the ordered
state.' During the ordering process regions or domains of order
may be considered to grow individually and increase in size until I
contact is made with another domain. The surface between two I
domains in the B2 structure will consist of an antiphase
boundary, characterised by •wrong* neighbour atom pairs across it i
shown in fig. 9 • Therefore in (3* brass the greater the j
if
non stoichiometry the greater the tendency to form wrong atom pairs I
thereby increasing the amount of antiphase boundary. i
Fig. 10 shows a unit cell associated with the B2
' • • 1
superlattice. Let atoms A occupy site II atoms B site I J
and consider the displacement of atoms in one section of the * ;
perfectly ordered crystal by a vector P with respect to atoms
in an adjacent region. Vector P /2 [Til]-is shown in '
Fig.10 where such a movement has displaced atoms A and B on tc
wrong sites. Fig. 11 shows the displacement of atoms to the
right of a plane e.f.g.h. by the vector a°/2 [Til] with respec
to atoms on the left of plane* Wrong BB atom pairs are then
formed between plane e.f.g.h* and the'plane to the right*
Before such a displacement could occur the plane of A atoms 
originally lying to the i*ight of e.f.g.h. has to be removed.
At this boundary an excess of AB atom pairs are formed. Under 
these conditions the antiphase boundary vector does not lie in the 
plane of the boundary. This boundary is completely described 
by [ill] (010) . If the antiphase vector P lies in the
plane of the antiphase boundary it can be formed by a simple shear. j
■ ... IS
All AB atom pairs are converted to equal numbers of AA and BE fj
after the boundary is formed, no excess of either AA or BB atorj
pairs is created at the boundary. Just as the Burgers vector |j
X ;1■1
is the most invariant characteristic of a dislocation, the
. . .  - .
antiphase vector P is the most invariant characteristic of an
antiphase boundary. The B2 type super lattice has four P
a
vectors of the type /2 (111) .
The creation of an antiphase boundary involves a 
change in the ratio of ‘right* AB bonds to ’wrong* AA and 
BB bonds across the antiphase boundary and therefore the energy 
of atoms in the boundary is higher than for those within the 
domains. The boundary therefore exhibits a surface tension.
For p brass this has a value of about 7q dynes/cm^ (58) •
Flinn (60) has obtained expressions for the potential energy/
unit area associated with an antiphase boundary lying in plane
h.k.l. For the ideal B2 type superlattice containing equal
aQ
numbers of A and B atoms, for a /2 /111/ type antiphase
boundary the energy is given by >
where h *  fc > 1
a o N
where h.k.l. are the Miller indices associated with a given
plane, N = h2 + k2 + l2 and V = V Qb -4 (V,a~ V ^ )  where V ga ,
etc., are the potential energies associated with each atom pair.
This is valid if the long range order is perfect, but if S si
2
the equation must be multiplied by S . From this equation it
is expected that in B2 superlattice the antiphase boundary
will not occupy a particular plane.
Flinn (51) has derived an expression for the energy
aQ
of a /2 (110) type antiphase boundary of an ideal B2
structure in terms of the ordering energy.
_110 M L S 2 
B2 = 2a 2 o
KT
where EQ = ordering energy = o
4
For p brass this value amounts to —0.015 ev/bond (315) •
^3
The first direct observation of the antiphase domain 
configuration was made by Marcinkcowski and Brown (59) in 
the Fex A1 (Do*) superlattice. From theoretical considerations
J 9 J
of conditions revealing antiphase boundaries by transmission* 
electron microscopy Marcinkcowski (57) anticipated that for 
Cu.Zn. the contrast would be extremely weak. However, Warlimont 
(6l) has recently observed an antiphase domain structure in thin 
foils of 41 at.jS zinc metastable {3* brass. Domain; boundaries 
varied sharply from 100 to 5000 X in size, which is supported 
by suggested values of 500 X proposed by Aksencv (62) for 
45-50 at.$ zinc alloys.
The segregation of atoms to antiphase boundaries in 
ordered B2 alloys with a nonstoichiometric composition has been 
studied theoretically by G-rinberg and Plishkin (63) . They 
proposed that segregation of the excess component takes place to 
the boundary region, but Warlimont (6l) has found no practical 
evidence to support this.
2.3*6. Effect of Alloy Additions on the Ordering Temperature 
Little experimental evidence is available on the 
effect of ternary alloy additions on the ordering temperature of 
P copper-zinc alloys. Imai and Kitazima (64) investigated
the effect of small alloy additions on the stability of {3'brass.
A resistivity technique was used to detect the temperature of the 
order disorder transition. Nickel and aluminium were found to 
increase the stability'of the ordered phase but additions of 
manganese caused a decrease; X-ray measurements of long range 
order in Ag.Zn , which has a B2 structure, were carried out by 
Muldawar (65) • The replacement of small amounts of silver by 
gold in Ag.Zn raised the critical temperature for long range 
ordering and also suppressed the phase. Fig. 12 shows the 
critical temperature for ordering as a function of atomic 
percentage of gold. This increase is consistant with the 
transition temperature of Au.Zn being greater than for Ag.Zn (6 
Krivoglaz and Smirnov (43) used a statistical 
theory to determine the influence of atoms of a third element C 
located at sites on the lattice of a substitution alloy A~B , 
on the ordering temperature. It was concluded that for B2 
alloys of nearly stoichiometric composition,
\ c--------  j CC •
AC ~ BC /
4 KTo
where and ^ are the ordering energies for the respective
systems and Cp is the concentration of the alloy addition.
= 49
\
42
48 cosh W
^4" ^
The ratio &T in this case varies over the range 
To
49 Cc for W A n - WBC ^ + oo to -l.P2Cc for W A C - W BC = Q
k t q k t o
Thus, the relative variation of the critical temperature is
particularly large if the difference of the ordering energies
inbinary alloys AC and BC is much greater in absolute value
than KT • In this case the critical temperature increases o
with addition of C atoms. Results calculated by this method 
for gold additions to Ag.Zn have been found to be consistent 
with observed values (65) , ©*£•>
WAuZN = 0.058ev _
, • • \ m 'calc
WAgAu s 0.0l6ev xo caxc A
The value of this ratio measured in the range C . 3*5 at.%
equals • ^.0 corresponding to about a error.
o P _ *u
2.4, Non Equilibrium Transformations in the Copper/Zinc 
System (38-50. at.5% Zinc) .
The non-equilibrium transformations that occur in the 
copper/zinc system over the composition range 38-50 at.$ zinc 
are shown diagrammatically in Pig, 13 • Here the conditions of 
formation of the various transformation products are indicated.
Each of these transformation products will he considered in detail 
in the following sections. It will he noted that the type of 
transformation product obtained has heen "described, for this 
system using the general terminology discussed in section 2.2 
for classification of phase transformation mechanisms^ 
Unfortunately at present there does not exist standardised 
notation to describe the various products formed* A3 a 
consequence several conflicting notation systems have been 
developed, particularly the use of p* to describe both a faulted 
structure and an ordered B2 structure* To avoid confusion the 
following system notation will therefore be used:
p : b.c.c. structure,
P* : ordered b.c.c. structure (B2). 
pV : martensite formed by quenching, 
a : f.c.c. structure.
: bainite formed isothermally or during tempering.
+ : obtained by deformation*
The symbol p* is used for martensite and a, ' for 
1
bainite because although both have similar structures the bainitic 
transformation involves.a compositional change whereas the 
martensitic product is derived directly from the p* lattice.
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2. , Inter-phase Boundaries.
-'2.5.1. Types of Boundaries,
The nature of the boundary, present during 
crystalline solid/solid phase transformations, is an important 
factor controlling several features of the transformation. In 
particular the migration of the interfacial boundary is 
important during the growth of one crystal from another. As a 
consequence Christian (38) and Smith (67) have used the 
nature of the interface as the criteria for the classification 
of phase transformations.
An interfacial boundary has been defined by 
Hess (^8) as any boundary surface across which a discontinuity 
is observable. Interfaces in crystalline solids have been 
classified according to the type of discontinuity observed so 
that a structure change across the interface gives rise to a 
phase boundary. The boundary between two crystals of different 
structure has five degrees of freedom, generally, so that the 
structure and behaviour may be considered similar to a grain 
boundary. Three degrees of freedom are required to specify the 
orientation relationship. It is not possible to carry one
qj:
structure into the other by a p^ire rotation, as in the case of a j 
grain boundary, because of the difference of the structure 
involved (45) •
Phase boundaries have been classified into
. . ■ j;
coherent, semi or partially coherent and incoherent* These 
have been defined as follows:
(i) Coherent interface: The interface between two j
crystals is fully coherent when the crystals are placed in 
contact such that the planes of atoms constituting the interface
jvaAr^
has an atomic arrangement, disregarding the chemical species of 
the atoms, which is common to both crystal structures (69) *
It is further necessary that the atomic arrangement in the plane j
: j
of the two structures is nearly identical, j
■!
(ii) Semicoherent Interface: A semicoherent interface is j
I?
one in which regions of continuity are separated by regions of j
misfit (e.g, dislocations) (70) * The analogue of this type f
- I
of interface is a low angle (tilt) grain boundary* J
i
(iii) Incoherent Interface: An incoherent interface is a f
region in which there are no continuity conditions for rows or
planes of atoms to be satisfied across the interface, the structure
of which is completely disordered (45) • Tbe analogue of this 
type of interface is a high angle grain boundary (71) •
Although a sharp distinction between these types
of boundaries is presented by the above definitions, it should be
*
mentioned that in practice although coherent and incoherent 
interfaces may be rigidly fixed the transition between these two 
^emicoherency) is gradual and a matter of ’degree* .
2,5*2. Coherent Interfaces:
The above definition of a coherent interface 
indicates that matohing of the two lattices across the interface 
is the over-riding condition to be fulfilled. A fully coherent 
interface may therefore be compared with the meeting of two 
twins along their composition plane. Christian (45) suggests 
that under these conditions the lattices match exactly at the 
interface and ’corresponding1 planes and directions are continuous 
across the interface although a directional change results on 
passing from one lattice to another. A necessary condition for 
a plane of exact matching to exist is that the deformation 
relating selected unit cells of the structures have a zero value 
of one principle strain, implying ’correspondence* between cell 
parameters* Cohen (70) suggests that except for regions of a 
few atomic distances two crystals must have a planar interface to 
be fully coherent, if an invariant plane condition is satisfied
by the two lattices* Christian (72) and G-aunt and Christian
(73) found that the boundary between f.c.c. and c.p.h. 
planes in cobalt and some of its alloys are planar, and bare 
matching results because of the similarity of atom distribution 
on the octahedral and basal planes respectively.
If a matching condition is nearly satisfied two planes 
may be forced into coherence across a planar interface. This
occurs when a precipitate is small, so that accommodation occurs 
by elastic misfit (74) • Under such conditions the precipitate 
must exhibit a crystallographic orientation relationship with the 
matrix as in the case of a Widmanstatten product (49) .
2*5.3. Semieoherent Interfaces.
Cohen (70) proposed that because of the matching 
difficulties two crystal structures that are semieoherent will 
generally take the form of a plate embedded in a matrix. If the 
atomic spacing of interfacial planes of the matrix and precipitate 
are different, but the atomic arrangements are similar 
semicoherenoy will result. Under these conditions mismatch or 
disregistery ( <S ) exists between that two lattices which 
Turnbull (75) defined by:
s\
where a is the atomic spacing of the indicated plane. To
accommodate this misfit of the two lattices dislocations may be
«
inserted along the interface, giving a cross grid of dislocations 
of the type discussed by van der Merwe (76) • Disregistry 
becomes predominent in precipitates which reach a critical size 
after having initially been in a condition of forced elastic 
coherence.
Two types of semieoherent interface have been 
identified by Christian (77) > epitaxial and martensitic.
Epitaxial matching suggests both structure have 
identical atom configurations in planes parallel with the habit 
plane. The density of lattice points in these parallel lines are 
different in the two structures and the slight differences in 
spacing and angles have to be accommodated by interface disloca­
tions with Burgers vector in the interface plane. The habit 
plane is the glide plane so that dislocations must climb in 
order to displace the boundary. The motion of the dislocations 
is therefore nonconservative (78) and requires a continuous flow 
of atoms to and from the boundary region. Fig. (14) shows a 
simple epitaxial semieoherent boundary containing edge dislocation 
which allow movement of the boundary towards the top of the diagra: 
by climb. The density of equivalent lattice points in planes
S I
parallel with the habit plane is different in the two structures. 
This type of boundary has been discussed by van der Merwe (7&) * j 
Brooks (74) , Smith (67) and Christian (45) (38) •
Christian (77) suggests that a more general boundary of this 
type is obtained by combining two or more sets of nonparallel 
interfacial dislocations each having a Burgers vector in the 
habit plane. The whole dislocation content may then be replaced 
by a crossed grid of edge dislocations, giving the type of 
boundary discussed by van der Merwe (7&) •
Barrett (49) suggested that expitaxial semicoherence 
might be expected when one cubic phase precipitates from another 
of nearly identical lattice spacing. At present no direct 
evidence has been found to confirm the existence of such 
boundaries in metallic systems.
The first direct evidence for expitaxial interface 
dislocations was presented by Delavignette et. al.(79)> Matthews (8c■ 
Cross grids of dislocations were observed to be present in 
chromium bromide with an unknown overgrow and a PbS/PbSe sandwich 
respectively. These observations confirm the presence of eXpitaxia 
interfaces, but there is still no evidence for their existence 
in solid/solid transformations.
Christian (38) has recently considered semieoherent 
interfaces characteristic of martensite. The basic concept of 
the phenomenological theory of martensite formation will be j
discussed in section 2.6. j
Christian (38) suggests that the lattice invariant j
shear may be achieved by the glide motion of a set of parallel |
II
dislocations lying in the interface and moving with it. The slip I
I
planes of these dislocations are corresponding planes in the two I
structures and meet edge to edge at a small angle to the
I
interface. The dislocations along the line of intersection !
|
of the slip planes define an invariant line of lattice deformationrj
I
A schematic diagram of a martensite interface is shown in Is
I
Fig. 15 , The dislocations are shown as pure screws for j
simplicity. The habit plane is irrational, in the general case, j
Iso this type of interface must be regarded as stepped or |
interlocking on an atomic scale. If the semieoherent boundary 
is displaced normal to itself, through a volume of parent phase, 
the motion of the dislocations would be conservative, hence 
glissile (78) • A similar interfacial structure is generated 
if the fine struoture of the martensite is twinning (81) (82) or 
faulting (83) •
Christian (45) has proposed that a general type 
of semieoherent boundary might contain sets of nonparallel 
dislocations, with nonparallel Burgers vectors* Motion of such 
a boundary could involve climb of some dislocations and glide of
others, so that it would be a combination of the epitaxial and
simple martensitic type discussed above*
2*5*4. Interfacial Energy.
In the case of a liquid the surface tension is 
numerically equal to the surface free energy when both are 
expressed in corresponding units, but this equality does not 
usually hold for solids (84) * The surface free energy and 
surface tension have been found, by ShuttiLeworth (85) , 
by the application of the principle of virtual work, to be related 
according to the following equation:
’yj .n » / dE \>, = P + A (— )
where ^  is the surface tension and A the area of surface. It 
is mathematically possible to replace the free energy/unit area by 
a force/unit length acting parallel with the interface. This 
fictitious force has the same physical dimensions as interfacial 
energy, hence the same numerical magnitude. The virtue of this
concept lies in the convenience for calculations. The total
excess energy of interfacial atoms, due to their abnormal structural I
*
arrangement have been called by Hess (68) the interfacial energy 
and the specific interfacial free energy has been defined as the 
increase of free energy of a system/unit increase of interfacial 
area under conditions such that the new interface has a minimum 
energy configuration, the latter being important for solids.
Therefore surface or interfacial tension is the virtual force,
■; - | 
equivalent to the specific interfacial tension. j
Practically a real physical force in the surface skin j 
of a solid exists and this has been considered theoretically by 
Shuttleworth (85) • Harker and Parker (86) proposed that 
grain boundary tension is the driving force leading to the growth 
of crystallites in metals. It is this effect which has been 
considered by Turnbull (75) to give a chemical contribution to 
the overall interfacial energy of a solid phase in a matrix.
Turnbull (75) proposed that for a given temperature, 
relative orientation, and boundary plane, the free energy of an 
interface between crystal phases a and (3 is the resultant of 
a chemical and structural term. The chemical component of the 
interfacial energy can be estimated using the nearest neighbour 
hypothesis of Becker (87) if the crystal structures of the parent
<S4>
and product are identical in symmetry and lattice parameter.
Turnbull (75) considered that if a and (3 designate the
particular atomic species then at 0°K :
E = the energy of an aa bond,aa
Epp * the energy of an (3(3 bond.
E^p * the energy of an af3 bond,
then the interfacial energy between a and (3 at 0°K is :
E°0 • nS W  - ♦ Epp)i
where ng = number of atoms/unit area with one interfacial atomic
plane Zg = the number of <x|3 bonds/atom of a or p in the
a£ interface. The energy of solution/grm atom &E° of £ in an
infinitely dilute solution of p in a is AE° = Nz, [E Q -4-(E +Efl,r lu ap ^v aa pf
where N = ' Avogardos Number; = coordination number of
nearest neighbours with the crystal lattice.
Hence interfacial energy, chemical contribution becomes
E°0 • n M )
Nz
The structural part of the surface energy of coherent, 
semieoherent and incoherent interfaces may be considered in the 
same way as the energy of high and low angle grain boundaries. The 
energies of some simple grain boundaries have been calculated by
s i
Read and Shockley (88) , van der Merwe (76) and also Brooks
(74) * Read and Shockley’ assumed that the boundary was composed
a
of dislocations and estimated the energy from dislocation theory,
A simple [001] tilt boundary model was examined.
Brooks (74) considered a simple way of deriving 
the main result and this has been discussed by McLean (71) *
The energy of a single edge dislocation per un it length is (78)
2
E = G-b log y + Be
4fl"(l~Y)
where G- « shear modulus; b = Burgers vector y = Poissons ratio;
a* .
2* = distance to which the elastic distortion produced by the 
dislocation reaches; B = the energy in the core of the edge 
dislocation where the distortion becomes non-linear. When a 
dislocation lies in an array forming a tilt boundary the elastic 
strain tends to zero at distances greater than the separation 
between similar dislocations in the boundary $* = h.
i V = eA>
2Hence the interface energy per cm is
G-b © > 1 / © /
E = 35TT-y) 106 U  + /i
E * EQ©(A-log©)
Be
where Eq = |"£(i Y ) and A " 4?r(l-Y) Be
sb
This equation also holds for a twist boundary where
E « and A = 2lrBS
G-b
The treatment of Read and Shockley also leads to such an 
expression, where E^ and A are constants for © if the 
direction of the boundary does not change.
Shockley and Read (88) observed a number of low
Q
energy orientations in a plot of /E0 against © , from 0-90 , 
shown in Fig. 16 * According to the definition used by
Brooks (74) all energy cusps correspond with coherent boundaries
If
so the boundary plane must be rational and lattices on either side
?
are mirror images. The low angle cusps correspond with boundaries
•El
of high index and therefore it is doubtful if the low ~ could
Eo
be detected experimentally. The only cusps of importance are 
those corresponding with coherent twin boundaries. The deep cusp 
at 53° represents a ^210^ twin boundary. Simple tilt boundari 
of this type have only one degree of freedom.
The energy of interphase boundaries when coherency is 
lost is partly that of a dislocation array and Brooks (74) has 
indicated that formulae analogous to the Read and Shockley (88)
grain boundary equation should be valid* If the elastic constant 
differ on the two sides of the boundary if different phases are 
present but with isotropic elasticity then:
b  = * - h )
&2
where the subscripts 1 and 2 refer to the two crystals. Then
the total energy of the array is:
ES = ^o^etA-iog e]
The surface energy of semieoherent interfaces should be small and 
sensitive to orientation and large and orientation insensitive 
for incoherent interfaces^
Since the chemical part of the interfacial energy
was evaluated assuming coherency, it cannot be precisely the sum
of the chemical and structural components* But for small 
mismatch these components have been suggested by Turnbull (75) t' 
be approximately additive:
E E + E ' ap— s c
For the copper silver system Turnbull (75) found 
that the contribution of the chemical term was not so large : 
as the structural term, but its magnitude was sufficient to 
contribute significantly to the overall interfacial energy.
aMBag»««eai
Techniques for the measurement of solid/solid 
interfacial energies have been reviewed by Inman and Tipler 
Hess (68) and McLean (71) .
2#6. Martensitic Transformations*
2.6.1. Historical background
The term ‘martensite* was originally applied
i i!
specifically to the body centred tetragonal phase occurring in 
quenched steels. The name was first proposed by Osmond (90) 
in honour of the German metallurgist, A. Martens. However,
it became apparent that this phase transformation had many features if
I j
in common with transformations occurring in other alloy systems,
III
and even in some pure metals. Generalization of the term was g
f
mainly brought about by the work of (Jreninger and Mooradian (91) | 
(92) on transformations occurring in copper zinc and copper I
aluminium alloys. As a result, the term ‘martensitic 
transformation‘ was extended to cover a particular mode of phase 
change.
During the last decade martensitic transformation 
theory has advanced almost independently in two complementary 
directions; thermodynamics and kinetics on one hand and geometry
(89) :
and crystallography on the other. Unfortunately no quantitative f
link has been formulated at this stage and therefore each is f
usually considered separately. Theories of the geometric and 
crystallographic aspects have been the subject of comprehensive || 
reviews by Bowles and Barrett (93) Bilby and Christian (94) j
Sj -
Mackenzie (95) , Wayman (96) and Christian (45) • ||
Thermodynamic aspects have formed the basis of reviews by Cohen !j|
et. al. (97) , Kaufman and Cohen (98) , Walker and Borland ' i!
(99) Kurdjumov (100) and Christian (45) • I
' .
2.6.2. Definition and Characteristics: ;j
The two most acceptable definitions of a martensitic
’ ' " " ’ I
reaction were proposed independently by Hull (39) and Bilby 
and Christian (94) •
I
I
Hull:- A martensitic reaction is a transformation in the solid j
state from one lattice type to another, resulting from atom |
movements so regular that they produce a change of shape of |
I
the .t ran sformix^; region but during which no atomic diffusion occurs, j 
Bilby and Christian:- A structural transformation is classified 
as martensitic if the atoms on a primitive lattice defined by a 
selected unit cell of the parent structure move to positions on a 
primitive lattice defined by some unit cell of the product structur
4»^
in such a way that the displacements constitute a homogeneous
deformation. This deformation may he different in adjacent small 1
,
regions* 1
From these definitions it is clear that there is a j 
close analogy between a martensitic transformation and mechanical j
■ Htwinning, which infact may be considered as a special case of j!
r ;
martensite (94) • H
The major characteristics of a martensitic transforms-'« 
tion in a polycrystalline material are: 1
(i) The reaction is displacive, involving no diffusion or 
atomic interchange, consequently there is no change in chemical j 
composition.
(ii) The product frequently has a lenticular or needlelike 
appearance.
(iii) A strict crystallographic relationship exists between the 
martensite product and the parent grain.
(iv) The habit plane is determined by the condition of least 
microscopic strain along the shear interface, so that it is 
generally irrational.
(v) Fiducial lines on prepolished surfaces are sheared over
j
and tilted out of the original plane of polish.
(vi) The product is ordered if derived from a parent phase 
which is ordered.
(vii) Individual plates form in a very short time even at low
c
temperatures (10 cm/sec) , except for a few alloys where 
isothermal growth is exhibited.
(viii) Transformation begins at a temperature M , which iss
independent of the cooling rate.
(ix) Plastic deformation may induce transformation at 
temperatures above the *
(x) There may be ho temperature hysteresis between the 
reversible heating and cooling transformation (M -A ) .S 3
2,6.3» Surface Relief.
The surface relief or shape deformation produced 
by the formation of a martensite plate infers that the parent 
to martensite transition, is the result of an affine transforma­
tion. The shape deformation can be deduced from the observed 
displacement of fiducial reference lines inscribed on the 
parent phase before transformation.
The martensite plates tilt about their junction plane 
with the matrix (habit or interface plane) and this plane is thus 
unrotated as a result of the shape deformation. The continuity
fay.
of scratches observed at a martensite/matrix interface suggests 
that the habit plane is not distorted significantly* The 
interface must be an invariant plane of the total deformation 
(94) and since it is generally impossible for the two lattices 
to be related by an invariant plane strain it follows that the 
total shape deformation and lattice deformation are not identical 
(94) (96) . When this occurs it is not always possible to 
describe the atom movements in detail.
Theories of the crystallography of martensitic 
transformations are based mainly on the assumption that the 
homogeneous lattice deformation has to be modified to give an 
interface of zero average shape deformation. The adjustment of 
shape deformation enabling two phases to meet at an interface 
can be brought about by any mode of plastic deformation (94) • 
Such processes have been discussed in Section 2.5.
These general principles underlie the phenomenologica 
analysis of martensite theory proposed by Weschler Lieberman and 
Read (101) and Bowles and Mackenzie (102) . The treatment 
cannot predict a detailed picture of the way in which atoms move . 
between states, only the result,
Wayman (96) i*1 a review of the phenomenological
theories has shown that the shape deformation resulting in the
formation of martensite may be described by three mathematical 
entities
Shape Deformation - R. B. P. 
where R = a rigid body rotation
B » lattice deformation or Bain correspondence,
P ts a simple shear
The lattice deformation B is a homogeneous deformation which 
converts unit cells in a small volume of parent structure into 
unit cells of the product. The combination of simple shear with 
a lattice deformation results in a microscopic deformation in 
which one plane remains unrotated and undistorted* The rigid 
body rotation allows the bringing together of the invariant 
planes* The fine structure which may arise from twinning,slip or 
stacking faults of the product lattice occurs as a result of the 
shear component. The direct observation of secondary markings in 
martensite plates (96) confirms the existence of a fine 
structure. The density of the resulting fine structure causes 
variation in the habit plane (103) • The habit plane, shape 
deformation and orientation relationship can be predicted from the 
phenomenological theories.
4U
2.6.V. Nature of the Martensite Transformation in the Copper
Zinc System,
G-reninger and Mooradian (91) reported that, during 
a study of transformations occurring in metastahle p* phase 
copper 39.2^ zinc alloys obtained by quenching, the p 1 phase 
subsequently transformed on cooling to liquid oxygen temperatures. 
The characteristics of this product were observed to be as follows
(1) Markings across grains in the form of needles or plates.
(2) Markings were obtained only on cooling.
(3) there was no critical temperature for the formation of
markings during cooling,
(4) These low temperature markings were visible by virtue of
the relief effects which their formation imparted to a 
prepolished surface.
X-ray analysis allowed G-reninger and Mooradian to 
suggest that the structure obtained was face centred tetragonal 
with a or ^l66^p , habit plane. Subsequently it was
concluded that this product formed as a result of a martensitic 
transformation,
Isaitchev and Miretsky (104) , G-anenko and Zempu 
(105) , and later Titchener and Bever (106) observed that, 
in contradiction to the observations of Greninger and Mooradian
t?
(91) , the martensitic transformation in the copper/zinc system 
on subzero cooling is initiated at a fixed temperature, M .
The results of Titchener and Bever (106) were obtained using 
resistivity measurements and it was concluded that over the 
composition range 37*84 to 3^*34 at.$ zinc the Mfl temperature 
decreases from — 20°C to -131°C • These values for the M ,
5
correlate well with those obtained by Ganonko and*Zempur
(-178°C for a 40*83$ zinc alloy) and Isaitchew (0°C for a
37*3 at,$ zinc alloy to -200°C for a 41*3 at.$ alloy) •
Titchener and Bever (106) also observed that the temperature
hysteresis* between the M and A temperatures, was small, never
s s
greater than **15° C * As a result of this it was concluded that
the martensite was thermoelastic in nature.
Recently a comprehensive investigation has been
carried out by Pops and Mas sal ski (107) to determine the effect
of zinc concentration upon the M temperature of the copper/zinc
8
system. The techniques adopted were optical metallography,
employing a cryogenic stage (108) , going down to liquid helium
temperatures, differential thermal analysis and resistivity. The
M_ temperature was determined for a range of composition alloys a
and Pig. 17 shows the variation of M fl temperature with zinc 
content. For a given composition, a martensite burst start at a
temperature o c c u r r e d  a t temperatures below the . .M . .
The M and M_ are lowered by increasing zinc concentration, 
s B '
although the M falls more rapidly so that the difference *
s
(M "*Mt1 ) apparently increases* The data obtained by
S B  S
Titchener and Bever (106) is also included in Fig, 17 •
Their Mg temperature values correspond closely with the 
values of Pops and Massalski (l07) • The latter investigation 
showed by comparison of metallorgraphy with resistivity measuremen 
that it was not possible to detect the M by resistivity changes 
and therefore the values obtained by Titchener and Bever (106) 
were associated with the ’burst* phenomena*
The observed increase of the Mg temperature with 
decreasing zinc content is consistent with the analysis of 
Jones (24) 9 discussed by Kunze (109) • Consideration of the 
various energy contributions to the shear modulus 2(C1X-C12) , 
shows that the p* lattice could not exist at low temperature 
without a Fermi energy contribution, section 2,1,3*
Decreasing the concentration of valency electrons causes a 
corresponding decrease in the Fermi and Coulomb energies 
stabilising the p* lattice, so causing the Mg temperature to 
increase, Kunze proposed that at 37*5 at.$ zinc the M 
point would occur at room temperature.
Optical metallographic observations of progressive i 
surface tilting during the growth of martensite have been 1
reported by G-arwood and Hull (110) Hull (132) and Pops 
and Massalski (107) • The results of G-arwood and Hull (110) 
and Hull (132) revealed that the martensite formed initially i- 
as thin plates which, on decreasing the temperature, gradually J. 
thickened to give a characteristic zig-zag array shown in Pig# 18
These plates were parallel bands and frequently were found to j
" ' \\ 
intersect at an acute angle and for a given array the surface tilt-:
(•
were in alternate senses for alternate plates# j
Similar results were obtained by Pops and Massalski j 
(107) , except that they separated the formation into two stages# I
. IInitially upon cooling sets of parallel needles of transformation | 
product formed at the critical temperature, M « They suggested I
I
that these needles were in fact plates, but it was not made clear j 
if they were, perhaps, lath-like in shape# These needles were j
Ifound to grow or shrink as the temperature was lowered or raised# I
I
The temperature hysteresis associated with this reversal was less I 
than 2°C • Hence the product formed at this stage was considered
Ias a typioal thermoelastic martensite as discussed by Kurdjumov j 
and Khandros a n )  and Cahn (112) .
7o
On cooling below the M large quantities ofs
martensite were observed to form rapidly in characteristic *bursts
This allowed the reaction to go to completion and partitioning
occurred. The final structure was similar to that reported by
Garwood and Hull (110) and had a temperature hysteresis of
15°C similar to that reported previously (106) • Pops and
Massalski (107) confirmed by X-ray analysis that plastic
deformation of the |31 matrix resulted from cycling through the
Mg temperature. This presumably arises from accommodation
deformation of the matrix described by Christian (38) (77) *
Machlin and Cohen (113) observed a similar *burstJ
phenomenon in iron 2 5 % nickel alloy, where again the Mg was
below the M temperature, so that the amount of prior transforma- 
s
tion product was small. Subsequently this has been confirmed to 
occur in high nickel iron base alloys by Bokros and Parker (114) 
and Brook and Entwistle (115) • Bilby and Christian (94) 
suggested that the ^burst* is due to one martenite plate assisting 
in the nucleation of another plate near to its boundary, so ihat 
the whole process is ’autocatalytic1 in reaction and may be 
compared to a chain reaction.
Recent thin foil electron metallography has allowed 
further investigation into the structure of the martensitic produc
obtained during subzero cooling of J31 copper/zinc alloys.
Jolly and Hull (116) carried out such observations on a 39$ 
zinc alloy and found that the martensite plates had extremely 
straight and clearly defined interfaces with the matrix# These
zig-zag arrays of plates were found to contain a high density of (
y o
internal striations which had a spacing of about 25 A . This
internal structure is presumably derived from the inhomogeneous
shear component of the phenomenological theory. Similar
observations of internal structure were made for copper 12$
aluminium alloys by Kelly (117) and Warlimont and Wilkins (118)
and in copper gallium zinc and copper zinc by Delaey and Warlimont |
!
(119) and Warlimont (6l) •
2.6.5# Crystallographic Aspects.
Greninger and Mooradian (91) proposed that the 
martensite plates had a habit plane between *{l66} ^  and (l55}p • 
Garwood and Hull (120) (110) , using two surface analysis technique 
were able to show that, for a 38.73 wt.$ zinc alloy, a more 
accurate value was given by the indices {2 11 12}^ • In an 
acute angled •V* pair of plates the poles of the two inclined
planes were found to be 14° apart, lying on opposite sides of 
a (Oll)^ pole. Therefore they suggested that the two variants
of the martensite plates associated with a specific (011)^ i
interface plane were (2 12 11) and (2 11 12) * Pops and j!
Massalski (107) using the single surface technique described by f 
Bowles (121) investigated the effect of zinc content, over the 
range 38*55$ to. 41.49$ » on the habit plane. For each alloy } 
the determined habit plane was close to the ^2 11 1 2 ^  pole show 
in Fig. 19 ♦ The theoretical variation of habit plane with
' - I
zinc content was also calculated using the method described by |
I
Wechler, Liebermann and Read (101) • But the experimental |f
scatter was found to be of a similar magnitude to the variation 
of habit predicted from the analysis This is consistent with j 
the observations of Otte and Read (122) , who found that a
■ ' I
unique solution for the martensite habit plane is never obtained, j 
presumably because of the variation of stress distribution in the j
sI
matrix as the transformation proceeds. The variation of the (
habit plane away from the ^ 1 1 0 ^  pole is consistent with an
increase in fine product, resulting from the inhomogeneous shear j
component, on increasing the zinc content. Such an increase in
• ■ . f
fault density might be expected from the observed decrease in j
stacking fault energy of a phase alloys with increasing zinc j
content, section 2.11,3* Since the martensitic transition
in copper/zinc alloys may be considered basically a b.c.c. ^  f.c.
73
transition, the face centred orthorhombio being a derivative of 
the f.c.c. cell, comparison of the habit plane is made with 
similar transformations observed* These are shown in Table 1 
and it may be seen that these all have habit planes which are
 ^ The product of the martensitic transformation of an |
I!
alloy containing 39fo zinc plus 1% of lead, iron and tin J
impurities has been reported by Bassi and Strom (123) to be
i
face centred tetragonal. A similar structure has been reported f'}
by G-reninger and Mooradian (91) and Hornbogen et al* (124) j 
for the martensitic phase induced by deformation of metastable p® 
in which a = 3,774 °A and °/a = 0*943 • In each case the X-ray j 
powder patterns obtained were only partially explained by the 
tetragonal structure. Earlier attempts to analyse the martensitic
I
structure by aingle crystal methods were not successful because of I 
the inability to induce single interface transformations in the |
parent jSP phase, similar to those observed in other alloys (123) \ 
(126) , A significant advance was made by Kunze (127) towards 
the solution of the structure determination of this martensitic j
product, results were reported using a single oscillating crystal j
$5
X-ray technique. The specimen used consisted of a pseudo- I
irrational and lying close to the pole
monocrystal of martensite produced by cooling single crystals of fM
\
in the form of a wire with the [110] direction parallel with j
the wire axis, in liquid air. On the basis of this X-ray analysis 
Kunze reported the presence of two coexisting crystalline forms; 
a transition lattice |3i with a face centred monoclinic unit cell
i
(a = 4.127°A 8 = 4.214°A c = 2.87°A y =  79.82°) and a
superlattice |3 * * with a triclinic cell. However, the calculated J 
reflection positions and the observed X-ray data do not correspond f  
well. Following this Masson and Govila (128) observed the
I
diffraction traces produced by polycrystalline copper 59*8$ zinc 
alloys at 77°K, and copper 14*12$ aluminium 20$ zinc at 300°K,j 
using a X-ray diffractometer technique. Gallium raises the M
s
temperature above room temperature so allowing easier working 
conditions. The two sets of results compared favourably but no 
conclusion as to what type of unit cell produced these, was given.
J-
But it was suggested that the results did not support the j
Ii
structure proposed by Kunze (127) • f
Garwood and Hull (12 0) concluded, from the appearance 
of streaks on X-ray Laue photographs, that the martensite formed ! 
on subzero cooling 39$ zinc |3 brass had a layer like structure, f 
faulted planes. These planes were suggested to arise from a I
twinning mechanism,but because the matrix was ordered it was I
proposed that a periodicity existed in the stacking giving rise to j
. s
is i
polytypism. These basal planes had principle directions at |j
60° + 2° to one another and it was suggested that they were 
derived from a j^ lio] ^  which undergoes a 4° + 1 rotation,
Jolley and Hull (ll6) suggested that the internal faulting, 
directly observed in thin foil electron micrographs, was the result 
of twinning although this could not be confirmed unambiguously | 
from the diffractioft patterns. They proposed that the structure
was orthorhombic with a cell size of a = 2,670°A , b = 4«270°A
o ^and c = 4.460 A . The observed X-ray diffractometer reflections \
were indexed on this basis, but complete correspondence could not
be obtained between the observed and calculated values. From the
selected diffraction area the following orientation relationship
between the martensite and p matrix was proposed (116):- j
(101)^ 4.0° + 2° from (ill) mart. ■'"■■■ j
(Oll)p 10.0° + 2° from (ill) mart.
(I10)p 7*0° + 2 °  from (010) mart.
The {ill} mart twinning.plane was found to be 6 + 4° from the Ilf 
A theoretical analysis, based on the b.o.c. f.c. I
' f:
orthorhombic transformation, was carried out by Jolley and Hull |
i
using the procedure described by Weschler Lieberman and Read (lOlj 
The results from these calculations are compared in Table 2 with
7L
their experimental observations, and also those of Garwood 
and Hull (120).
Recently Warlimont (129) using a selected area 
electron diffraction technique confirmed that the structure of 
martensite obtained in copper gallium zinc and copper zinc was 
orthorhombic, but suggested that the internal structure was 
derived from faulting (stacking faults) and not twinning. It 
was proposed that the structure consisted of a stacking sequenoe 
of the type
ABCBCACABABCBCACA 
giving a unit cell of a « 4.417°A , b = 2,665°A and C = 36*29°A 
for the composition range 38-41*5 at.^ zinc. Such a structure 
is dependant upon very regular stacking sequence.
Basically the structure of martensite in j3f brass 
is a faulted face centred cubic structure, but at present no 
correlation between fault density and composition has been made 
for these quenching martensites. This would then permit 
correlation with values of stacking fault probability for a brass 
discussed in section 2.4*3*
2.6,6, Spontaneous Transformation:
During electron microscopy investigations in thin
foils of a copper 39$ zinc alloy, Hull (130) observed spontaneous 
transformation of the thinned foil edges, less than 1250°A.
The product obtained was concluded to be martensitic. The most 
significant features associated with this transformation were:
(1) in thin foils the brass transforms to a f.c.c. rather th& 
the f.c. orthorhombic structure obtained in the bulk material, 
but internal faulting was observed,
(2) the lattice parameter of 3.75°A corresponds to a
i
supersaturated product when compared to parameter values obtained j 
by Beck and Smith (13) ,
(3) the transformation occurs at temperatures above the M , !a
(4) there was no definite habit between the martensite and j 
matrix. . j
Similar observations of this type, have been made by 
Ball and Smallman (131) in the gold zinc system. The raising of 
the M o on thinning specimens has also been observed in iron 30$
S  :
nickel by Hull (132) and also Warlimont (133) for iron base } 
nickel manganese alloys. The increase in the M is generally 
attributed to the removal of bulk constraints during thinning, 
but it is possible that the product is of the massive type 
discussed in section 2.9.
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2.6,7. Deformation Martensite.
It has been well established that deformation may 
induce martensitic transformations at temperatures above the M g 
in alloy systems.
G-reninger and Mooradian (91) observed markings on 
the surface of deformed metastable |3 copper 40$ zinc alloy. Such 
markings had previously been considered to be mechanical twins, f 
but X-ray analysis showed the structure to be face centred 
tetragonal, with a habit plane of {155} - (166}. On removal ■
of the applied stress, the transformation was reversible. This 
supports the theoretical considerations by Laves (134) who 
showed that (ill) twinning shears in ordered B2 lattices j
leave the atoms on •wrong* sites. After such a shear the A an<j!
B atoms constitute an ordered tetragonal structure Fig. 20 . j 
A subsequent investigation, Cahn and Coll (135) supported the j 
proposals of Laves.
The investigation of Reynolds and Bever (136) into 
deformation of a 39.71$ zinc alloy confirmed the findings of 
&reninger and Mooradian (91) • It was proposed that the product; 
formed, was a typical thermoelastic martensite. Further support 
was offered by Barrett (137) measuring impact hardness values 
of pf brass over a wide range of temperature -200°C to 500°C and ?.
was confirmed that twinning was not present. Impact hardness 
values increased below room temperature and it was suggested that 
this resulted possibly from martensite formation, Perryman (138 
also found that the elongation decreased, in similar alloys, 
during impact tensile testing below room temperature.
Binary (3* phase copper-zinc alloys from 39*73 wt $ 
zinc were observed by Massalski and Barrett (139) to transform 
during cold working at room and liquid helium temperature. X-ray 
and metallographic techniques were used to detect the transforma­
tion. The amount of transformation product increased with 
increasing zinc content and the structure change from f.c.c. wit 
stacking faults to c.p.h. with faults. (3* brass specimens of 
compositions below 50 at.$ zinc were severely cold worked and the 
upper temperature limit of the martensite formation, , determin 
Pig. 21 shows the values obtained and the slope of this line, 
denoting the temperature decreases at 47°C/wt,$ zinc. The
slope of the line is similar to that of the M g line.
Hornbogen et al. (140 ) observed that metastable (3* 
undergoes a martensitic transformation when deformed over a 
specific range in tension. The transformation was started at 
18$ elongation and the reaction to form acicular martensite was 
completed at 40$ • The product formed above this value was not
acicular but of irregular shape and found to be f.c.c. in
structure. This has been discussed in section 2.9 4 The
acicular martensite formed between 18-40$ elongation was shown
by X-ray analysis to be face centred tetragonal with a lattice
parameter a = 3*72°A • The structure was suggested to be of o
the L1q type (CuAu) •
During a recent investigation of crack initiation 
during the fatigue of (3* brass, Clark (141) observed the 
formation after fatigue at 77°K , of ai&„ platelike transformation 
product, having a habit close to ^2 11 12^^ • This was suggested 
to be deformation martensite,
2.6*8, Isothermal Martensite,
At present there is no reported literature on - 
isothermal martensite in the copper-zinc system. Infact 
theoretical considerations by Walker and Borland (99) imply 
that in alloy systems where the thermal hysteresis is small, no 
isothermal martensite may form, as this product would be 
restricted to such a narrow temperature range that it would not be 
detectable. It was proposed that isothermal martensite would only 
form in alloys with a large thermal hysteresis. This concept is 
supported by observations of isothermal martensite growth in iron
nickel alloys by Yeo (14-2) (143) and Cech and Holloman (144) * j
■ • ■ ■ ■ ■  '
2,6,9, Driving Force For Martensite Formation: j
 ^ :■ ....  - 'j j
In order that a volume of austenite (here austenite is
used as a general term) should -transform to martensite, it is
/ A  •
necessary that the associated chemical free energy change ( &G-
O  ';.
be negative. Fig, 22 shows hypothetical free energy temperature
■ '  |  j
relations for austenite and martensite. At temperatures above ;j 
T , Cr ^ ) G- ^ and transformation cannot occur, where as below T N
O C C o
chemical free energy is available for the reaction, T is the -I
O .j:!
i
temperature at which martensite and austenite are in equilibrium, j
y
Experimental determination of Tq is usually made by closing the 
thermal hysteresis by plastic deformation (143) • Practically 
it may be calculated from -|(A -M J (98) .
S  S  ..;.j
:lt
Although the change in chemical free energy is 
favourable below T no martensite is produced until the M
O  r  S
temperature is reached. At this temperature the available chemical :
A ]y[ : !
free energy is &G- and this represents the chemical driving0 I
force,
In order that the martensite plate should form it is
A Mnecessary for overall change in free energy & W  to be j
negative, \
j\. hnwhere ,Gr is the nonchemical free energy arising fromno
the surface and strain energies*
For a lenticular plate of radius r and semi-thickne 
C, where r ^ C  $ t h e  interfacial free energy is taken as
A M _  % 
t = 2 .ir r
where <f is the surface energy calculated using the dislocation
A &  ss . * S  cal/particles
interface model described in section 2.5*3*
The strain energy takes the form
^  A-* M _ ^  ^  c2a = 7r p C (A^/r ) cal/particle
s
Thus ATtrA**M . 2_ , - A-*M 0 -2/ 2r C A f  + 2 irr ■( + w*r C A .
■A* lyl jyj 2*
where A f  = AG- ^  = chemical free energy change/cm of
V
martensite formed.
This energy balance may be used to explain the 
formation of thermoelastic martensite. As mentioned in 
section 2.6,4* copper zinc alloys have a small thermal hysteresis 
and the martensite plates do not achieve full size immediately, 
but grow during cooling. Therefore the driving force available 
must be small (98) • The restraining must be due to the stored 
elastic energy, surface energy effects will be small because the 
plates are part formed (98) , and further growth can only occur
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by increasing — AG- by lowering the temperature. Unlessc
strain relaxation can occur, raising the temperature will cause %
the plates to decrease in size. Under such conditions it is
suggested by Kaufmann and Cohen (9B) the A will be below the I
s J
•. j
M . Therefore a thermoelastic balance occurs between the chemical s
free energy and the elastic strain energy. Applied stress affects
this balance by allowing growth of favourably oriented plates which
will revert to their normal size when the stress is removed, i
In addition applied stress alters A G  to allow formation of tc
martensite above the M or even at the T temperature,s o - ;
2.6.10. Nucleation,
The low resistance of the (3 phase of the copper zinc
system to (Oil) [OlX] shear, discussed in section 2.1.3 , led
'' '
both Warlimont (129) and Kunze (127) (109) to suggest that 
the nucleation of martensite is most probably based on a shear |
mechanism of this type. This could employ the general basic 
transformation mechanism proposed by Burgers (146) , involving 
the transition of (Oil) planes by appropriate shears + [Oil] b.c.Ji 
into the final stacking sequence of the respective crystal [j
structures appropriate distortions 0. s 70° 32* jZL - 0  c.p.hjD C C ICC 1
a 0 orthorhombic 60° into close packed planes (ill),, * (00.l) j
(nm \ * *C * C*P^ |
' ort.horhombic respectively. |j
I
These relationships are illustrated in Fig* 23 •
The dislocation reaction required to supply the initial 
amount of transformation shear has heen discussed hy Cohen (147) 9 
in terms of partial dislocations on foil^- planes in the b.c.c* 
lattice where
a/2 [111] a/8 [Oil] + aA  [211] + a/8 [Oil]
It was suggested that the a/8 [Oil] gives rise to a fault in 
the b.c.c. lattice which results in atom positions similar to 
those close packed lattices* The transformation is complete 
when additional dilation in [Oil] and contraction in [100] 
complete the packing sequence* Shears on successive planes 
produce an f*c.c, structure whereas those on alternate planes a 
c*p*h* structure.
This type of shear mechanism is also supported by the 
single interface transformation, reported by Kunze (127) *
Hence Warlimont suggests that the thermoelastic needles or plates 
initiated at the Mg temperature are nucleated by a (110) [Oil] 
shear, whilst as suggested by Pops and Massalski (107) the 
burst at the is associated with an 1autocatalytic* process#
2.S.11. Growth
The slow growth of the initially formed martensite 
needles or plates is controlled by the thermoelastic balance 
discussed in section 2.6.9. Removal of this constraint allows 
rapid transformation, this is supported by spontaneous transforma- I 
tion occurring during thinning, observed by Hull (130) .
The propagation of the interphase boundary may be 
accounted for by its glissile nature, since this boundary would
i ^consist of unit dislocations, possibly of screw orientation, which 
become partial dislocations in the martensite plate to stabilize 
the stacking faults# As discussed in section 2.5 such ;j
■J
interfaces move conservatively and growth is easy. The high 
rate of growth associated with the ‘burst1 is consistent with 
measurements of martensite growth rates by Bunshah and Mehl (148) j 
who suggested that velocities approaching the speed of sound were [ 
attained.
2.7. Widmanstatten Precipitation
2.7.1. Introduction: j
Widmanstatten structures are the oldest known examples j 
of crystallographic formations (153) • Widmanstatten patterns 
form from supersaturated alloys and grow from isolated nuclei
forming individual plates or rods in specific cry stallographic 
directions. Each plate or rod grows by a diffusional process g
which ohanges the composition of the environment so reducing
growth. The lattice relations suggest that the planes are j
. : -j
coherent at the nucleation stage, either type of coherency being 
possible , Section 2.5. But Cohen (70) suggests that epitaxial 
coherency is more likely because of the lower energy involved.
The habit plane may be determined by minimum energy conditions j
or growth kinetics* j
i |
2.7#2. Nature of Widmansta’tten a Hods in Copper/Zinc Alloys. j
The rod-like Widmanstatten a precipitate occurring in Jj
the copper zinc system over the composition range 38.5 to 46. 
at.$ zinc has been discussed on numerous occasions. But it 
was not until the classical investigations of Mehl and Marzke (154) 
that attempts were made to determine the important features of
:!
this product.
It has been established that Widmansta*tten a rods 
form from supersaturated |3 under several conditions:
(a) Slow cooling from the all (3 temperature range (154) (155) * !
(b) Isothermal transformation, subsequent to quenching from | 
the all j3 temperature range, to temperatures above a certain minimum:!-
^7
Weerts (156) and Marz&e (155) observed plate formation at low
1
temperatures in a 39*6 at.$ zinc alloy, whilst this was later ]i
confirmed by G-arwood (157) section 2.8 !
'A
(c) Quenching from the all p temperature range and tempering 
within the range of temperatures in section (b) .
Mehl and Marzke (154) carried out detailed
investigations on precipitation of this a product from the 
supersaturated p phase under various conditions of heat treatment.
■)j
They confirmed by two surface sectioning that this a product j
formed as true rods or needles and for a common direction a given j
set of rods was not parallel with each other. They also establish^! 
that a furnace cooled 42.0 at,%  alloy gave a rods which were 
larger than those obtained by quenching from the p temperature 
range and tempering.
Subsequent investigations particularly by Sedriks (158; 
have confirmed the rod-like nature of this product. Sedriks (159)j 
observed that the interface planes along the sides of rods tend j
to form flat facets, if a specimen is slowly cooled from the p 
phase field and held at temperature in the a/p region for several 
hours. This observation was taken to indicate the presence of 
low energy interfaces of the type described by Hu and Smith (159)•
Mehl and Marzke (154) observed a tendency for the rods'
to follow one direction preferentially in the p* lattice giving 
rise to a *fir tree1 structure. Haneman and Schrcfder (l6o) 
and Mathewson and Smith (l6l) suggested that these needles align 
on low index planes to give an overall plate shape. But the 
suggestion hy Haneman and Schro'der (l6o) that this plane would 
be a ^llljp is not consistent with observations made by Mehl and 
Marzke (154) that the long axis of a needle nearly coincides with 
a ^111^ p Marzke (155) attempted to determine the plane
along which rods align in a 41*6 at.$ zinc alloy using trace 
analysis. Statistical analysis of the results failed to yield a 
conclusive answer, Marzke suggested that the needles in these 
arrays tended to coalesce into a plate-like structure.
This feature is apparently a characteristic of 
Widmanstatten precipitation since similar observations have been 
made by Smith (162) for copper/tin alloys, Smith and Lindlief 
(163) for copper/aluminium, Aaronson et al. (164) **or titanium/ 
chromium alloys and Street et al. (165) for copper indium alloys. 
This mode of precipitation has been reviewed by Aaronson (l66) •
Mehl (154) has suggested that the alignment of 
needles in copper/zinc alloys along certain planes, may arise from 
the stress introduced into the lattice by the precipitation of the 
first needle. Thus certain planes would be wedged apart in the
%*)
matrix so giving a higher tendency for nuclei formation. As 
needles were observed to frequently align on only one plane 
instead of a family, Mehl suggested this to be an indication of 
a greater strain in one particular direction, but no consideration 
was given to the fact that any volume change during precipitation 
is a contraction.
On the other hand Street et al. (165) observed a 
similar morphology in copper/indium and suggested that this was 
the result of 1 sympathetic nucleation*. Sympathetic nucleation 
has been defined by Aaronson and Wells (231) aS the nucleation 
of a precipitate crystal at an interphase boundary of a previously 
formed crystal of the same phase, when the matrix and precipitate 
differ in composition. At the precipitate/matrix interface the 
supersaturation would be small. But it is suggested that the 
greater dependence of the rate of nucleation of interfacial free 
energy, makes the interface a more favoured site for nucleation 
than the more highly supersaturated matrix situated at distances 
away from the precipitate.
The specific value of the interfacial energy of the 
product/matrix boundary and between the nucleus and precipitate 
crystal against which it is sympathetically nucleated are 
dependent upon the orientation of the boundaries. Hence Aaronson
9o
and Wells (231) suggested that the interfacial free energy 
which a nucleus must obtain by statistical fluctuations will be 
lowered and the rate of *sympathetic * nucleation will be a 
maximum for a critical orientation. It was suggested that this 
mechanism could explain the build up of regularly formed aggregates 
from small crystals.
Smith (l68) suggested that branching occurs in
systems when the nucleation rate is low, but that in the two
dimensional section the connecting lines of these branches are 
not always revealed, G-arwood (167) kas suggested that 
nucleation of rods in copper/zinc alloys is heterogeneous and 
therefore slow compared with the formation of a plates in 
aluminium/zinc alloys. Therefore from the proposal by Smith it 
is likely that branching in this system would be expected.
2.7.3. Crystaliographic Aspects.
It is well established that a rods formed by slow
cooling or isothermal transformation are f.c.c. in structure (49)
(157).
Mehl and Marzke (154) using a single surface trace 
analysis determined that the a needles formed on slow cooling or 
tempering lie close to the { i l l ^  direction. But it was found
?/
that the true axis was closer to a <556 > direction. Such a
direction shows three variants grouped around a given 111
pole on the stereographic projection and could account for the 
small angular deviations of rods with respect to one another.
Using a trace analysis technique both Weerts (156)
This has been confirmed by Sedriks (158) . It was shown that 
the two lattices obey lattice orientation relationships which 
fall between two definite limits:
The former is a variant of the Kurdjumov Sachs relationship
This direction corresponds closely to the growth direction.
Mehl and Marzke (154) measured the irregular 
outline of the a needles formed during precipitation and 
suggested that the interface does not correspond with any single 
low index plane. Hu and Smith (159) investigated the
and Marzke (155) obtained the orientation relationship of 
a rods with respect to the p matrix:
[01l]a // [lll]p and [011]a //
(lll)a // (011)p and (I00)o // (I0l)p
while the latter differs from it by a rotation of 5° about 
an axis delineated by the close packed direction < 0 U >  // <111>
■ ^
interfaces formed between a and p* brass in a 38.43 at,$- 
zinc <alloy deformed 65%> and heat treated at 700°C and also 
a 2*.1.78 ati$ zinc alloy slowly cooled from the all (3 temperature 
range. They found that in the case of the deformed specimen flat 
facets developed on the a suggesting that these interfaces 
contained low index planes. But although an orientation 
relationship of the type established by Marzke (155) was 
obtained between the a and (3 phases no specific interface plane
was identified. Similarly for the slowly cooled specimen two |
j
surface analysis showed a pole for the interface plane close to, ! 
but not coincident with a ^110}^ plane, Hu and Smith (175) j 
therefore concluded that the energy of the interface is relatively \ 
insensitive to orientation as long as the interface contains close 
packed directions and is planar to minimise surface energy,
Sedriks (158) carried out a serial sectioning 
technique (169) in order to obtain information regarding the 
crystallography of the interfaces. Again a unique solution was 
not obtained. The interface poles were found to be distributed 
randomly along a <klll') ^ zone. When referred to the a lattice ;j 
poles were limited to specific regions of the ^011^ zone.
Most solutions were associated with the ^ 1 1 2 ^  and to a lesser 
extent £oil"^a planes. These results apparently agree with those ]
nof Hu and Smith (159) in that the condition for formation is 
that the interface contains close packed directions ^111^ // ^>110;
CL>
in which the mismatch is only 2.4 • G-arwood (167) suggests
that these results have not yet been explained satisfactorily, but 
indicates that the two dimensional lattice matching theory of 
Prank (170) could be applied in this case.
During resolution of the a phase in slowly cooled 
specimens, following reheating to the j3 range, Sedriks and 
G-arwood (171) observed subgrain formation in the p matrix.
But if the initial a precipitate boundaries were incoherent, 
as a result of precipitation in cold worked (3 , sub-boundary 
formation did not occur. It was suggested that the presence of 
a phase in both specimens eliminated volume change as a factor 
influencing subgrain formation. They proposed that these 
sub-boundaries were derived from dislocations present in the 
original a rod interfaces, which possibly formed by mismatch at 
a spacing of 40 atoms in the interface. These extra dislocations 
then climb into stable arrays to form subgrain boundaries.
2.7-4. Importance of Phenomenological Theories.
Bowles and Barrett (95) suggested that during the 
initial stage of coherence of nucleation growth transformation
similar dislocation mechanisms and therefore similar orientation 
relationships that occur in martensitic transformation are 
encountered. At the time of this proposal the only evidence to j 
support a correlation between martensite and a Widmanstatten ’]
nucleation-growth product was the general similarity of the 
orientation relationships. Subsequently the phenomenological 
theories of martensite formation were developed by Weschler, 
Liebermann and Read (101) and Bowles and Mackenzie (102) .
As these phenomenological theories (101) (102) describe only the 
initial and final structural arrangement of the atoms defining 
the correspondence, such theories should be capable of predicting 
the geometrical features of a diffusion controlled transformation.
Bowles and Tegart (173) investigated the application 
of the martensite phenomenological theory to the precipitation of j 
Cu.Be from copper beryllium a solid solutions which involves a \
v |
transformation from a f.c.c. b.c.c. structure. This
I
particular system was investigated because the phenomemological | 
theory for f • c • c. b. c. c. transformations is established and also ; 
the precipitation of Cu.B© is accompanied by tilting of I
i
prepolished surfaces (172) • It was found that the phenomenologiti
I
theory of Bowles and Mackenzie (102) predicted the correct j
i
orientation relationship and habit plane. As this transformation !
)
\
is accompanied "by surface tilting during the early stages of 
transformation and because of the correspondence present during 
transformation it was indicated that a shear component may operate I 
during the initial stages of precipitation similar to that j
associated with martensite formation* In fact Cohen (70) has: 
proposed that if surface tilting is associated with a Widmanstatte: 1 
transformation then it may be more correct to term it bainitic 
(section 2*8) * This is. further supported by the observations 
in steels where surface relief is associated ?;ith ferrite 
f o r m a t i o n ,  ( 2 0 3  ) (216) (section 2*8) . This was
further supported by tho proposal of Kaufman et al, (174) that the 
was no difference in the mode of formation of ferrite^upper and  ^
lower bainlte In steels.
i
Following the work of Bowles and Tegart (173) , j
Otte and Massalski (175) applied the phenomenological theory j 
to the determination of the Interface planes of Widmanstatten a
I |
rod precipitation in copper/zinc alloys. They obtained a unique j 
solution lying close to a ^2 11 1 2 ^  habit. This suggests that ; 
the interface plane is a lattice invariant. The plane obtained I
G  - C  j
theoretically was found to correspond closely with the measured j
i
value of Hu and Smith (159) * but such a result cannot be |
i
reconciled with the results obtained by Sedriks ( 1 5 6 )  •  i
?L
Hovirever, recently, Garwood (l£>7) applied the 
phenomenological theory to the b. c. c. **$• f . c, c , transformation 
in relation to the bainitic transformation in copper zinc alloys 
(section 2.8) . The stereographic procedure described by 
Lieberman (176) was used. The orientation relationships 
predicted by this invariant plane strain theory were almost 
identical with those observed by Sedriks. These results are 
shown in Table 3 • A feature common to 'both solutions is the 
parallelism between the < Oll> a and a <111> ^ direction.
The poles in solution B , Table 3 , agree with Sedrik1® limits 
[Oil] a // [ill] p // (101)^ whereas in the first
solution, A , there is a difference of 4° between the related 
{1 U } a and {Oil} p planes. As a result of the prediction 
of the correct orientation relationship, by this theory, for 
rod-like a precipitate Garwood (167) suggested that the 
transformation mechanism during the early stages of growth may 
be martensitic in character. This implies the presence of an 
inhomogeneous shear component capable of generating fine internal 
striations similar to those observed in the bainitic product 
(2.8) , but this is considered to be unlikely to occur in view 
of the recent thin foil electron metallographic observations of 
a rods carried out by Warlimont (177) and Garwood (178) •
G-arwood proposed that the basic atomic rearrangement during the 
transformation be considered as a Bain strain plus a lattice 
rotation defined by the analysis, since the inhomogeneous shear 
fails to affect symmetry or orientation, and the Bain strain 
contains an invariant line which was found to lie close to the
<557.) direction. This lies close to the common ^111)^// ^011)
direction and was suggested to be the probable reason for the 
preferred direction of growth being the habit direction ^  556 ^  
of the rods.
2.7.5. Shape of Proipitate Particles.
The external shape cf crystals of Widmansta’tten 
precipitate is generally plate-like so a needles formed in 
copper/zinc alloys are an exception, to this generalization.
Plates and equiaxed polyhedra can also form in alloys without 
altering the lattice orientation of new crystals with respect 
to the old. Barrett (4-9) suggests that the external habit 
can be sensitive to conditions during growth similar to the growth 
of crystals from the liquid phase. A number of possible variables 
may control the shape of particles and several theories have been 
proposed.
Mehl and Barrett (179) argued that if the^ original 
nucleus is plate shaped the concentration gradients around the 
particle will tend to maintain the shape. The steeper 
concentration gradients associated with the edges will tend to 
allow these to grow more rapidly than the broad faces of the plate^j 
A similar argument would apply for rod shapes, Crystallographic 
relationships which determine the habit are considered important 
during the growth. In view of the recent investigations on 
growth rates of ferrite in steels by Spiech and Cohen (l80) 
there is little doubt that diffusion plays an important part in the 
development of precipitate geometry, but this need not be the only 
influence in the shape,
Nabarro (181) (182) and Nabarro and Mott (183) 
assumed that precipitate crystals behave as inclusions of compressec 
fluid enclosed by incoherent boundaries. It was concluded that 
the volume strain energy is taken up by the matrix. The volume 
strain energy of the matrix as a function of the crystal f (C/a) 
was found to be
¥ = 6MV\2f(°/a) .
M = rigidity modulus
V = volume of precipitate crystal
^ = linear misfit between precipitate.
cProm the plot of /a against strain energy Pig. 24 
Nabarro concluded that plate-like precipitates were most favourable 
but rods were more favoured than spherical precipitates. It was 
also concluded that crystals with incoherent boundaries had the 
best opportunity to form plates. Aaronson (166) suggested 
that this is not consistent with the observations of Smith (184)r 
where deformation of (3 prior to transformation of copper/zinc 
alloys causes the a to precipitate as nearly spherical crystals 
and not the normal needle or rod form. Spherical precipitation 
has been considered to result from the presence of incoherent 
boundaries. On Nabarro*s hypothesis a plate form would be 
expected. Surface energy is presumably an important term here 
because a sphere has a lower surface energy than a needle.
Surface energy appears to over-ride strain energy in this case.
Lazio (185) (186) (187) (188) (189) extended the 
work of Nabarro using a detailed mathematical analysis to 
correlate precipitate shape and volume strain energy. During 
the early stages of growth deformation produced by the strain 
energy associated with the transformation was assumed to be purely 
elastic. Lazio suggested that if the elastic shear modulus of 
the precipitate is less than the matrix then 
Wplate ^ Wneedie ( Wsphere
This s equence is reversed if the elastic shear modulus of the 
precipitate is the greater*
Plastic deformation resulting from the strain energies 
developed during the later stages of growth were also considered to 
influence the morphology, so that Lazio concluded that:
(a) If only the precipitate deforms, added atoms give the 
precipitate the least compact shape, a plate.
(b) if only the matrix deforms, a compact precipitate forms, 
a sphere,
(c) If either precipitate or matrix yield, the phase 
requiring the least strain energy will he the one to yield 
giving results of either (a) or (b) .
Unfortunately neither of these theories, either 
Nabarro’s or Lazio’s, consider important structure and interfacial 
energy factors.
The nature of the interphase boundary and interfacial 
energy (section 2.5) must also be considered to influence the 
overall shape of a precipitating phase. If interfacial energy 
alone determined the shape of a particle the transformation product 
would assume the particular shape which minimises the overall 
interfacial energy. But in the case of Yfidmanstatten rods or 
plates this condition is not fulfilled. The shape appears to be
affected by the growth process and interfacial energy possibly 
affects the shape only indirectly through its influence on the 
growth process. Hence under diffusional growth the main role 
of interfacial energy is locally to alter the equilibrium 
composition at curved interfaces, so causing local variations of 
the diffusional driving force;
Shewmon (191) during a recent investigation of 
interfacial stability of solid/solid transformations suggested 
that Widmanstatten needles or rods contain interfaces which lie | 
on a cusp orientation of a plot of surface energy against j
orientation Pig. 16 , section 2.5.4# It was considered that j
only interfaces of this type could remain stable when normal to j 
a strong concentration gradient. In this case the particle j
maintains planar sides but grows at a rate determined by j
solution diffusion. An estimate of the size of cusp needed to 
give the required interfacial stability would be difficult, but 
Shewmon (191) suggested that even at an orientation corresponding ] 
with a small cusp there is an extra nucleation barrier which would
have to be overcome before an interfacial irregularity could form, j
A general theory of morphology was proposed by 1
■ i
Smith (184) based upon the type of boundary present and characteri;il 
tics. The influence of under cooling below the equilibrium j
temperature upon the morphology was proposed as a basis for 
classification. . At small amounts of under cooling coherent 
growth of the nucleus would not occur because the volume free 
energy would not be sufficient to overcome the strain energy.
But at large degrees of under cooling diffusion becomes slower, 
but the free energy change is higher and strain becomes less of 
a barrier so that coherent forms are increasingly favoured. Unde 
these conditions Widman sta#t ten precipitation occurs.
Shear theories have been proposed on several occasion 
to explain Widmanstatten precipitate morphology and growth. This 
has found favour as bainites have been shown to grow by a shear 
process, section 2,8. This implies that the shear nucleus 
would be rod or plate shaped similar to that of martensite, so 
that with diffusional growth the r©d or plate structure would 
be inherited from the nucleus shape.
The successful application of the phenomenological 
theory to confirm the observed features of Widmansta'tten structure 
discussed in section 2,7#^. , in copper/berylium and copper/zinc 
alloys helps to indicate the importance of this concept. It may 
be that this concept could form the basis of a universal theory to 
explain Widmansta*tten relationships and morphology, as suggested
by Bowles and Barrett (93) •
At present no single theory has been presented whioh 
accounts for the shape of a Widmanstatten rod or plate precipitate 
completely, but each theory apparently complements the others to 
a greater or lesser degree. At present the best explanation of 
these structures is possibly given by shear nucleation theories 
followed by diffusional growth in which characteristics, e.g., 
habit plane, etc,, may be derived from the phenomenological theory 
of martensite formation. But for general classification purposes, 
because of the observed surface relief associated with Widmanstatte 
products in a few systems, these products might later be classified 
as bainites, Kirkaldy (190) suggested that a complete theory 
of plate or rod formation must be based upon either the phenomeno­
logical or statistical mechanical theory of irreversible processes,
2,7.6, Stability of Widmanstatten Precipitates,
On several occasions it has been shown (134) (155) 
(165) that when a Widmansta'tten rod or plate precipitate forms 
from a supersaturated matrix, particularly under isothermal 
conditions, the product after long-term heat treatment consists of 
relatively few rods or plates. Such an observation implies that 
the initially formed small rods or plates are taken into solution
allowing large precipitate particles to grow, Aaroneon (166) 
suggests that in the case of Widmansta'tten rods or plates the 
Thompson-Froudlich (193) (194) relationship operates. Therefore 
under these conditions the matrix at the surface of the precipitat 
crystal will he richer in solute the smaller the radius of the 
crystal.
The relationship derived by Cochardt (195) for 
calculating the time required to dissolve a small crystal in the 
presence of a larger one, based on the Thompson-Fraudlich (193)
relationship being:
2 ^
. d RT r f 
' ^ " o
3,6 MyfC
where d » density of crystal, R = gas constant, T = absolute 
temperature, rQ = initial radius of small crystal, f = geometrical 
function 1 , depending upon sizes of crystals and diffusional 
distances, M = molecular weight of crystal, Y = specific 
precipitate/matrix interfacial energy, D = diffusivity of element 
whose transport is rate controlling and C = concentration of rate 
controlling element in the matrix phase in equilibrium with 
precipitate orystal of infinite radius.
Street et al« (l65) found that the times derived 
from this equation compared very well with the kinetics of 
microstructural changes observed for Widmanstatten precipitation
in copper/indium, but it is not made clear how to determine rQ 
for a rod or plate. Presumably the transverse section for a rod 
is used to determine the radius. Apart from this criticism this 
appears to be a useful method of determining resolution times 
for this type of precipitation.
Street et al, suggested that these observations gave 
further support to Cochardt's conclusion that solubility, which 
is directly proportional to and largely determines the concentra­
tion gradient between two crystals of different size, is an 
important factor in determining the stability of a precipitate 
crystal,
2. .7,7 Grain Boundary Precipitation,
The effeet of grain boundary orientation on the 
morphology of ferrite precipitation in steel has been extensively 
covered by Aaronson (196) , At present there is little 
quantitative evidence to allow prediction of the Effect of 
misorientation,between a pair of grains, on the precipitation 
at the boundary separating them. The major difficulties with 
such an investigation being defining the misorientation of a 
grain pair (a boundary can have up to seven degrees of freedom) 
and determination of the type of boundary present. Therefore
I(A
quantitative work would have to be limited to simple tilt 
boundaries in a similar way to the investigations determining the 
effect of orientation on boundary energy and diffusion coefficients 
(sections 2 . and 2.10) •
But it has been established that grain boundary 
diffusion is faster than diffusion in the bulk material 
(section 2.10.4) and also that grain boundaries generally provide 
favourable nucleation sites,because of the reduction of strain 
energy to the overall energy required for precipitation. Hence 
accelerated precipitation would be expected in a grain boundary, 
but little as yet can be stated on the affect of the type of 
boundary, which provides the nucleation sites,has on the morphology 
of the product formed and what is the result of variation, with 
orientation, of easy growth planes and directions into the bulk 
grains.
G-ruhl and Amman (197) attempted to relate the 
thickness of grain boundary precipitation, in copper nickel 
manganese and copper beryllium alloys, to the orientation between 
the grains, but poor correlation was obtained. Cahn (198) 
suggested that this correlation was poor partly because G-ruhl and 
Amman (197) failed to separate nucleation and growth processes. 
Wood and Hellawell (199) investigated the effect of grain boundar;
<6?
precipitation in a copper 44*3 at.$ zinc alloy cast with columnar 
grains having a 110 axis. Specimens were quenched from the 
all temperature range, 600°C, and heat treated at 520° C
for various times. Even so they were unahle to correlate the 
rate of precipitation and the shapes of precipitate at grain 
boundaries, in any complete terms, with intergranular misorientati- 
and the orientation of the boundary planes. But the density 
of precipitate particles, which were suggested to be plates althou. 
no proof to justify this was offered, on a boundary was found 
to be related to the orientation of the grains for low angle 
boundaries of 5° • If the boundary was a (110) tilt boundary 
the nuclei were observed to grow rapidly so that a dense sheet 
of a precipitate formed, implying that the density cannot be 
regarded as a simple function of intergranular angle and number 
of nuclei initially present. Precipitate plates were observed 
to nucleate on the convex side of a boundary and growth of the 
precipitate proceeded not so much by movement into the grain, but 
growth of the boundary towards its centre of curvature, back into 
the grain Pig, 25 * This mechanism was suggested to account 
for the truncated shape of the preoipitate. Such a mechanism 
was confirmed by Brandreth and Hellawell (200) and Hellawell 
(201) using a double etching technique• It was found impossible
to estimate the relative contributions to precipitate growth 
of diffusion along the boundary and the bulk diffusion into the
grains. The controlling factors were suggested to be relative
■ - ■ .■■■■■ t
magnitudes of the lattice and grain boundary diffusion coefficient-I
|
and the effective concentration gradients in the boundaries which i
. j
are directly influenced by boundary movement, |
2.8, Bainitic Transformations.
2.8,1. Historical Background.
Bainite is the name given to the micro structural 
constituent, consisting of an acicular aggregation of ferrite and 
carbide, which is formed in steels by the decomposition of 
austenite over a temperature range intermediate between those of 
the pearlite and martensite reactions. The product was named in 
honour of B.C. Bain, who carried out some of the first quantita­
tive investigations into the formation of intermediate products in 
iron carbon alloys (202) • Bainite forms either isothermally 
by quenching from the austenite region to an intermediate tempera­
ture or athermally by cooling through it. No satisfactory 
model exists at present despite the numerous investigations which 
have been carried out. Ko and Cottrell (203) and Tsuya (204)
established that the bainite is formed from austenite, by a 
nucleation and coherent growth reaction. It was concluded from 
observations of surface tilting that a shear component operates 
giving rise to atom movements similar to those encountered during 
martensite formation. Bainite transformations in iron carbon 
alloys have been reviewed by Paranjpe and Kanshal (205) • 
Krisement and fever (206) and Christian (45) •
Bainite, in the iron carbon system, is an important 
reaction in the development of a satisfactory theory of phase 
transformations, occurring in the solid state. Just as the 
martensite transformation, originally observed in iron carbon alloy 
has been adopted to cover a general transformation type, so 
G-arwood (157) proposed that bainitic transformations should be 
obtained in nonferrous systems. He indicated that isothermal 
reactions of the bainitic type would occur in other systems 
provided two conditions were fulfilled:-
(a) the rate of diffusion permits decomposition witbma 
measurable time;
(b) prior decomposition does not occur by an alternative 
process of the •incoherent* type.
This type of product has been observed in nonferrous
•&$
systems on several occasions although the usej^the term lbainitel 
has not been universally accepted. Unfortunately at present
(ie>
nonferrous bainites have not been investigated very fully and as 
a result most of the documented information concerns ferrous 
products,
2,£S.2. Characteristics and Definition.
The characteristics of bainite formation in the iron 
carbon system have been briefly summarised by Krisement and 
Wever (206) as follows:
(1) Bainite is a product of decomposition of austenite 
consisting of an aggregate of ferrite and carbide. The ferrite 
in bainite has a marten site-like appearance and in most cases is 
distinguishable from proeutectoid ferrite formed in the pearlite 
range. Low temperature bainite is hardly distinguishable from 
tempered martensite, whilst upper bainite exhibits an acicular 
structure,
(ii) Ferrite in bainite exhibits the same relief effects on a 
polished surface as does martensite. Surface tilting is a 
feature common to most shear transformations, but the orientation 
relationship between bainite ferrite and austenite is not 
necessarily the same as between martensite and austenite in the 
same steel (207) • A bainite plate forms by coherent growth 
(203) , but this growth is low compared to that of martensite.
(iii) For most alloy steels the T.T.T. diagram reveals an
upper temperature limit to the bainite range, termed the B point,
s
But Hultgren (208) observed in low carbon steels that the bainiti
transformation, may be preceeded by a probainitic ferrite thereby
giving a higher upper temperature limit than the B . The
s
validity of the B temperature will be discussed later ins
section 2.8.3*3 •
No strict definition has been proposed for a bainitic 
transformation. However, G-arwood (157) has suggested that 
bainite is a generic term used to describe the intermediate 
products of isothermal decomposition of austenite, while Hehemann 
(209) suggested that, while not defining what a bainite is, in 
alloy steels it is possible to define the range of temperature for 
bainite formation on the basis of kinetic observations.
From the position of bainite in the classification 
proposed by Christian (38) and invoking the considerations of 
Cohen (70) it seems possible that a bainitic transformation may 
be defined ass
A bainitic transformation is a transformation in the 
solid state which proceeds by a thermally activated process 
regulated by long range atomic transport, but in which the 
resultant atom movements are so regular that they produce a change
w*~
of shape of the transformation region. This implies that the j
t
carbide precipitation during the bainitic transformation in the j
iron carbon system is only secondary to the basic f,c,c, b.c,cc 
tran sformation, I
2,8,3* Ferrous Bainites,
2,8,3*1. Morphology,
The bainite transformation range in ferrous 
systems is divided on the basis of structure and kinetic 
differences into upper and lower bainite. All ferrous bainite 
structures consist of a dispersion of carbide particles and 
acicular ferrite grains, the size of the particles decreasing and 
the acicular structure being more pronounced as the temperature 
is lowered. At high temperatures there is a tendency to form 
closely spaced parallel plates, giving a micro structure which has 
been described by Mehl (210) as feathery, Oblake et al, (211) 
suggests that the upper bainite in nickel chromium steels, 
consist of rods and not plates, Recent studies by Kelly and 
Rutting (212) have shown that low carbon martensites form as 
closely spaced needles on {lll^ planes, while higher carbon 
martensites form as plates with /225V  or other habits. The
similarity between these two modifications and upper and lower 
bainite is therefore evident. The transition temperature between 
upper and lower bainite has been found to occur at 350°C in 
plain carbon steels and to be independent of carbon content.
Several electron metallographic studies have been 
carried out revealing that the carbon distribution in the two 
forms of bainite is different. The bainite formed at lower 
temperatures has been shown by Baker et al, (324) , Speich 
and Cohen (180) and Pickering (192) to contain carbide precipitate 
within elongated ferrite plates in the form of small plate shaped 
particles oriented at 60° to the plate. These carbides were 
identified by Baker et al, (324) by selected area electron 
diffraction to be cementite and were observed to form parallel j
with striations within the plate resulting from the inhomogeneous 
shear component, in this case twinning. This is contrary to the j 
observations of Matas and Hehemann (213) who proposed that 
carbide formed initially in this temperature range. Baker et al. 
also suggested that a similarity exists between the observed lower j 
bainite and tempered high carbon martensite.
Replica electron metallography of upper bainite 
reported by Pickering (192) has shown that the cementite plates 
are large and appear to form directly from the austenite, parallel
It*
with the main growth direction of the ferrite,
2,8,3.2, The B Temperature,
s
As a result of suggestions that bainite 
forms as supersaturated ferrite Zener (214) proposed that the 
upper limit of bainite formation was approximately the temperature 
at which
V^a.*
A G  = 0
where a* = supersaturated ferrite,
Fisher (215) proposed the typical transformation
curve shown in Fig, 26 in which the flat top of the curve
indicates that bainite does not exist above a critical temperature
which is analogous to the M g temperature of the martensite
reaction. Further support was offered by calculated and observed
values of the B g temperature which was found to decrease with
increasing carbon content in a similar manner to the M , and ats
all times occur at temperatures below the TQ temperature. 
Theoretical analysis by Krisement and Wever (206) further 
supported the correlation between the Bg and Tq temperatures. 
This implies that if the bainite forms from martensite embryos,
which have befen suggested to persist up to the TQ temperature, 
it is these embryos which grdw by a thermally activated process 
in the bainite temperature range. In plain carbon steels the B g
cannot be determined easily because of overlap with the pearlite 
formation range, but a sharp upper limit to bainite formation 
has been detected experimentally in alloy steels (205) •
Unlike other nucleation growth processes, the amount of austenite 
transforming to bainite is a function of reaction temperature.
The transformation is also similar to martensite formation in that 
only below a temperature, , can complete transformation be
achieved.
However, the thermodynamiO importance of the B s
temperature in relation to the Tq teniperature is doubtful for 
two reasons, Firstly Surface tilting has been found associated 
with the formation of proeutectoid ferride by Ko and Cottrell (20 
Miodownik (216) and Tsuya (201*-), which suggests a shear 
component also operates during the formation of this product.
As a result of this observation Cohen (70) considered that 
Widmanst*atten ferrite should possibly be classified as a bainite. 
This is supported by theoretical considerations by Kaufman et al, 
(174) which leads to the conclusion that the basic process 
responsible for the transformation of austenite to ferrite is the 
same regardless of whether the product is lower bainite, upper 
bainite or WidmanstVtten ferrite. It has been observed that 
acicular ferrite forms 30° below the a/y phase boundary, but 
the calculated Tq values of Kaufman et al, (174) are well below
the observed values. It was therefore proposed that it is
more meaningful to define the B temperature as the upper limits
for the decomposition of austenite by a mechanism involving 
acicular growth, implying that Widmanstatten ferrite is a form 
of bainite. .
2,8,5*3* Kinetics.
Studies of overall reaction rates by Radoliff 
and Rollason (217) in iron carbon alloys and Vasudevan et al. 
(218) in plain carbon steels show" a discontinuity exists in 
the variation of the reaction rate with temperature near 350°C • 
This has been considered as the kinetic equivalent of the micro- 
structural distinction between upper and lower bainite. Such 
a discontinuity was confirmed by White and Owen (219) in low 
alloy steels. Information which can be derived from these 
techniques is limited. The presence of surface relief effects 
associated with the transformation products allowed a hot stage 
microscopy technique to be carried out to give more detailed 
information on the growth kinetics of these products by Speich 
and Cohen (180), G-oodenow et al. (221) , and Dubrov (220) •
The surface relief associated with the lower bainite 
has been shown by Speich and Cohen (180) and G-oodenow et al. 
(221) to consist of a ’simple tilt about a central midrib.
These results confirm the suggestion of Ko and Cottrell (203)
1
u?
I
I
j
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that the tilt is associated with an invariant plane strain. |
j
However, G-oodenow et al. (221) found that the upper bainite in j
a nickel chrome steel, which has been confirmed to be rod like j
(211) , gave multiple surface relief such that one rod appears to [
i
develop, G-oodenow et al* (221) , by the formation of several j
i
i
laths.
The rate of edgewise growth of lower bainite plates 
has been measured by Speich and Cohen (180) , Speich (222) , 
G-oodenow et al. (221) and G-oodenow and Hehemann (223) • Each j
observation showed that the edgewise growth rate was linear-end 
decreased with decreasing temperature, thus confirming earlier 
observation of Tsuya (204) • Within the upper temperature J
range a similar linear relationship was obtained (221) . The 
growth rate increases with reaction temperature throughout the 
entire bainite range shown in Pig. 27 • The change in slope
corresponds with the change of structure. Hence the activation
energy for growth calculated from the slopes of the lines was 
lower for upper bainite.
The lateral growth was determined experimentally 
by Speich (222) and Speich and Cohen (180) , was found to be 
linear for a given temperature and proceedswith a higher activation 
energy than edgewise growth, suggesting that anisotropy of growth
w*
controls the shape of the product. Thickening continued even 
after inpingement had suppressed the lengthwise increase. But 
measurements by G-oodenow and Hehemann (223) did not confirm 
this, for a non*-linear growth was obtained. Differences in 
measuring technique were not responsible for the discrepancy, 
but no explanation was offered for the cause of this,
G-oodenow and Hehemann (223) also observed that the 
lateral growth of upper bainite occurred sporadically giving 
completely non-linear growth with increasing time. The process
allows the sheaf-like relief to form, but at present there has
been no direct correlation of this multiple tilting with the 
precipitate in the bulk volume. It was indicated that multiple 
relief was associated with one rod.
Several mechanisms have been proposed to explain slow 
isothermal growth of bainite and the more important mechanism^ 
are discussed below,
Ko and Cottrell (203) suggested that bainite forms 
by a shear transformation involving a process of slow coherent 
growth. The atom movements involved are essentially the same as 
those for martensite formation except the rate of transformation 
is limited by the removal of carbon from the region of the growing
plate. This loss of carbon not only increases the driving force
for the transition, hut also relaxes the strain energy in the
matrix. Carbon depletion occurs either by diffusion into the
■ &
surrounding austenite as in upper bainite or by precipitation of 
carbide particles within the product which is true for lower 
bainite. A similar mechanism has also been discussed by 
Pickering (192) * Under such circumstances the interface 
between product and matrix is similar to that obtained during the 
martensite transformation discussed in section 2,5.3*
Speich and Cohen (180) and Kaufman et al. (174) 
using the Zener-Hillert model for edgewise growth assumed this 
to be controlled by diffusion of carbon in austenite. Although 
the growth rate appears to be controlled by diffusion, the 
bainitic ferrite presumably forms b/ shear transformation 
indicated by experimental observations. The calculations of 
Kaufman et al. (174) indicate that the growth results for both 
upper and lower bainite may be explained on the basis of carbon 
diffusion. The growth of Widmanstatten ferrite is also suggested 
to occur by a similar mechanism. The slow diffusion controlled 
growth does not necessarily imply that the carbon content of the 
bainitic ferrite is exactly that required by thermodynamic 
equilibrium with the austenite. In this mechanism carbide 
precipitation is considered to be seoondary to the main prooess.
so that it does not influence the growth rate. Hence as far as 
ferrite is concerned there is no sharp kinetic division between 
upper and lower bainite or Widmanstatten ferrite, Speich and 
Cohen (180) also suggested the lateral growth of a ferrite plate 
in the lower bainite temperature range is controlled by the 
diffusion necessary to allow carbide precipitation, the growth 
being similar to pearlite,
Christian (45) criticized the theory of Kaufmann 
et al, (174) on the grounds that insufficient consideration is 
given to the shape deformation. This is only accounted for by 
the condition that ferrite forms initially from the martensite.
Also a condition for coherent or semicoherent growth is not stated, 
G-oodenow et al, (221) proposed a model in which 
interface movement is the rate controlling step. The interface 
is suggested to be a dislocation array moving through a viscoelasti 
medium in damped motion. The forces acting on the interface are 
suggested to be of two types:
(a) conservative foroes independent of interface velocity,
(b) frictional forces dependent upon interface velocity.
The free energy of the transformation and the hack I
I
stresses which arise from surface and strain energies are in categd
(a) . The difference between these energies provides the net j 
driving force available to enlarge the interfaoe. Frictional 
forces (b) may arise in several waysi** The interface may drag j 
an atmosphere of solute atoms* interstitial solutes may order in 
the stress field of the dislocation interface (Snock ordering) • 
(224), phonon emission may dissipate energy and act as a frictional 
drag. It was therefore proposed that the growth rate represents 
the velocity which balances the driving force acting on the 
interface with the frictional forces. A criticism of this theory 
is that at present it is only qualitative, but the crystallography 
should be related closely to that of the martensite. Differences 
between upper and lower bainite are suggested to result from the 
carbon content of the ferrite formed directly from the austenite 
and should correspond to the differences in the crystallography of 
the martensite in steels of different carbon content. Such a 
trend has been observed by Oblak et al, (211) and also 
theoretically by Bowles and Kennon (225) •
2.8.3*4* Effect of Deformation.
The application of stress during transformation
has been found by Cottrell (226) and Jepson and Thompson (227/j 
to influence the bainite reaction. Tensile stress (227)
accelerates the formation of bainite. A tensile stress of
10 t.s.i was found to halve the time for completion of the j 
reaction. The resulting product was identical with that obtained 
without stress* However, Cottrell (226) observed that a 
compressive stress changed the appearance of the bainite. The 
amount of product formed varied with the orientation of the grains 
and needles of bainite were found at 45° to the direction of 
applied stress; Such a distribution of product supports the 
concept of shear operating in a bainite process*
2.8.3.5* Step Heat Treatment*
A number of investigations into the kinetics of
bainite formation after step quenching within the bainite range havri
- !|
been reported. Bainite plates initiated, in a nickel chrome steel,! 
at low temperatures have been observed by Hehemann (228) using 
hob stage microscopy to continue to grow when up quenched to the 
upper temperature range. If the new temperature is below the 
Bg the rate of upper bainite formation was increased, in agreement 
with earlier observations by Lange and Mathiew (229) » and 
Jellinghaus (230) • Hehemann (228) also observed that many
------ ------ ^
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needles of upper bainite nucleated on the lower bainite plates, 
in a manner which has been described by Aaronson and Wells (231) 
as Sympathetic* nucleation. It is presumably the provision of 
these extra nucleation sites which allows the acceleration of 
upper bainite formation.
Growth of both upper and lower bainite ceases |
|
according to Hehemann (228) if the temperature is raised above [
the B , but growth of either form continues when returned to the j
I
original temperature. The conclusion was drawn that upper bainitej
: 1
will not grow at temperatures above the B g and lower bainite will j
not grow at temperature above 350° C . I
Hehemann and Troiano (232) observed that small }
j
amounts of upper bainite accelerate the formation of lower bainite, j
but large amounts retard subsequent transformation. This latter |
|
observation is consistent with increasing the austenit„e in~'Tarboi^  j 
due to the prior transformation so causing retardation of bainite 
nucleation *
White and Owen (219) found that holding austenite
at temperatures just above the M for relatively short periods
s
had little effect on the time to nucleate lower bainite, over the 
complete temperature range. But the formation of upper bainite 
was slightly retarded.
2.8,4* Nonferrous Bainite.
2,8.4*1« Introduction.
The term ♦bainite* was used by G-arwood (157) 
to describe the slow isothermal growth of plates of a product 
formed from {3* brass containing 41*3$ zinc in the intermediate 
temperature range 150-350°C .
This description was based upon the following
observations
(a) the habit plane ^2 11 adopted by the plates
was the same as observed for the subzero martensite transformation 
occurring in this system, section 2.6. ;
(b) plate formation was accompanied by a surface relief effect 
in which the transformed region appears to undergo a homogeneous 
shear;
(c) the Debye Scherrer X-ray patterns of the product formed 
below 225° C exhibited extra reflections matching those obtained 
from subzero martensite, seotion 2.6.
Subsequently bainite reactions have been proposed 
to occur in the intermediate temperature ranges of several alloy 
systems. The term bainite has been specifically used to describe 
the resulting product in the systems copper, aluminium in the
composition range 12$ aluminium (233) (234) (235) (167) (236) $ 
uranium chromium (237) and silver cadmium (238) , While
intermediate transformation products have been observed, which 
indicate a bainitic structure, in nickel zinc (239) and 
titanium alloys (240)
The position of bainite transformations in copper 
zinc alloys was reviewed recently by Garwood (l67) • Reference 
was made to some of the early work carried out by the present author 
This is included in section 4. of this Thesis* Therefore 
this review and the discussion on it will be considered in detail 
during the discussion section of the present results (section 5* )«
2.8*4*2. Nature of Copper Zinc Bainite.
During the study of the overall reaction rates 
in a copper 41*3$ zinc alloy Garwood (157) observed that a 
plate-like mode of precipitation occurred below 350°C , whilst 
above this temperature less regular granular particles also 
appeared. At the upper temperature limits of this investigation, 
470°C , the a precipitate formed as true needles or rods to 
give a Widmanst'&tten structure of the type discussed in section 2.J 0 \ 
The a product termed bainite, formed as thin
j
plates in a •V* pattern commonly separated by an obtuse angle.
flto
These plates were found to exhibit fairly rapid lengthwise growth 
but a much slower thickening rate. The overall reaction rate 
showed that the incubation period for the formation of plates 
decreased with increasing temperature. After a long time at a 
given temperature, particularly at lower temperatures* the plates 
developed into a close interlocking network. The proportion of 
Pi ates formed was higher than expected from equilibrium a 
product formed at that temperature. This led to the conclusion 
that the product was zinc rich. Subsequent observations by 
Garwood (167) indicate that a plate-like product exists at 
temperatures up to ifOO°C • The activation energy for the 
process was found to be 30,000 cal/mol., from the slope of the 
reciprocal rate plot of incubation period for isothermal transforma 
tion, below 315°C .
Recently Warlimont (129) (6l) carried out a thin foi 
election metallograply.investigation of the plate-like product 
formed on tempering metastable p 1 containing 41*0 at.$> zinc.
The plates were found to have an internal structure, similar
to that observed in the subzero martensite formed in this system, 
section 2.6. This structure presumably results from the 
inhomogeneous shear component of the phenomenological theory.
Such a structure, has been observed by Garwood (167) ln a 41.3%
■'! 
f!.
and a 42*5 zinc alloy. Selected area electron diffraction
carried out by Warliamont (129) confirmed that this 
fine structure was composed of stacking faults and not twins.
2,8,4*3. Crystallography.
Garwood (178) using the single surface analysis 
technique described by Bowles (121) determined the habit plane
f
for the bainitic a, plates, formed. in a 41*3 % zinc alloy, as 
|2,ll,12j , over the temperature range 170-225°C , Subsequently i; 
Garwood (241) found that this habit plane did not vary signific­
antly with temperature, over the complete range up to 3^0° C •
This habit plane is similar to that observed for the subzero 
martensite, but in this case the plates occurred predominantly 
in obtuse angle *Vf pairs whereas the martensite formed with an 
acute angle. It was therefore proposed that for a plate pair 
grouped on each side of a (011)^ pole, the variants of the two 
habit planes were (2 11 12)^ (2 12 H ) p  * but this was not
confirmed unambiguously, Garwood (157) also proposed the 
formation of plate pairs as an example of co-operative nucleation, 
since both plates appear to grow from a line source parallel with 
the [oil] direction which is common to the two planes. From 
Debye Scherrer diffraction patterns of the plate-like product
\17
formed at low temperatures G-arwood (157) concluded its structure 
was similar to that reported for the subzero martensite. But 
above 225°C it was suggested that the product was f.c.c. . The 
latter observation could be at fault, if specimens were heat 
treated for longer periods at the higher temperatures, so allowing 
the fault annihilation observed by Warlimont to ocour so allowing 
the struoture to revert to f.c.c. Shift of {3 reflections were 
suggested to indicate an increase in zinc content of the matrix 
with increasing time. But conclusive results were not obtained 
owing to the very diffuse nature of the lines on the powder 
photograph. Subsequently selected area electron diffraction 
carried out by Warlimont (129) has confirmed that the plate-like 
product structure is similar to the subzero martensite. In this
case it was proposed to be face centred orthorhombic.
2.8.4«4* Surface Relief.
A characteristic feature of the bainitic reaction 
in isothermally transformed |3 brass is the shape change of the 
transforming region. Similar observations of surface tilting have 
been made by Burke (237) for the bainitic transformation in 
uranium chromium alloys. When tilting on a prepolished surface 
was first observed in a 41.3$ zinc alloy by G-arwood (157) no
u ?
attempt was made to assess the magnitude or direction of the shear«. 
The distortion in this alloy was assumed to result from a shear 
transformation on the valid point that the volume change during 
transformation is small* This shape change indicates the a/p
interface is semicoherent and the existence of a lattice
correspondence,
) ■ 4 ■ ' ' ' I
Christian (77) has emphasized that the existence
of surface relief does not exclude the possibility that the
mechanism of growth involves thermally activated movement of
substitutional atoms, but considers this to be extremely unlikely
since the same atom movements are likely to relieve the
associated strain energy and destroy the correspondence. However,
if the minor component diffuses faster than the solvent atoms it
is possible for this more mobile solute to be redistributed while
the main structural change is accomplished martensitically.
Christian therefore proposed that a bainitic reaction was more
likely in interstitial alloys, than substitutional alloys.
However, in the latter case it was assumed that the two components
diffuse at the same rate. In fact Burke (237) Has observed
surface tilting associated with a bainitic product formed in
uranium chromium alloys, where substitutional chromium diffuses
faster than uranium so allowing maintenance of the relief. Also
Entin (242) suggested that, on the basis of the known diffusion 
coefficients, a bainitic process would be possible in the 
copper sine system*
(rarwood (1^7) > using a interferometric analysis 
teohnique, measured the angle of surface tilting (a single tilt) 
to be 8-12° for plates formed in a 41*3^ sine alloy at 400°C. 
This value agrees with values obtained for subzero martensite (12C
2.8.4*5* Theoretical Analysis*
G-arwood (167) carried out a stereographic 
analysis of a b.c.c.-f f.c.c. transformation using the prooedurc 
described by Lieberman (176) Pig. 28 • In this analysis it 
was assumed that the atomic volumes did not change from parent 
to product so the results also apply to the subzero martensitic 
transformation* The results shown in Table 3 support the 
observed habit plane and shear angle. It also give# an orientati 
relationship for the two lattices. The two possible solutions 
predict twin related orientations for the product lattice, in both 
of which a close packed plane occurs at 60° from the habit plane 
normal. Such a close packed plane has been experimentally 
detected in martensite by G-arwood and Hull (120) •
This is not the case in the numerical solution reported by Jolly
lif I
I;
and Hull (116) * Their analysis was based on an orthorhombic 
symmetry product,
2,8,4,6, Nucleation.
On the basis of the similarity of structures 
between bainitic and martensitic a it is possible to suggest that:! 
the nucleation of a single bainite plate occurs by a process 
similar to that proposed by Warlimont for martensite, 
section 2,6,10,
Direct support for this nucleation mechanism was 
given by Warlimont (243) using thin foil electron metallography, 
Quenched foilB of a 41#0 at.$ zinc alloy were tempered for 
various times at 250°C allowing the progress of precipitation 
to be followed. In the as quenched condition the dislocations 
present in the material at high temperature, quenching temperature,, 
acted as sinks for vacancies. The dislocations were wrinkled, 
but after longer tempering times they were generally observed to 
straighten out. Contrast experiments revealed that the contrast of 
some dark lines in certain directions were much narrower than 
the contrast associated with the dislocations. Warlimont 
suggested that these were embryos of precipitate. These quasi-* 
two dimensional lamellae were found to form parallel with the joil^
plane, consistent with a shear mechanism of the type (Oil) [Oil]
2.8.4* 7* Growth.
Garwood (157) suggested that the interface betwe 
the parent and precipitate was martensitic in character, and 
semicoherent, section 2. 5* 3* As for martensite,unit disloca­
tion in the interface would be expected to be partial dislocations 
in the product which stabilize the observed stacking faults. The 
slow isothermal growth was proposed to be controlled by the 
diffusion of zinc away from the transforming region. The mechanis 
was considered to be analogous to that suggested by Ko and 
Cottrell (203) for the growth of bainite in steel, except that th 
additional driving forces for the reaction resulted from the 
diffusion of zinc into the matrix and not the precipitation of a 
second phase. The activation energy for the growth process of 
30,000 cal/mole was found to be related to the activation energy 
of diffusion of zinc in a brass rather than , section 2,10 .
This was taken to indicate growth was limited by diffusion within 
the growing plate. This overall concept for plate growth is 
supported by more recent theories of bainite formation in steels, 
section 2.8.3*3* , in which carbon diffusion in the ferrite phase 
is considered to control the prooess and carbide precipitation
occurs as a side reaction.
2.9# Massive Transformations.
2.9*1* Historical Survey,
5 During investigations into transformations occurring j 
in the copper zinc system Philips (2^4) observed that volumes 
of a phase was formed, on quenching a 38/  ^ zinc alloy from the 
all (3 temperature range. This appeared in the microsection as 
irregular areas with a jagged interface. Philips considered that 
the transformation mechanism could not involve long range diffusion 
because of the high rate of formation involved during the quench. 
Slow cooling this alloy from the {3 phase field resulted in the 
separation of a by long range diffusion, Baker (245) later 
confirmed the existence of this product in copper-zinc alloys.
But it was not until later that G-reninger (164) used the 
term ♦massive* to describe a similar microconstituent in a 
copper 9*3$ aluminium alloy quenched from 1020°C . The 
structure obtained from this investigation is shown in Pig. 29 •
Subsequent to these observations massive transformatic: 
products have been reported in numerous alloy systems. Massive
products are formed in the critical composition regions of copper/ 
aluminium (246) , copper/zinc (110) , copper/gallium (247) , 
(248) , (251) copper/aluminium/nickel (150) , silver/cadmium 
(238), copper/silicon (249) p and copper/silicon/zinc (250) » 
Microstructures containing an a phase similar in appearance to 
the massive a in copper base alloys have been observed in a 
number of iron alloys. These massive constituents, not to be 
confused with massive martensite, (252) (253) 9 have been 
referred to as equiaxed ferrite^ (252) (253) hnd form from the
high temperature Y without a change in composition. There is
little doubt that similar massive structures can be expected in 
most copper base systems*
2.9.2. Definition.
Following investigations into transformations 
occurring in copper based alloys Massalski (254) summarised th 
characteristics of the massive transformation
(i) The massive type of transformation is intermediate in 
structural relationship, metallographic features and amount of 
diffusion required between normal nucleation growth and martens it x. 
transformations. As a consequence tilting of a prepolished 
surface would not be expected.
fir!
(ii) The structure obtained by massive transformation studies 
corresponds with the structure of an equilibrium phase, already 
present in the phase diagram, and supersaturated to compositions 
which lie outside the normal homogeniety limits.
(iii) In the extreme and most striking form the massive trans­
formation involves no specific crystallographic relationship with 
respect to the parent phase and in such cases it is extremely 
difficult to nucleatej bUt once nucleated it proceeds by rapid 
growth of incoherent boundaries. In certain cases, to overcome 
nucleation difficulties, partially coherent nucleation resembling 
martensitic can take place followed by incoherent growth.
(iv) If the massive transformation is suppressed by a rapid 
quench a typically martensitic phase is obtained upon a further 
cooling.
Consideration of these features led Cohen (70) to 
define a massive transformation as one which is essentially 
diffusionless but ipj which, unlike the martensite transformation 
there is no shape change or surface relief.
Owen and Wilson (252) have criticised the use of 
the term •massive transformation* in view of transformations 
occurring in ferrous alloys where massive transformation products 
result from two different mechanisms. Two extremes are found,
in |
firstly,there are those of the, type mentioned above, referred to 
as massive or equiaxed ferrite, involving short range diffusion 
across an incoherent boundary, with no shape or composition
changed Secondly,there are those produced by a martensitic V
I"
type process which gives rise to surface relief effects and are | 
generally termed massive martensite, (252)(253) • As a result 
of this confusion of terminology, Owen and Wilson (252) 
proposed that the former product should be termed a short range 
diffusional (S.R.D.) product. It was considered that this 
readily suggested the idea of grains that have grown by the 
movement of incoherent boundaries. As a consequence of this 
incoherency these boundaries are not impeded in their movement 
by the presence of parent grain boundaries,
2,9*3* Massive a in Copper Zinc Alloys. I
For some of the alloys in the composition range j
36.8-39 at.^ zinc in the copper zinc system the p phase field lies j
directly above the a phase field, Fig. 3 • Upon rapid cooling
of these alloys through a, + p phase field, may form to a non­
equilibrium a of the same composition, termed massive a . j
G-arwood and Hull (110) noted that increasing cooling velocities 
caused this massive a to become finer and associate more with
grain 'boundary regions. Finally with rapid quenching most of the j- 
massive a was suppressed and upon further cooling the retained 
P* transformed to acicular martensite. The growth of the massiv 
product was found by Garwood and Hull to be rapid and the
interfaces irregular. Such a product was found by Srinivasan j
and Anantharamen (255) to grow rapidly across |31 matrix 
boundarie s.
X-ray analysis of the massive a product produced 
upon quenching was carried out by Massalski (254) on a 
37*25 at.%  zinc alloy and by Srinivasan and Antharamen’ (255) 
in a 39.5 at.$ zinc alloy. Both results confirmed that the 
structure was face centred cubic, a , and was supersaturated to
the composition of the p matrix.
The massive a substructure revealed on etching, by 
Garwood and Hull (110) consisted of internal bands characteristic 1 
of the substructure of massive products in other alloy systems. I
During a recent electron microscopy investigation into the i
massive e product occurring in copper'gallium alloys Saburi j
and layman (248) observed two kinds of internal faulting. The 
major characteristic faults were considered to be growth faults, 
whilst the secondary deformation faults were presumed to arise 
from the volume change during transformation.- Therefore it is
possible that the internal structure observed in massive a of 
copper zinc alloys, is growth faulting and because as the volume 
change during transformation is small no deformation faulting woul;' 
be expected. Unfortunately no electron microscopy study has been ; 
carried out on massive a to clarify this. Also no attempt has 
been made to correlate the stacking fault density, for a given 
composition of massive a , with that expected from the variation 
of fault probability with composition discussed in section 2.11.4 
Garwood and Hull (110)* observed that the boundary 
of massive a was made up of flat facets. Single surface analyse 
of the trace directions of the planar sections of the interfaces 
showed that about 40$ of these faces were consistent with a a 
habit plane of type ^155^p'~ f^^Jp 6s found in the martensitic 
transformation in the same alloys at subzero temperatures (91) .•
The remaining traces were accounted for as 30$ 20$ ^112^
and 10$ £o01*j • From these observations it was suggested that r
dislocation pole mechanism operates during the formation of j
massive a and the driving force is not so large as for martensite] 
but the strain associated with the coherent interface is relieved 
by a thermally activated process, so that short ranged diffusional 
growth results. No surface tilting would result from this mechanrj 
However, surface tilting would be difficult to observe experimen-
tally because of the difficulty of maintaining a polished surface 
during heat treatment.
In massive e in copper-gallium Saburi and Waymen 
(248) observed flat facets* relating to internal faulting 
(twin boundaries), and also high mobility incoherent noncrystallo- 
graphic boundaries. Since the massively formed e crystals 
propagate rapidly the growth process must involve free atom 
movement across the interface (short range diffusion) as 
suggested by Massalski (254) • Since the equilibrium 
concentration of vacancies in (B2) phases stable at high tempera' 
tures is higher than in pure metals (256) , it was suggested that 
short range diffusion was enhanced at the incoherent boundary 
allowing rapid transformation. This concept could be applied to 
the copper/zinc system for it is suspected that the vacancy 
concentration is high in quenched p f alloys, section 2.11,12 .
At present there appears to be no information regarding 
the temperature at which massive a begins to form on quenching 
for a given composition in the copper zinc system or the effect 
of quenching rate on such a temperature. Such observations have 
been made for massive products in other alloy systems (253) •
1*4.0
2.9.4. Decomposition of Massive a •
Information concerning the stability of the massive 
a phase in the copper zinc system has been obtained from 
tempering experiments carried out by Srinivasan and Anatharamen 
(255) . No visible change in micro structure of the massive a 
was observed at room temperature* But on tempering at 100-200°C 
precipitation of p phase was observed at internal massive a 
grain boundaries. At higher temperatures the massive a 
disintegrated and the micro structure gradually reverted to 
equilibrium a + j3 . These changes were also followed by 
X-ray analysis and by hardness measurements (255) • Values 
obtained from this analysis are given below for a 39.5 at.$ zinc 
alloy.
Treatment Bulk VPN Micro VPN Lattice parameter
on massive of a S
m
Annealed 850°C 65 - 3.696
Quenched from 850°C 101 105 3.707
Tempered 200°C 101 91 3.700
Tempered 300°C 99 86 3.698
Tempered 400°C 90 81 3.703
These observations confirmed that the massive a phaf 
was supersaturated a and is thermodynamically unstable, so that
h (
it reverts to equilibrium a + |3 at comparitively low temperature/i
Similar observations have been made by Massalski 
(254) and Spencer and Mack (251) on copper/gallium alloys, 
where v phase is precipitated from the supersaturated e during 
heat treatment.
2.9« 5* Effect of Deformation.
Little data is available concerning the formation of 
massive a during plastic deformation of metastable {3* copper 
zinc alloys.
Massalski and Barret (139) observed that in 
metastable p* copper zinc alloy, 39 at.$ zinc a transformation
product was induced by compressive deformation. The product 
appeared in the form of large patches or streaks of indefinite 
shape with a pink colouration, as well as in the form of platelets 
lying along specific crystallographic planes. The structure was 
determined by X-ray analysis to be f.c.c. of supersaturated 
compo sition.
Hornbogen (140) reported the results of an 
investigation into the effect of uniaxial deformation upon 
metastable (3* copper zinc alloys over the composition range
38.8-41 a t z i n c .  The {3* alloys underwent diffusionless
martensitic transformation beginning at 18$ elongation, 
discussed in section 2*6.7*, €md finishing at 40$ • Above 
40$ elongation the specimens further transformed to a 
supersaturated f.c.c* phase. Supersaturation was confirmed 
by X-ray analysis. Therefore it is possible that such a product
is a massive a . Wo subsequent information is available to
date to confirm these findings.
2.10. Diffusion.
2.10.1. Introduction:
Section *2.2. indicates that diffusion 
plays an important role in phase transformations. Not only is 
it important in controlling the rate at which the product forms, 
but also it is frequently inherent in the mechanism involved.
The theory of thermally activated diffusion 
occurring in the solid state is well established, (257) , (258) , 
(45) . The diffusion coefficients for self diffusion in metals 
or for diffusion between two dissimilar metals are known to vary 
with temperature through an Arrhenius type equation.
D = Dq exp (-Q/RT) .........1 .
where Dq and Q are temperature independent constants.
D = the self-diffusion coefficient, Q = activation energy and 
Dq = frequency factor. Practically diffusion occurs under the
f|
influence of a concentration gradient, the effect of which must 
be taken into account* The appropriate diffusion coefficient 
under these conditions is given by the Darken equation ( 2 5 9 ) t—
D = D (1+N log r) 1
" c ■ ' ■ - ‘ "dN™ *2 . I
where D = chemical diffusion coefficient, D = self-diffusion I
0 I
coefficient, N = mole fraction, Y = activation coefficient, |
Various dynamic models have been proposed to
represent the fundamental lattice diffusion process and all lead
to an equation for D of the form quoted in equation 1, However,
the value of Dq and Q vary from model to model and it is
possible in some cases to determine which mechanism is operating j
i
i
by comparing the measured and calculated values.
The four most important mechanisms of diffusion,
Pig, 30 , are
(a) Interstitial diffusion
(b) Place exchange or ring diffusion
(c) Interstitialcy diffusion
(d) Vacancy diffusion,
A vacancy mechanism has been found to operate almost 
exclusively for face centred cubic metals. Extensive investigation
on body centred cubio metals have been carried out within the 
last few years, Le Claire (260) • At present the mechanism |
:' ''' - ■ ■ ■ . - ■   ^ I
involved during diffusion in b.c.c. metals has not been j
re solved (260) • 6
2.10.2, a Copper/Zinc Alloys. |
f
. , The classical experiments of Smirgelskas and f
- ■ I
Kirkendall (26l) provided the important evidence which |
. |
confirmed that a vacancy mechanism Opefhtes during diffusion in |
I
d brass. Zinc atoms were found to diffuse faster in one p
if
direction across a copper/70/30 brass couple interface than j
t
copper atoms diffused in the other direction and the interface |
moved into the brass. In addition voids formed in the alloy }
i
on the brass side of the interface. I
W:
Tracer diffusion measurements, for a 27$ zinc alloy, I
'  i |
were carried out by Inman et al. (262) and from the results it 1
il
I
was concluded that the following Arrhenius equations were obeyed |
• - . |
for the temperature dependence of the diffusion coefficients.
= 0.85 exp (“44*510/RT) cm2/sec j
CU c
Dzn = 0.62 exp (“41*1 6o/RT) cm2/sec §
Subsequently Hino et al. (263) , using a tracer technique, determirJ 
the diffusion coefficients of copper and zinc in a 31$ zinc alloy J
over the temperature rfcnge 600“900°C. The values of D calculated j
I
from plots of activity data are plotted in Figs. 3ia and b. f
Again zinc diffusion was found to “be faster than copper. These
data are fitted with the expression
2
D = 0.34 exp (-41,900/RT) cm /sec 
cu 2
D = 0.73 exp (~40,700/RT) cm /sec zn
Pig. 32 shows a plot of activation energy for diffusion of zinc 
and copper against composition of brass. The value for self­
diffusion of copper was obtained by Kuper et al. (264) and
for zinc in pure copper by Hino et al. (263) • This shows
that the activation energy of the diffusion process decreases with
increasing zinc content for a brass, It also shows the good
correlation of the activation energies for diffusion obtained by
Hino with those of Inman. The values quoted for the {3 phase
alloys will be discussed in section 2.10.3*
Hino et al. (263) using the 31%  zinc alloy also
carried out internal friction measurements and obtained an
activation energy for the *anelastic effect1 of 37*800 cal/mol.
This value was found to correlate with the chemical diffusion
coefficient calculated from the value obtained by tracer
measurements using the Darken equation.
Qzn chemical = 39,000 cal/mol
Q . chemical = 40,100 cal/molCu
No explanation for this correspondence could be offered but it is 
interesting to note that the calculated values for chemical 
diffusion agree with experimental values reported by Resnick 
and Balluffi (265) .
2.10.3# (3 Copper/Zinc Alloys.
Unlike the previously discussed a copper/zinc alloys; 
investigations into diffusion occurring in the |3 phase have not
been so extensive. Since these alloys undergo a rapid ordering j
process to form a B2 structure, over a small temperature range, j
j
the effect of ordering on diffusion, if any, should be readily 
observable.
1;r
Careful measurements have shown that the temperature j
■ . I
dependenoe of the diffusion coefficients in (3 brass differs 
markedly from that in pure metals. The diffusion process was 
studied by Landergren and Mehl (266) using a 52.5/40.2/52.5 
at.$ zinc diffusion couple ht temperatures above the ordering 
temperature, and a vacancy mechanism was proposed. This was 
supported by further investigations (267) during which porosity we 
observed to develop in the high zinc side of the couple. Inman et 
al. (262) measured radioactive tracer diffusion in polycrystalline’ 
specimens of a 45$ zinc alloy and found that zinc diffused 
faster than copper. They concluded that over the temperature 
range 640-870°C the diffusion coefficients were given by 
D = 0.038 exp (-25,010/RT)cm2/secCU
and Dgn = 0 . 0 3 1  exp (-23, 330/RT)cm2/sec 
Kuper et al. (268) measured the diffusion coefficients of oopper, 
zinc and antimony in |3 brass 47-48 at,$ zinc, by radioactive 
tracer methods over a wide temperature range. Fig. 34 shows
»*7
the diffusion coefficients obtained plotted on a logarithmic .j
scale versus the reciprocal of the absolute temperature* Above th^ -
ordering temperature the diffusion coefficients obey an 
Arrhenius equation with temperature dependences given by:- 
Dou = 0*011 exp (-22,000/RT) cm2/sec
D zn = 0.0035 exp (-18,800/RT) oa2/seo 1
Fig* 32 shows the decrease in activation energy for diffusion in f
p phase alloys with increasing zinc content within this temperature\
| i
range. Below the ordering temperature the plot Fig. 34 is j
convex to the /T axis and falls below the values extrapolated
from the linear high temperature range. This deviation was
found to occur 50° C above the T , 468°C , and was attributedc
to short range ordering. Table 4 shows the values for the
activating energy for diffusion of copper and zinc over the
temperature range, 264~817°C • Good correlation was found j
between the observed values of D and values calculated using jzn
the contributions of E^ , the formation energy of the defect and |
* / ?the shear modulus P brass to the activation energy
of the process, Table 4 * |
Kuper et al• (268) and Silfkin and Tomizuka (269) |
suggested that a simple vacancy mechanism could not operate during I
- ■ ' i
diffusion in p brass. They argued that in a perfectly ordered j;
{UZ
alloy a given number of vacancy jumps between first nearest 
neighbours displaces the two kinds of atom equal distances, 
leading to equal diffusion rates and destruction of order. 
Therefore it was proposed that an interstitialcy mechanism, 
involving the correlated motion of an interstitial atom with one 
of its neighbouring lattice atoms followed by a displacement of 
this complex one atomic distance,■ could account for the observed 
faster diffusion of zinc in either ordered or disordered J3 . 
Lidiard (270) , however, has pointed out that this argument fail 
to take into account the fact that long range order is an 
equilibrium parameter and must be preserved. He concluded that 
elementary vacancy jumping may take place. Elcock and McCombie 
(271) proposed that a vacancy process based on a six cycle jump 
process could take place in ordered {3* • This cycle, some 
examples of which are illustrated in Fig. 35 > requires the 
minimum number of individual exchanges to effect net mass transfe 
without changing the level of order upon completion of the cycle. 
In Fig. 35 and Bg atoms exchange positions and the ratio of 
would be 2 or ■§■ . The ♦Monte Carlo* calculations of 
Beeler and Delany (272) show that the six jump cycle consists 
six net jumps along the path of the cycle, any deviations from 
this path being energetically unfavourable. Domain and Aaronson
(273) proposed that diffusion in Ag.Mg , which has a B2 structure 
occurs by a six jump mechanism. Further supporting such a
mechanism for {3 brass* Girifalco (274) deduced an elementary 
theory of vacancy concentration and jump frequency in ordered 
and disordered A-B systems based on the Bragg Williams 
approximation. The theory states that activation and formation 
energies are quadratic functions of the long range order. These 
calculations suggested that there is no change in the diffusion 
mechanism on passing through the ordering temperature, regardless 
of the diffusion mechanism in p brass.
2.10.4* Grain Boundary Diffusion.
The phenomenom of grain boundary diffusion in metals 
has been known for many years. Mehl (275) reviewed the 
evidence which consisted of observations that larger diffusion 
coefficients occur for small grain sized polycrystalline metals 
indicating grain boundary diffusion was faster than within the 
lattice.
Grain boundary diffusion studies were put on a quan­
titative footing by Fisher (276) with a solution of the 
grain boundary problem. This solution assumed Ficks laws and 
the dependence of the lattice diffusion coefficient D^ , upon
temperature T ,
Whipple (277) adding a term involving diffusion
!
away from and perpendicular to the diffusion interface, proposed
an extract solution to the problem. But unlike the Fisher model
this was a complex integral function not conveniently applicable
to experimental results,
j Comparatively few grain boundary studies have been
performed. Spark et al. (278) and James and Leak (279) .
recently carried out radioactive tracer investigations into grain
boundary diffusion of polycrystalline iron base alloys. The
results showed Q ^ supporting the concept of faster boundary
Q ,diffusion. Further it was found that the ratio of gb gave an
Q 2
average value of 0,68 for bcc metals and 0,53 for fee metals
In the absence of a better rule it was proposed that empirically 
Q ^ may be evaluated from using these relationships. Therefore 
in the copper/zinc system the following Q values would.be expects
Koals/mol Q ^ Kcals/mol
Cu in a brass 41*9 22,2
Zn in a brass 46.7 21.6
Cu in p brass 22*0 15*0
Zn in p brass 18.8 12,8
Zn in copper 45*6 24.2
tr*
The value of Qgb obtained for the diffusion of zinc 
into pure copper agrees with the value of 24*5 kcals/mol obtained 
experimentally by Flanagan and Smoluchowski (280) •
The effect o^ grain boundary orientation on the 
diffusion coefficient has been reviewed by Weinberg (281).
Results do not conform to a general pattern. Smoluchowski and 
Haynes (282) investigated the grain boundary diffusion in a bcc 
lattice (silicon diffusion in iron) . They examined tilt type 
boundaries formed by symmetrically rotating (100) planes about 
boundary plane and measuring the boundary penetration as a 
function of boundary angle, obtaining a broad minimum at 50°. 
Correlation of this value with the boundary energy cusps, 
described by Read and Shockley (88) was not considered to give 
a satisfactory explanation of this minimum. It was proposed that 
boundary penetration was related to the geometry of the boundary 
which correlates to its *openessf • It was found that for the 
boundary 50.5° lattice matching ocourred across the boundary so 
giving close atom packing and low mobility. However, Weinberg (281) 
suggests that enhanced diffusion along grain boundaries probably 
results from enhanced diffusion along dislocations and not because 
of the presence of areas of highly disordered structure.
The Fisher theory of grain boundary diffusion may be 
applied, with minor modifications to surface diffusion. It has 
been shown on numerous occasions that the mobility of atoms at 
the free surface of a metal is greater than in the lattice.
2.11. Defect Structure in Solid Solutions.
)
2.11,1. Quenching defects.
i
Frenkel (283) was the first to propose that crystal? 
in thermal equilibrium should contain a well defined concentration 
of points defects. Subsequently it has been established for 
metals that increasing temperature increases the vacancy 
concentration, initially at dislocations and boundaries, which act 
as sources. These vacancies then diffuse throughout the lattice 
to give a uniform distribution. Slow cooling then allows the 
sources to act as sinks and the vacancy concentration is lowered 
by diffusion of vacancies to these sites. On rapid cooling, 
the vacancies have no time to diffuse and are *quenched in * .
Prismatic dislocation loops produced by aggregation 
of quenched in vacancies were first observed by Hirsch et al.
(284) in aluminium. Since then similar defects in b.c.c. 
structures were recently observed directly when vaoanoy loops
were found in molybdenum by Meakin et al. (285) •
2.11.2. Quenched p* brass.
Smith (286) measured resistivity and hardness 
changes occurring in quenched f3* alloys. Alloys quenched from 
the temperature range near the ordering temperature were found 
to give higher hardness values than alloys quenched from high and 
low temperatures. Quenched specimens were found to decrease in 
hardness, with increasing time at room temperature, to a constant 
value. This gave rise to the term fage softening* . Smith 
concluded that p* brass is always essentially ordered after 
quenching and the softening effects arose from the coalescence of 
the out of step antiphase domain boundaries. The high degree 
of order after quenching is supported by the X-ray measurements 
of Chipman and Warren (287) 9 Green and Brown (288) studied 
the effects of quenching temperature over the range 200-550°C 
and ageing temperature over the range 25-120°C , on the 
compression stress strain curves of a 48.5 at.$ zinc (3* phase 
alloy. Stress strain curves were found to be dependent upon 
quenching temperature. The yield point values vary in a manner 
similar to the hardness values obtained by Smith (286) , showing 
a maximum at 450°C • The as-quenched condition was found to be
unstable, so that age softening occurred by a thermally activated 
process. This analysis gave an activation energy of 15*400 
oals/mol. Thus it was concluded that, rate of softening varied 
inversely with the degree of long range order prior to quenching. 
Cottrell (58) suggested that the maximum produced in the yield 
point observed by G-reen and Brown (288) , for as-quenched p* 
was due to the effect of domain size. His theory predicts 
that the function of strength vs antiphase domain size passes 
through a maximum at a domain size of about 10 atomic distances. 
Ardley (289) on the other hand proposed that this resulted from 
the degree of long range ordering corresponding to the quenching 
temperature, but this is not consistent with X-ray analysis (288) 
Clarebrough (290) detected an internal friction peak in quenched 
Cu.Zn and the kinetics of decay for this peak were identical with 
the decay in strength previously observed (286)(288) • Thus 
the quenching effect was suggested to be associated with excess 
vacancies, whilst no explanation was offered for the maximum 
produced below the ordering temperature. Brown (291) suggested 
that the strengthening of quenched p* brass was the result of 
vacancies generated by the rapid order/disorder transformation. 
This was supported by the observation of an increase in density 
during ageing the quenched alloys and an activation energy for the
1decay of 15,400 cals/mol, compared to 36,000 cals/mol for 
self-diffusion in the ordering region, (268) , Clark and
Brown (292) carried out resistivity measurements on quenched 
48.5$ zinc alloys. From the change in resistivity produced 
by quenching below 350° C it was suggested that a small but 
equilibrium amount of disorder4 may be retained. The energy of 
motion Qm during ageing was found to be independent of quenching 
temperature having an average value of 14 k cals/mol comparing 
favourably with previous values. Using the relationship 
Qd = Qm + Qf energy of formation of a vacancy Q^ , was
calculated to be 22 K cal/mols, where = 36 K cal/mol and
Qm = 14 K cal/mol. Resistivity measurements below 250°C were 
found to give a formation energy of 7.2-8 K cal/mol which it
was proposed, indicated that a vacancy was not the defect because 
this value is smaller than that previously deduced. In view of 
this it was suggested that disorder occurred associated with a 
dilute concentration of wrong bond pairs for which the activation 
energy of formation is 8 K cal/mol. Further it was suggested that 
a wrong atom pair is easier to create in the neighbourhood of a 
vacancy than in a perfect crystal, so upon quenching the wrong pair 
trap a vacancy in its vioinity.
The nature of the defect structure and strengthening
produced in copper/zinc alloys on quenching is not yet resolved,
PriL
but clarification may result from this thin^electron microscopy.
It seems probable that on quenching from &aper above the ordering 
temperature, vacancies are produced. These vacancies are derived 
from the equilibrium concentration at the temperature of heat 
treatment prior to quenching, similar to those observed in 
molybdenum discussed earlier (2,11.1.) , plus extra vacancies 
produced by the rapid formation of long range order during 
quenching.
2.11.3# Stacking Faults in a Copper Zinc Alloys
The f.c.c. , A.I. , structure and the c.p.h. , A. 
structure are closely related, representing alternative ways in 
which spheres of equal radius may be packed together as closely 
as possible. Repetition of the sequence ABCABCABC on £lll] 
planes gives the f.c.c. structure and the sequence ABABABAB 
the c.p.h. structure. Three types of stacking faults are 
encountered in the A1 structure:
(a) Twinning fault ABCABCACBA
(b) Extrinsic stacking fault ABCABCACBCABC,
This could be formed if clusters of interstitials 
condensed to form an extra plane of atoms, or during deformation.
at
(c) Intrinsio stacking fault ABCABCACABCABC. !
This could be formed by the collapse of vacancy j
cluster, or during deformation, |
The faults (b) and (c) would either pass across j
a given grain or terminate within the grain at a dislocation, \
!
ISuch faults are bounded by sessile Frank partial dislocation |
|
with a Burgers vector a/3 [ill] or by glissile Shockley partial j
• G, |
dislocations with a Burgers vector / 6 [112] (293) • I
The density of annealing twins is greater in zinc |
\
rich a alloys of copper zinc than pure copper, suggesting that j
the stacking fault energy is reduced by alloy additions, Barrett j 
(294) first reported the formation of stacking faults by quenching 
and deformation, copper-silicon alloys. These faults were 
attributed to the stresses induced by the quenching process*
It is now well established that faults on 
planes occur in cold worked f.c.c. metals producing a shift in 
X-ray powder pattern reflection peaks (295) •
The Patterson theory (296) indicates that certain 
hkl reflections undergo a peak shift and a line broadening 
and the magnitude of this shift gives a measure of the stacking 
fault probability.
Using this information derived by Patterson (296) ,
X-ray analysis investigations into oopper/zinc a phase alloys
were carried out by Smallman and V/estmacott (297) , Greenough
and Smith (298) , Warren and Warekois (299) > Massalski and
Barrett (139) , Wagner (300) , and Wagner and Helion (301) *
The results obtained are summarised in Fig* 36 which shows the
variation of stacking fault probability with zinc content* With
increasing zinc concentration the stacking fault probability
3
increases from 3x10 , or 1 plane in 300, for pure copper to
3 (
40x10 or 1 plane in 20, for a 41 at./G zinc alloy* From
measurements of the radius of curvature of extended dislocation
oodes observed by transmission electron microscopy, stacking fault
energies have been determined, by Howie and Swann (302) for
copper/zinc solid solutions* The stacking fault energy was
found to decrease with increasing zinc content. Wagner and
Helion (301) not only calculated from observed peak shifts the
variation of stacking fault probability with composition but were
also able to eliminate the possibility of extrinsic fault
formation during deformation* Hence intrinsic faults and
twinning faults are the primary causes of line broadening and
shifts of powder pattern peaks in cold worked copper/zinc alloys*
The analysis by Massalski and Barrett (139) for high zinc
alloys was carried out on deformed metastable p phase specimens*
The diffraction patterns of the stress induced face centred cubic 
product, provided an opportunity to extend fault densities to 
higher zinc values. The exact values shown in Fig. 36 were 
suggested to be not highly significant as calculations were based 
on the assumption that the faults were distributed randomly on a 
single set of parallel planes and the effects of various sets 
were superimposed on the pattern. Nevertheless the trend of 
increasing fault density with increasing zinc content continued 
in this product. Another interesting feature of this analysis 
was that at higher zinc contents the stress induced product was 
hexagonal. This indicates, in terms of atomic configuration a 
tendency for closepaoked planes to change gradually from ABCABC 
to ABABAB. This is consistent with increasing the fault density 
in the f,c*c, structure until a density of 1 fault in 3 converts 
the f.o,o, to a c.p.h. sequence.
Recent observations by Rudee and Huggins (304) 
suggest that during the initial annealing of a deformed a brass 
the width of the stacking faults increase, because of segregation 
to the faults, but the width subsequently decreases on continued 
annealing. This segregation supports the suggestion by Suzuki 
(303) that solute atoms segregate to stacking faults because of the 
difference in chemical bonding of the two close packed modification
of the crystal. The stacking fault may be considered as a i
c.p.h, phase within the f.c.c. lattice. Thus the thermodynamic
theory of heterogeneous equilibrium predicts a solute atom 
concentration which is different from the f.c.c. matrix, for the
c.p.h. faulted region. Bilby ' (306) has shown that the strain \'j
energy of the system, dislocation plus solute atom, is lowered
as the solute atom moves into the region of the dislocation. j,
2.12. Deformation Characteristics of g 1 Brass,
2.12.1. Dislocations. ;!
In the A2 structure the Burgers vector of the unit : ; ; . j
dislocation is So/2 ^111 7 (305) « But a similar displacement j|
in a B2 type super-lattice would give rise to a train ao/2 ^ lll7 1
type antiphase boundary. Hence in general an antiphase boundary 
formed by an imperfect dislocation will have an antiphase boundary 
vector identical with that of the Burgers vector from which it 
formed. Therefore perfect dislocations of the disordered lattice 
are in general only imperfect dislocations in the superlattice. 
Therefore so that the order of the superlattice is not 
destroyed by dislocation movement two possible dislocation 
reactions exist. The B2 structure is simple cubic , section 2.1,1.!
and its unit lattice vectors are a [100] a [110] and a [ill] • 
Dislocations with these vectors would not destroy the order and 
can move without geometrical interaction. If these 
dislocations did not dissociate into imperfect dislocations they 
would produce 100 slip,:because of the dissociations:
a [111] -5>a [110] + a [00l]-?>a [100] + a [010] + a [001] ... A; 
which require no energy, so that stress acting more strongly on 
one component, a[l00] , would allow this to move preferentially. 
But ^100^- slip is not observed. Secondly unit dislocations 
in the A2 structure have been proposed by Rachinger and Cottrell 
(307) to become partial dislocations, o/2 [ill] , in the 
B2 structure and two of these connected by a strip of antiphase 
boundary oould move without any net change in the order across 
the slip plane. This configuration is shown in Pig. 37 •
SLThe first o/2 dislocation passing through the lattice
creates an antiphase boundary behind itself in the slip plane, the 
second associated dislocation o/2 ^111^ following corrects this 
to produce an ordered lattice again. Therefore it is assumed 
that slip would occur in a B2 structure on the plane in
the 111 direction. Marcinkowski (57) concluded that the 
antiphase boundaries produced by dislocation movement are of type 1 
character, section 2.3*5. , since the antiphase vector o/2 ^lll")
lies in the plane of the antiphase boundary and no composition 
change would be involved.
- In order not to cause confusion the term
superpartial, Vidos and Brown (308) has been used to designate 
these superlattice dislocations.
These superpartials may each dissociate into two or 
more Shockley partial dislocations, as in- f.c.c. alloys, so 
that an antiphase boundary may be created simultaneously with a 
stacking fault. The possibility of creating such four fold 
ribbons has been discussed for f.c.c. structures-by Ame-linckx (3 
but in B2 structures because of the high stacking fault energy 
this is unlikely to ocour.
Brown and Herman (310) using isotropic elastic 
theory calculated the separation, r , of superpartial dislocatior 
for a B2 type superlattice. As suggested by Cottrell (58) the 
spacing of the two superpartial dislocations is a balance between 
their mutual elastic repulsion and the surface tension of the 
antiphase boundary. The spacing r is given by ;
2
r = ao 42 G- b2 r„. 2  ^ 2^   s  [ S m  0 + cos 0 j ----------- - B
2 f K T  S 1-V Jc
where G- is the shear modulus; V, Poissons ratio; K, Boltzmanns
IC3
constant, T , Critical ordering temperature, 0 = 90° for screw 
and 0° for edge dislocations and S = 1 for complete order.
For the specific case of (3 brass the separation of screw 
dislocations was found to be $6° A and that for edges 88°A •
These values presumably can only be considered as qualitatively 
correct since no consideration was given to the marked elastic 
anisotropy of p 1 brass.
Superpartial pairs have not yet been specifically 
identified in p* brass and calculated spacings suggest that 
superpartials may be difficult to resolve in the electron 
microscope.
2.12.2. Slip.
From an investigation of the deformation characteris­
tics of po3ycrystalline p* brass specimens Taylor (3X1) 
concluded that slip occurred on a definite crystallographic plane 
of the {no} type. The resistance to shear was found to be 
minimum when the slip plane and the £ll0^“ plane were coincident* 
Ardley and Cottrell (313) carried out a detailed 
analysis of slip traces in 48.71 at.$ zinc p f brass. Single 
crystals were deformed in tension over temperature range 77°k-673 
From 273°K-473°K slip was found to be of the type ^Hoj' ^111^ ,
/but specimens deformed at 77°K slip was found to occur almost 
entirely on the £21lJ plane. At temperatures above 473°K 
the slip traces were reported to be ’confused* , presumably 
because they were wavy, and as a result it was difficult to 
identify the traces but a few traces on ^321^  and planes
were reported. The ’confused* nature of these slip traces 
probably arose from prolific cross slip occurring within this 
temperature range, Kramer and Maddin (312) observed ^110^ 
slip on single crystals of j3* brass deformed at room temperature 
and at 77°K there was no evidence of slip on ^112^ planes.
The (lio] <111> slip mechanism was subsequently confirmed by 
Rachinger and Cottrell (314) for single crystals of 51*5 at.$ 
zinc brass deformed in tension.
* Westbrook (26) concluded, from these observations
of various slip planes operating at various temperatures, that the 
slip direction is more important than the slip plane. So that 
it is frequently observed in intermetallic compounds that the 
slip direction remains fixed while the slip plane may vary with 
temperature in a given compound.
Ruring- an investigation into slip modes ocourring 
in B2 type structures Rachinger and ■Cottrell -(314) observed
i kr
slip along (ill) for weakly ionic B2 compounds, including |3f 
brass, section 2*1,1. , and (lOO') slip for more strongly ionic 
B2 compounds. It was proposed that the slip mode adopted was
V
related to the ordering energy of the system. In section 2.3*4* 
the ordering energy of a system was found to be given by;
. . . . . . .  .E = KT
o c
.: .7 . ^
Also from equation B , section 2,12,1, , the spacing between 
two superpartial dislocations may be seen to vary as the 
reciprocal of the ordering energy, Rachinger and Cottrell (314) 
therefore proposed that when the ordering forces are large, more 
ionic, the partial dislocations /2 ^ lllX are pulled together 
in pairs by the tension of the antiphase ribbon between them.
The perfect dislocations so created can dissociate according to 
equation A , section 2*12,1, , giving slip along the ^  100 X  
direction. When the ordeiing forces are small, weakly ionic, 
the super partials remain dissociated and slip is produced along 
^lll^ , Rachinger and Cottrell (314) suggested that the
critical value for the transition of processes occurred at
0,006ev/bond, But as previously mentioned (3 brass is weakly
ionic, section 2,1,1, , and the ordering energy is 0,015ev/bond, 
Hence the observation of ^111^ slip in p* brass is consistent
i u
with theory.
Clark (14.1) investigated the nature of slip traces 
on polycrystalline p* brass alloys, over the composition range 
43.5-48.25 at.$ zinc, when subjected to reverse bending fatigue 
deformation. Slip traces in low zinc alloys deformed at room 
temperature were observed to be straight and broadly spaced with 
little associated wavy slip. High zinc alloys showed more 
frequent wavy slip traces which were generally more closely spaced* 
It was proposed that the variation in the type of slip traces 
observed could be explained on the width of separation of 
superpartial dislocations.
It was suggested that as a result of the high elastic 
anisotropy of (31 brass the superpartial spacing in alloys near 
the equiatomic composition should be in the order of a few atomic 
distances. In this case, cross slip of superpartial pairs is easy 
and takes place by the trailing superpartial following the 
atomically identical path of the leading superpartial. As the 
zinc content decreases, the maximum degree of long range order and 
T decrease so that the superpartial spacing, r , increases.
The superpartial spacing, r , at 40$ zinc was calculated to be 
about 75$ greater than that at the equiatomic composition.
As a result the trailing superpartial cannot follow the leading
IL?
superpartial so easily and cross slip becomes more difficult.
At low zinc contents superdislocations tend to be confined to 
their slip planes,
2.12.3« Alternative Modes of Deformation.
Deformation bands have been observed to form in 
metals and alloys following an initial period of deformation by 
slip. At present two distinct classes of deformation bands are 
recognised; and the terminology proposed by Honeycombe (315) 
for these are
(a) band of secondary slip;
(b) kink bands.
Bands of secondary slip are considered to be regions approximately 
parallel with the primary slip markings which are usually deficien 
to a greater or lesser extent in primary slip, Hargreaves and 
Clarebrough (316) suggest that no clear distinction exists 
between clustering of the primary slip bands and bands of 
secondary slip. This type of slip band is a preferred site on 
which secondary slip may proceed.
There has been a tendency to use the term kink bands 
to describe deformation bands because of their crystallographic 
resemblance to kinks in single crystals. Orowan (317) showed
1 U
that kinking occurred in single crystals of hexagonal metals, 
e*S*j cadmium, when deformed in compression. This occurred 
along an axis parallel with the basal plane, by a process of 
organised slip. Therefore the orientation changes sharply 
across these planes. However j Hargreaves and Clarebrough (31^; 
suggest that there is general agreement that kink bands of the 
type studied by Cahn (318) in aluminium are regions initially 
perpendicular to the active slip direction in which the lattice 
is rotated, with respect to the lattice outside the kink band* 
about an axis perpendicular to the slip direction. Again this 
type of band is a preferred site of secondary slip.
Barrett and Massalski (139) and Barrett (319) 
observed that deformation bands form in J3f brass when deformed 
in compression. Bands also form when subjected to tensile 
stresses Bassi and Strom (123) • The tendency for bands to 
form was found to be strongly dependent upon the temperature and 
rate of deformation. Generally s3ip lines were comparable in 
length with the dimensions of the grains, but examples were found 
of short slip lines arrayed side by side building up a deformatior, 
band at a high angle to the length of the slip lines. Other 
examples were found where clustering of larger slip lines 
generated bands parallel to the slip lines. Barrett (319)
IV)
concluded that both secondary slip bands and kink bands were 
formed in (3 brass but that kink bands were predominant. He 
found that the incidence and spacing of deformation bands is a 
function of both temperature and mode of deformation. Above 
the order/disorder transition temperature the band spacing was 
f ound to approach the grain size of the material and the 
interface boundaries become diffuse.
Etch pit studies by Bassi and Hugo (320) confirmed 
that deformation bands were formed by tilt of the lattice, but 
the orientation relationship between band and matrix was not 
established. From the etch pit configuration it was deduced 
that the tilt probably occurs by rotation about a <^111^ direotio 
A higher density of dislocations was found associated with these 
bands but no sharp interfacial boundary was detected rather a 
transition from one to the other.
Mott (321) considered that the arrangement of 
dislocations in a deformation or kink band are as shown in Fig. 38 
Negative edge dislocation glide from the left to pile up against 
the band whilst positive edge dislocation glide from the right, 
resulting in tilt across the band, giving the ^ink* . Barrett (3
applied the growth model for deformation hand formation proposed 
hy Mott (322) to {3* brass. He suggested that the band 
boundary originates with a wall of dislocations being halted
fj
at an obstacle. Bassi and Hugo (320) suggested that the most j
§
effective obstacle to dislocations is a grain boundary. This
I- . ■ . ■ I
suggestion was based on two observations:
(a) a greater tendency for bands to originate at grain 
boundaries;
(b) a greater number of bands form in polycrystalline
spe cimens than in single crystals. j
Bassi and Hugo observed that the boundaries of the 
deformation bands became sharper following annealing of deformed 
specimens at low temperatures (200-250°C) suggesting that the 
dislocation arrangement of the S type shown in Fig. 38 had moved 
by a thermal activation to produce a dislocation wall of the 
type observed in single crystal kinks in hexagonal metals* At 
higher temperatures up to 400°C some of the bands were absorbed. 
Also walls of dislocations split into low angled sub-walls.
Above 450°C annealing resulted in polygonization and recrystalli™ 
zation of the matrix.
Bassi and Hugo (320) also suggested that the 
inherent brittleness of p* brass was the result of the tendency
mfor dislocations to pile Up; Rapid piie.„u.p results in the cessation j! 
of glide so that further deformation would be restricted by ■ |
band formation. But lattice tilt which generates the deformation j
band is crystallographically limited so that brittle fracture j
result s.
Twinning does not occur during the deformation of
I
{3* brass, but martensite is generated in preference, section 2.6. j
Twinning in metals normally arises as an alternative mode of j
deformation of a lattice when the slip systems become exhausted. 
Hence martensite formed in (3* brass during deformation is an 
alternative mode of lattice deformation.
2.12,4* Deformation and Order.
Deformation of (3* brass at room temperature will be
under conditions such that diffusion and dislocation climb is
a /
limited. The superpartial dislocations o/2 <£111> which are
present in undeformed p f brass will slip on ^llo| planes when 
subjected to deformation. The principle obstacle to slip will 
be brought about by the interaction of the superlattice disloca­
tions with antiphase boundaries. The density of antiphase 
boundary will be greater in the as-quenched condition and will 
be predominantly of the type discussed in section 2.3*5* Flinn (60
0*
suggests that whenever a dislocation pair passes through an 
antiphase boundary region additional boundary is produced.
This extra boundary will lie in the activated slip plane 
Fig. 29 • Such an increase in boundary length is the result of 
the relative displacement of the original antiphase boundary 
cutting the slip plane. Thus as Cottrell (58) has shown the 
resistance to deformation is impeded by dislocation/antiphase 
boundary interaction because extra energy is required in order to 
generate the extra length of antiphase boundary within the active 
slip plane. As more and more slip systems operate during 
increasing deformation Flinn ( 60) suggests that the antiphase 
boundary length increases such that the domain, size decreases, 
this process leads to an increasing work hardening rate (26) .
As the amount of antiphase boundary increases so the overall 
degree of long range order is reduced. Therefore in the limiting 
case deformation could disorder (31 brass at room temperature,v 
which cannot be achieved by quenching.
•i
Smith (286) has shown that deformation will not 
disorder {3* brass because it is difficult to achieve large amounts 
of deformation without ensuing fracture. However, in order to 
test the validity of the claim that deformation will result in 
disordering this B2 structure Honeycombe and Boas (323) heavily
\~>l
deformed a 41*3 at,$ zinc a + p brass • It was found that the 
duplex structure could be severely deformed because of the greater 
ductility of the a phase (Al) . A differential resistivity
technique was used and a sharp increase in the Resistivity 
observed above 80$ deformation. This resistivity change was
attributed to disordering of the (3*. phase.
Qy
3 EXPERIMENTAL
3*1. Furnaces.
3.1.1. Furnace for Quenching Specimens.
Brass specimens containing 38.I to 43*4 at.$ zinc 
were homogenised at temperatures above the p/a+(3 phase 
boundary Figs. 3,4 and quenched to obtain metastable p.* .
A furnace was constructed to meet the following requirements:
(a) constant temperature during soaking;
(b) minimum zinc loss from specimens;
(c) rapid quenching rate.
A vertical furnace was considered to be most suitable, achieving 
rapid quenching by allowing a specimen to fall freely into the 
quenching medium.
The furnace arrangement is indicated in Figs. 40, 41 
The furnace contained three separate nichrome windings, along the 
length of the heating zone, the outer two windings were of higher 
rating to compensate for edge effects. Each winding was linked 
in series with an external variable resistance, Fig. 40 , 
allowing control of the temperature gradient within the furnace.
An electronic temperature controller was used to maintain the
required temperature. This controller operated from a chromel/ 
alumel thermocouple T^ placed in a small air gap between the 
outer and inner furnace tubes, Fig. 41 . In this position 
sensitivity was high and thermal cycling small. The working
temperature was measured by a second thermocouple Tg , placed 
at the centre of the constant temperature zone and connected 
to a sensitive potentiometer.
Zinc loss from brass specimens heat treated above 
600°C , arises from two major sources: If
(a) the low vapour pressure of zinc;
(b) oxidation of the zinc (325)(154) | 
The generation of a partial pressure of zinc within
the furnace would be expected to minimise vapourization of zinc.
To achieve this a tube of, 0.25” gauge, 60/40 brass wire
I;
gauze was placed inside the heat treatment zone of the furnace, jf
Fig. 41 . During operation, this generated a furnace atmosphere 
containing zino.
An inert furnace atmosphere was used to prevent 
oxidation of zinc. , This atmosphere was composed of oxygen free 
nitrogen plus 2%  hydrogen and flowed from top to bottom of the 
furnace tube, in order to counter any upward temperature gradient
drift within the vertical heating zone. The gas passed over .a dry!:.:
in
train containing "Molecular Sieve” (aluminium silicate) , prior 
to entering the furnace. The correct flow rate and nitrogen/ 
hydrogen ratio were achieved by using pressure differential water 
manometers, Fig, 4-0 , A sealed quenching system was used, which 
was controlled by the sliding valve.
Before the furnace was used, operating characteristics
were established. The temperature gradient along the central zone
of the furnace is shown in Fig, 4-2 , which differs by less than
1°C over five inches. Measurements during subsequent experimenta 
working were taken using one thermocouple Tg fixed at the 
centre of this constant temperature zone. At 830-84-0°C the 
overall temperature control was + 5°C , Fig, 4-2 , The thermal 
cycle controlled electronically was observed to repeat regularly 
about every seven minutes. The overall temperature fluctuation 
was adequate for the experimental requirements.
3,1,2, Isothermal Tempering:
Specimens of metastable (3* brass were tempered 
isothermally over the temperature range 100-700°C . Salt or 
metal baths were favoured because of the rapid heat transfer 
obtainable.
M l
Over the temperature range 350-700°C a molten 
lead bath was used. The construction of this type of bath is 
shown diagrammatically in Fig. 43 • It consists of a furnace 
box containing a silica furnace tube, around which is wound the 
nichrome resistance heating coil. Into this central tube, fits 
a cast iron pot containing pure lead. A tight fitting cover 
minimised heat losses from the surface of the molten metal.
Temperature control was carried out by an electronic 
regulator which was connected to a chromel/alumel thermocouple 
placed between the furnace pot and the resistance winding. The 
arrangement gave the required control sensitivity. To improve 
the temperature control the power input to the furnace was 
adjusted by a variable transformer.
The operating temperature was measured using a 
potentiometer connected to a chromel/alumel thermocouple, which was 
contained in a stainless steel (18: 8 nickel/chromium) sheath.
The thermocouple was placed at the centre of the working zone.
A thin coating of graphite powder was used, to
prevent excessive oxidation of the molten lead at the free
surface particularly at the higher temperatures.
Over the temperature range 200-350°C a liquid salt 
was used. The pot holding the salt was made of stainless steel
0 ?
to prevent corrosion problems. The salt used was a nitrate/ 
nitrite mixture, "Cassel IfjO*1 , which melted to give a clear 
liquid at ^150°C ,
Before the liquid heat treatment baths were used the 
characteristics of each were determined. In particular the 
setting of the variable transformer was established, which in 
conjunction with the electronic controller gave the minimum 
temperature fluctuation about a required temperature, A minimum 
period of 8-12 hours at temperature was found to be necessary to 
establish equilibrium before use. The temperature gradient 
along the length of the molten lead or salt was found to never 
exceed £ 2°C • But a central working zone of about 4” in 
length was established in which the temperature fluctuation was
4* O
within the limits of - 1 C ,  A typical temperature gradient
plot for the lead bath at 430°C is shown in Fig. 44 *
The measuring thermocouple was connected to an
automatic temperature recorder and the temperature fluctuation
about a given mean recorded. The values obtained are shown in
Fig, 44 as positive temperature differences. Above 200°C the
+ o
temperature fluctuation never exceeded - 3 C . In the critical 
isothermal transformation temperature range 250-500°C , where 
most experimental values were obtained, the temperature variation
»>*
+ onever exceeded - 2 C .
Below 200°C the times for heat treatment were 
lengthy, up to six months. As a consequence of this air 
circulating furnaces were used for convenience. These furnaces 
were of the mechanical convection type, G-allenkamp No. 7852, 
where a rotating impeller inside the furnace constantly circulates 
the air. Hence it is reasonable to assume good temperature 
distribution and control is achieved. These furnaces were 
controlled by a hydraulic thermostat to within * 3°C •
3*2. Micro scopy.
3*2.1, Optical Microscopy,
All optical photomicrographs were obtained using a 
Bausch and Lomb Metallograph, with a magnication range of x50 to 
xl500 . The metallograph was fitted with facilities for oblique 
illumination and a polarizing condenser.
3.2.2. Electron Microscopy.
An Akashi 'Transcope1 electron microscope operating 
at 50 Kv. was used for all electron metallography. The range 
of magnification was xl500 to x30,000 , Because of the low
\ to
accelerating voltage only surface replicas could be examined, 
consequently the technique was used as a direct extension of 
optical metallography,
3,2,3. Hot Stage Microscopy,
Several papers describing various aspects of the 
technique of hotstage microscopy have appeared in recent years, 
(326)(343) .
A Reichardt hot stage microscope was used for the 
present investigation. The essential features of the hot
stage and furnace are shown in Fig, 45 • The hot stage consists 
of a furnace whioh has a water cooled casing. The specimen, the 
dimensions of which are discussed in section 3*6.3. > is fitted 
into an optically flat ceramic ring. Surrounding the specimen 
is a molybdenum resistance heating element. The operational 
temperature for this furnace goes from ambient temperature to 
r«1200OC , Because of the possibility of severe< zinc losses 
the present investigation was limited to temperatures not in 
excess of 550°C • The furnace temperature was controlled by 
varying the voltage supplied to the molybdenum resistance element 
by means of a variable transformer. Control was manual, but 
following calibration the required temperature could be maintained
+ 0to within - 3 C , for long periods, with little adjustment. The 
rate of heating could be varied, but at a maximum rate the specimen 
would reach 500°C in 30 seconds. This is a slow rate compared 
with that obtainable from hot stage furnaces where the specimen 
is made the resistance heater.
The viewing window situated at the bottom of the 
furnace chamber directly below the specimen, consists of two 
glass slides; the inner slide may be changed during operation of 
the furnace, and thus any vapour generated during operation does 
not impede observations. The specimen is viewed through this 
window by means of an inverted optical microscope.
During operation with brass specimens, three 
different furnace atmospheres were tried, to determine that which 
gave best results:
(a) Vacuum (2 x 10 Torr)
(b) Argon (atmospheric pressure)
(c) Hydrogen (atmospheric pressure) ,
Of these hydrogen at atmospheric pressure was found to be most 
satisfactory because as a reducing atmosphere it was self—protecting 
Thus no oxidation of zinc in the brass occurred. When a hard
l . i ,
vacuum was used (a) no oxidation of zinc occurred, but the 
reduced pressure increased alno losses from the brass. These
The basic criteria for the application of hot stage j j
metallography are: I
(a) it must be possible to differentiate the phases, 
e.g., surface relief;
■
0>) the observations made on the surface of the material i
must be representative of the whole volume. !
If these conditions are fulfilled the hot stage microscopy provides 
an ideal method of investigation for phase transformations.
However, it is difficult to observe fine detail.owing to the ,!
necessity of using long working distance objectives, with their 
associated low resolving power. Two objectives were used, in 
conjunction with a x7 eyepiece giving a magnification xl50 
and a magnification x500 . The latter was a reflecting objective 
to give the required working distance.
Film recording of the progress of transformation 
was found to be useful as it allowed a quantitative approach.
Also it allows detailed analysis to be carried out after the 
transformation is completed. The technique adopted was similar 
to that discussed by G-lover (327) * and the apparatus used 
consisted of the following standard components. A Paillard-Bolex 
16mm camera was mounted on a rigi^ tripod in front of the eyepiece
K3
of the Reichardt microscope. The camera lens was set to 
infinity and the iris diaphram opened wide. In order to focus 
and centralize the image in the plane of the film, the camera gate 
was removed and a prism having a ground glass screen inserted in 
place of the film. A fast film was found to be necessary, so an 
Ilford H.P.S. 800 A.S.A. film was used. Even so, the lowest 
possible frame speed, 12 frames/sec., was used because of the low 
light intensity from the specimen surface. As the transformation 
proceeded and the amount of surface tilting increased so the 
reflected light intensity decrease^because of increased scattering, 
The microscope was equipped with two eyepieces, so that the 
transformation could be observed throughout the filming sequence. 
Because of the difficulty of calculating the secondary magnifica­
tion on the film, a run was carried out when the specimen was 
replaced by a calibration graticule. The quality of prints 
taken from single frames was poor because of the large grain size 
associated with fast film.
3.2.4. Interference Microscopy.
The interference microscope used consisted of a 
standard bench microscope to which was fitted a Watson two beam 
interferometer. The eyepiece of the microscope was replaced by a
Leitz eyepiece incorporating a reflex prism. In one position 
the reflex allowed normal viewing and in the other position the 
image was ready for photography, where a 3 camera hack could 
he fitted,
A monochromatic sodium light source (\ = 5890°A) was
used. The two heam interferometer gave fringes which were
hroader than those obtained from multibeam interferometry (331) •
However the resolution was sufficient to determine the fringe 
displacements to within a tenth of a fringe spacing.
Calibration for magnification on the film was 
carried out by photographing a standard calibration graticule which 
replaced the specimen.
3*3* X-ray Diffraction.
3.3.1. Debye Scherrer Powder Camera.
Powder Debye Scherrer X-ray diffraction photographs 
were taken using a standard 57.3mm diameter Philips camera.
The film mounting in this camera is of th©' Straumanistype *(49) 
so that film shrinkage during processing could be neglected.
The specimens*used were polycrystalline wires (3.9,2*) . For 
the copper base alloys, monochromatic Cu radiation was employed.
t&c
3.3*2. X-ray Diffractometer.
A Philips X-ray diffractometer was used for most 
X-ray diffraction investigations. The important features of the 
diffractometer will now he considered. The essential features of 
the diffractometer have been described by Cullity (50) .
The diffractometer design is based on a Debye
Scherrer camera, a movable counter replacing the strip of film.
Monochromatic Cu„ radiation was used which is placed at theha
circumference of a circle the centre of which contains the specimen 
A flat specimen is used in order to take advantage of 
the focusing action (50) and thereby increase the intensity of 
weakly diffracted beams so that they may be accurately measured. 
Perfect focusing requires that the specimen should have a curved 
surface which is not practical. Flat specimens*which are used 
practically, cause some broadening of the diffracted beam, but 
this can be minimised if the divergence of the incident beam is 
not too large.
The focusing arrangement used.in the Philips 
diffractometer is shown in Fig, 46 . The Soller slits remove 
a large proportion of rays inclined to the plane of the diffraction 
circle and still allow a long line source to be used. The beam \  
diffracted by the specimen passes through another Soller slit
let
assembly and a receiving and scatter slit before entering the 
counter. Since the receiving slit defines the width of beam 
admitted to the counter* an increase in its width increases the 
intensity of any diffracted line being measured, but at the 
expense of resolution. It is therefore necessary that the 
components are aligned so that the following conditions are 
satisfied (50):
(i) line source, specimen surface and receiving slit axis 
are parallel;
(ii) the specimen surface coincides with .the diffractometer 
axis;
(iii) the line source and receiving slit, both lie on the 
diffractometer circle.
On the Philips diffractometer unit provision is made 
for both continuous and intermittent measurement of the 
diffraction pattern,
(a) Continuous,
The counter is set near 20 = 0  and connected to a
counting rate meter whose output is fed to an automatic recorder. 
The counter is then driven at a constant angular velocity, through 
increasing values of 20 until the whole range is scanned.
During this time a plot of 20 against intensity, counts/second,
!*?
is automatically recorded,
(b) Intermittent,
The counter is connected to a scaler and set at a fixed 
value of 20 for a time sufficient to make an accurate count 
of the pulses from the counter. The counter is then moved to 
a new angular position and the operation repeated. This method 
is usually used to traverse the positions of known peaks and a 
profile may be obtained at intervals as small as 0,01° , This 
method although slower than automatic recording, yields more 
precise results.
The diffractometer used was calibrated against a 
silicon crystal for which intensity peak positions were known.
The advantages of the diffractometer have been 
discussed by Cullity (50) •
Quantitative measurements of line position and 
intensity are made in one operation, whereas three steps are 
required using the film technique. If polycrystalline flat metal 
specimens are used, section 3»9.2. , the accuracy of the results 
depends upon the presence of sufficient grains of the correct 
orientation, to obtain all the peaks. Therefore grain size can 
be a limiting factor.
3.3.3- Back Reflection Camera:
The Laue back reflection technique (49) was used 
to determine the orientation of specific grains in a specimen.
A standard Unicam back reflection camera was used 
for this purpose. However, to increase the accuracy of alignment 
the X-ray beam onto the required grain in a polycrystalline specimen 
a modified technique discussed by Holmes and Focks (327) was 
adopted. The difficulty of ensuring the X-ray beam is 
irradiating the correct grain is associated mainly with the 
practical limitations imposed by the 3c& distance between the 
film holder and the specimen.
The standard specimen holder was replaced by a 
moving stage, shown in Fig. 47 • The specimen of metastable (5* 
brass had two fiducial lines scribed at right angles, on to the 
surface. The grain size of the polycrystalline specimens used 
was generally about l-2mm . The specimen was then fixed with 
a small piece of ,plastacene* to the moving stage and aligned, 
with the fiducial markings vertical and horizontal, with the aid 
of a low power telescope containing cross wires in the eyepiece. 
When this was completed the film holder carrying the collimator 
was placed in position and a small stainless steel mirror placed at 
an angle between the specimen and film holder. The arrangement of
this system is shown diagrammatically in Pig, 48 • A high 
intensity light source was used in place of the X-ray source.
The light beam produced passed through the collimator, then the 
hole in the stainless steel mirror on to the specimen surface.
A secondary low intensity light source, indicated in Pig. 48 , 
was used to illuminate the specimen to aid viewing of the surface 
in the mirror. With the aid of a low power telescope, the 
position of which is indicated in Pig. 48 , the point where the 
collimated intense light beam impinges on to the specimen surface 
may be observed in the mirror, Pig. 47 • Then by careful 
adjustment of the two screws the specimen could be moved to bring 
the light spot on the specimen surface, to the centre of the 
grain requiring to be oriented, giving a rapid positive method 
of ensuring that when the light beam is replaced by the X-ray beam, 
diffraction will occur from the correct grain. A limitation 
of this method is that it is only suitable for grain sifces of 
0.5nim and above. The accuracy of alignment was - 1° .
White radiation produced from a copper target was 
used for irradiation of the metastable brass specimens. The 
normal period of exposure was between |r-l hour.
i'jo
3*4. Electron Probe X-ray Analyser.
3.4*1. Introduction.
X-ray emmission analysis provides a means of obtainin 
both quantitative and qualitative information about surface 
composition in situ from a normal metallographic specimen.
The instrument used for the present investigation was 
a Cambridge Micro scan Mark 11 A X-ray analyser. The essential 
features of the type of instrument have been been previously 
summarized (328) « In principle, a beam of electrons usually 
focussed to a few tenths of a micron is positioned on to the 
specimen surface. As this is a scanning instrument an image of 
the surface formed on a fluorescent screen from the back scatter 
of electrons was used to select the required position. The 
resulting X-ray emmission is analysed by a crystal spectrometer. 
For the copper/zinc system under consideration a LiF crystal 
under vacuum was most suitable. Thus by counting on a scaler, 
the characteristic radiations emmitted for the required elements 
and comparing with calibration standards, the concentration of 
the required elements could be obtained. It was also possible to 
build an image on the fluorescent screen during scanning in terms 
of the X-ray emmission from the specimen surface, Prior
mexamination of the. area of the specimen surface to be analysed, 
was carried out using the attached optical microscope.
Although simple in principle, sources of error
during attaining quantitative data are numerous and therefore 
operating conditions had to be carefully controlled.
3*if.2, Error Sources. !
The sources of error during X-ray microanalysis may j
be separated into theoretical and experimental. The latter !
involve careful control of the operating conditions.
i
3.4,2,1. Theoretical Error. j
In X-ray microanalysis the measured X-ray
i
intensities generally have to be corrected for secondary inter- i
I
elemental effects, such as self absorption and fluorescence. j
j
The most suitable absorption correction has been j
derived by Philibert (332) which allows for the atomic number 
effect which is incorporated in a parameter h given by:-
A
h s constant — s- 
Z
where A is the atomic weight of the sample and Z the mean 
atomic number. The correction factor for absorption takes the fork 
!/?( %  ) = (X +*/<*) [1 + h <1 )]
< u
where tf is a modified Lenard coefficient (a function of the 
acceleration voltage) and X  is given by:- 
X  = p/p cosec © 
where jj/p is the mass absorption coefficient and © is the take 
off angle of the spectrometer* The limiting condition for the 
application of this equation is that the atomic number of 
components should not differ greatly. This condition is satisfied 
for the binary copper zinc alloys. Appendix a shows that 
the effect of self-absorption for binary brass alloys will be small 
and no correction is necessary. Similarly because of the 
nearness of the atomic numbers of copper and zinc, it has been 
suggested ( 329) that no correction should be necessary for 
fluorescence. Hence no correction in binary copper—zinc alloys 
for secondary effects was used to modify the measured intensities,
3,4*2,2, Experimental Procedure.
Ideally for each element to be analysed, there 
exists an optimum kilo voltage between lj and 2 times the 
excitation potential for the element. Practically, varying the 
beam potential necessitates refocusing the sample which is 
difficult for analysis of duplex structures. An operating voltage 
of ^ 2 5 Kv was found to be satisfactory for the present investigation
Strictly the incident current should he kept constant,j 
hut no provision was made on the Microscan for continuously j
. ' f
measuring this current, so it was more convenient to operate with j
|
a constant specimen current. Most consistent results were
P
obtained hy using a specimen current of 50 milli micro amps. \
. • I
Careful control of this current was necessary as a continual J
i
■ ■ |
drift occurred over long time periods. j
I
o IThis instrument had a low take off angle, 20 , !
I
thus it was sensitive to small variations in specimen height, j
giving rise to small variations in the position of the spectrum, ]
i
which could affect signals to the automatic scaler. This was j
particularly true for the duplex copper/zinc alloys, where light I
etching, used to reveal an electron image, caused a change in 1
surface contour. Satisfactory results were obtained if the j
\
spectrometer was scanned through the peak of the spectrum line and ! 
the signal recorded automatically. For spot counts, the 
spectrometer was reset to the angle corresponding with the peak 
of the spectrum line and the counts recorded on the scaler.
Care was taken to repeat the same procedure in both 
specimen and standard, to minimise the effects of carbon 
deposition from the electron beam.
There was an instrumental delay time, so values
recorded by the scaler had to be corrected. Further, 
d u r i n g  t h e  c o u n t i n g  s t a g e  it was necessary to record j
sufficient X-ray quanta to reduce the statistical fluctuation j
.  . I
below 1 %  • f
I
The percentage error varies as the square root of j
g
the number of counts, thus:
± I
2 ■ 1 %  error = x 100 • where n = total number of counts. I
I
Thus 10,000 count would require for ifc error. It was found that i
operating with a counting time of 100 seconds, gave the required J
accuracy.
3*5* Mechanical Testing.
3#5#1# . Hardness. Test s.
All hardness tests were carried out using a standard 
Vickers hardness machine and a 5Kg load , Preliminary 
investigations were carried out to determine the minimum number of 
hardness value s/specimen required to give reproducible results#
Six values were found to be the minimum, a greater number did not 
increase the reproducibility of the average value obtained 
sufficiently to warrant the extra time involved. Of the six
(*r
values obtained the highest and lowest were rejected and the 
average of the remaining four taken as the hardness value,
3.5*2, Tensile Tests,
A hydraulic Avery tensile testing machine with a 
maximum load of 2,500 lbs* was used for all tensile testing.
This instrument was fitted with an automatic load/extension 
recording device coupled to an electronic extensometer,
3*6* Specimen Dimensions*
3.6,1, Specimens for Isothermal Tempering*
The thickness of the specimens had to be sufficiently 
small to allow rapid heating during tempering in the salt or 
lead baths, and for rapid cooling during the quench, so that all 
metastable (3* could be obtained, with no grain boundary a 
separation. This latter point was particularly important for 
low zinc alloys. However, the thickness had to be sufficiently 
large to allow accurate and reproducible hardness tests to be 
carried out. A specimen thiokness of 1mm was found, 
experimentally to satisfy these requirements, A specimen size 
of 1 x 10 x 15mm was therefore used.
In order to obtain an estimate of the time required 
for a specimen of 1mm thickness to reach temperature in a lead 
bath at 500° C , two 1mm thick brass specimens 10 x 30mm were 
bolted together on either side of a thin wire chromel/alumel 
thermocouplei The gap between this sandwich was small and 
insufficient to allow liquid lead to penetrate to the thermocouple* 
The thermocouple was connected to a high speed recorder and the 
speoimen immersed in the lead bath. The automatic plot of 
temperature against time, Pig. 49 > shows that the specimen 
reached the temperature of the bath in 6 seconds. However this 
represents the time to heat a 1mm (thickness) section and the 
actual specimen thickness would be effectively half this, also 
heat transfer to the thermocouple would not be as effective as 
that obtained in a complete specimen.
Applying an inverse square law relationship the 
approximate time to heat this specimen would bes
2
where t^ and tg = specimen thickness 
0^ and = time (seconds)
X
= /2 secs
©2 = ( 6 ) .  m  
, 2
1?
Pig, 49 9 shows that only 4 seconds are required to 
achieve a specimen temperature within 10°C of the hath 
temperature, representing a heating time o f s e c o n d  for the 
actual specimens*
3.6,2, Tensile Specimens.
The dimensions of the tensile specimen in mm, are 
shewn in Pig. 50 •
3*6.3. Specimens for Hot Stage Microscopy,
Normally the specimens used in the Reiehardt hot 
stage microscope were made as a single piece of the material 
to he examined and with the overall dimensions shown for the 
composite in Pig. 51 • However, the original hrass stock alloys 
were in the form of hot rolled 7mm strip so that it was not 
possible to make up complete specimens. Therefore a modified 
specimen design had to he adopted, A copper beryllium specimen 
holder was made of the standard specimen dimensions and through 
the top of this was milled a channel as shown in Pig. 51 * A 
hole was drilled into the side to accommodate the thermocouple. 
Into the central channel was fitted the hrass specimen filed to 
size and of the required composition. The specimen shape was
such as to ensure a minimum gap existed between the specimen and 
holder, as this is essential for good thermal contact.
3*7. Electro-polishing.
Electropolishing was used to remove the flowed surface 
layer present on copper/zinc and copper/gold/zinc specimens after j 
mechanical polishing.
3.7«1* Copper Zinc Alloys.
Excellent, polishes were obtained using the method 
discussed by Tegart (330) • In this method the electrolyte
employed is orthophosphoric acid. Two sets of polishing j
conditions were used.
]
In the case of the metastable (3* phase alloys the
]
specimen was made anodic in a bath of orthophosphoric j
j i
acid, S.G-.l. , using a copper sheet cathode. Both electrodes j
were supported horizontally in the cell with the specimen (anode) j
about 1.5cms below the copper cathode.
Polishing was carried out between 1.5-1*7 volts for 
a period of 7-9 hours. Initially the voltage drop acrosB the 
cell tended to increase and had to be carefully controlled, but 
after a short time a blue viscous layer formed on the specimen
1*7?
surface and the polishing conditions became stable. At the end 
of the required polishing time the specimen was removed* with the 
current still on, and washed in a fast stream of cold water* If 
thorough washing was not oarried out at this stage, staining of 
the surface occurred.
The minimum time period required for complete removal 
of the worked surface layer was established by the observation 
of the etch pit distribution after polishing for various times. 
These pits were obtained using the etchant and procedure proposed 
by Bassi and Hugo (320) , section 3*12.1. The rate of removal
of the surface layer under these polishing conditions was found to 
be 0,Olmm/hour.
A $0:50 orthophosphorio acid/distilled water mixture 
was also tried as an electrolyte for the polishing of metastable 
(31 specimens. However, although the polishing time was reduced 
to about 40 minutes, it was found that the resulting surface was 
not as good as that obtained from the method described above.
As most of the electropolished metastable |3* specimens were to be 
used for observations of the effect of transformation on the 
polished surface, the former method was preferred.
For two phase a + j3* alloys, electropolishing in 50:$0 
orthophosphorio acid for approximately 10 minutes was found to be
i-tro
suitable. This was sufficient to ensure a scratch free surface 
on etching, suitable for metallographic examination.
3*7*2. Electropolishing Anomalies in Copper Zinc Alloys.
If electropolishing in concentrated orthophosphorio 
acid was carried out on metastable j3‘ specimens for periods in 
excess of ^ 1 0  hours, radial‘growthsf frequently formed on the 
specimen surface. Pig. 52 shows a ‘growth* which apparently 
originated from several nucleation centres formed at the edge of 
a 39*8 at,$ zinc specimen. These growths were visible on 
account of the relief produced on the otherwise polished surface. 
Pig. 53 shows some of the radial spikes at a high magnification 
when illuminated obliquely. By reversing the direction of 
illumination it was established that each spike consisted of a 
double surface tilt about a central axis. Although it could 
not be established unambiguously it appeared that this anomalous 
effect was an overgrowth due to redeposition on to the surface 
of the specimen.
However, because this growth effect was observed to 
form only after long polishing periods it is possible that it may 
be related to a concentration polarization effect. Also the 
nucleation sites occurred predominantly at specimen edges and,
also in the case of the hot stage microscopy specimens, at the 
specimen/holder interface, suggesting that nucleation was 
related to non-metallie impuritiesj possibly resulting from 
the polishing compound* This would particularly apply to the 
hot stage specimens where it was difficult to remove all the 
polishing compound from the join* No explanation as to its 
mechanism of formation was directly obvious*
2*7*3* Copper-Gold-Zinc Alloys.
The copper-zinc alloys with A at.%  gold additions 
would not eleotropolish in an orthophosphorio acid electrolyte, 
because of the passivity produced by the gold. In this case 
metastable {3* specimens only, required electropolishing.
The cyanide base electrolyte, proposed by Bakish and 
Robertson (333) for copper/gold alloy polishing, was found to be
suitable. The electrolyte containedj-
Potassium Cyanide ••••••••••«••••65*5 grms/litre
Potassium Sodium Tartrate .....*.15 grms/litre
Potassium Ferrocyanide ••••••••••13 grms/litre
Orthophosphorio Acid .18.5 mls/litre
Ammonium Hydroxide (SO 0.9) •••*•2.5 mls/litre
i-oIL.
It was necessary to make this electrolyte up freshly 
on each oooasion.
In the electrolytic cell a stainless steel circular 
cathode was used and the specimen held vertically in the centre 
of this cathode. The best polishing conditions were found to 
occur at 2 volts and 0*2-0.4 amps/cm * At this stage the 
black surface ooating, whioh formed on the specimen initially, 
was just removed. At higher current densities vigorous gassing 
occurred at the anode, causing pitting of the specimen surface. 
Throughout the period of electropolishing, approximately 10 
minutes, the electrolyte was mechanically stirred. After 
polishing the specimen was removed from the cell, with the current 
on, and washed in a fast stream of cold water to prevent staining 
of the polished surface by the electrolyte,
3*7*4 Nickel Plating:
Binary copper-zinc alloys were nickel plated, using a 
•G-leamol* electrolyte containing:-
Density
Total Nickel
Boric Acid
Nickel Chloride 58*2 gr/litre 
44*4 gr/litre 
64.5 gr/litre 
1.2 S.Gr.
Plating was carried out at 4 volts using a nickel foil anode.
The electrolyte was maintained at 50-60°C and mechanically 
agitated, Prior to plating, the specimens were cleaned in 
carbon tetrachloride to ensure a grease free surface, so that the 
nickel deposited coherently on to the specimen surface.
3.8. Alloy Preparation.
3.8,1. Copper*Zinc Alloys.
Six binary copper zinc alloys were prepared from 
O.P.H.C. copper ( 99*99/0 and ’Crown1 zinc ( 99*99%) so
that the composition range 38-44 at.$ zinc was covered at 
intervals of approximately 1 % . Metal ingots 150 x 200 x 25 mm 
were cast and the ends cropped. After homogenisation at 750°C 
the ingots were hot rolled to give 7 mms thick strip, which was 
used as stock material for all experiments.
Sections approximately 150 x 230 mms were cut from 
this strip and homogenised at 750°C for 24 hours, ensuring a 
completely homogeneous composition. After slow cooling these 
strips were ground, etched in 5 0 % hydrochloric acid and finally 
rough polished on a mechanical polishing mop. By the removal of 
a surface layer about 0.5 to 1 mm thick material deplefted in
zinc as a result of heat treatment was removed.
Drillings for chemical analysis, section 3-10 , 
were taken from various positions along the strip. The analyses 
confirmed that all the alloys were homogeneous, as samples taken 
from the various positions never differed by more than 0 ,05% , 
which was within the limit of experimental error.
Each strip was cut into three to give strips of 
approximately 150 x 75 x 7 mms. These were then soaked at 
750°C for 10 to 15 minutes and hot rolled to reduce the thickness 
from 7 mms to 1 mm in ten passes. Interstage heating was used 
between passes when required.
3*8.2. Copper Gold Zino Alloys.
Two ternary copper zinc alloys containing about 
4 at.$ of gold and 40 and 42 at.$ zinc were prepared. 100 grms 
of 42.3 at,$ zinc binary stock alloy strip were placed in a 
10 mm diameter silica tube, together with calculated quantities of 
gold grain, Q.F.H.C. copper and zinc granules, and sealed under 
about i atms. of argon. Oxidation and vapourization of zinc 
were thus minimised during melting.
These alloys were then melted in an induction furnace 
During the melting the silica tube was inverted from time to time
Jto ensure complete mixing of the constituents. The ingots were 
allowed to solidify from the bottom to the top by gradually 
lowering the silica tube through the induction coil as the power 
was reduced. This minimised the tendency for gases to be 
entrapped, so reducing porosity and pipe formation. The ingots, 
still sealed in the silica tubes, were homogenised for 24 hours 
at 750°C and furnaced cooled. The top, containing a small pipe, 
and the bottom of the ingots were cropped. The cropped pieces
j
were mounted and polished to determine whether any microstructural j
j
differences existed between the top and bottom of the ingots.
No differences were observed. The ingot surfaces were then filed j 
to remove any irregularities and hot rolled to strip of 1 mm 
thickness in ten passes, with interstage heating.
Drillings for chemical analysis were taken from the 
ends of the strip. Results confirmed that no segregation of 
any constituent had occurred, section 3*10.
The procedures adopted in the preparation of the binar, 
and ternary alloys are summarised in Table 5 •
3*9* Specimen Preparation
3.9*1* Preparation of Binary and Ternary Isothermal Specimens, 
Specimens 10 x 10 xl mm, of all compositions were
solution treated in the vertical tube furnace, section 3#1*1* > 
at 830 + 5°c for ninety seconds# This time period was 
established as being sufficient to allow all the a phase to be 
taken into solution, and allowed very little zinc loss from the 
specimen surface* Specimens were quenched, via the sealed 
system into aqueous 10$ sodium hydroxide maintained at 0°C with 
ice# Several quenching media were tried during preliminary 
investigations, but an ioed solution containing 10$ sodium 
hydroxide was found to give the most efficient quench, consistent
with the findings Of Tagaya and Tamura (334) • They found j
1
that the slow cooling stage associated with the envelopment of j 
the specimen in vapour was suppressed by the addition of a non j 
volatile solute such as sodium chloride or hydroxide, allowing 
the rapid cooling stage to be established quickly resulting in a
I
rapid quench* Grain boundary separation was suppressed even with 
zinc contents as low as 39*8 at.$ • However small amounts of 
a phase and also massive a formed in the 38.1 at.$ zinc alloy. 
After quenching,specimens were washed with water to remove the 
sodium hydroxide. Specimens of metastable (3* were tempered in 
lead, salt baths or in air circulating furnaces followed by water i  
quenching to arrest the transformation.
Specimens'were mounted in a thermosetting plastic 
(Bakelite) * The necessary heating at 120°C for 10 minutes
accompanying this was potentially capable of affecting the 
results* To check this, specimens in identical states of heat 
treatment were mounted in Bakelite and Araldite. The latter 
requiring no heating for curing. No obvious micro structural 
differences between the two specimens were detected.
After mounting the specimens (flat) the top surface 
of the specimen was removed by wet grinding on silicon carbide 
papers ensuring that the microstructure was representative of the 
bulk material. Grinding was carried out using 220 , 320 , 400 * 
and 600 grade papers and a surface suitable for mechanical 
polishing was obtained. Mechanical polishing was carried out 
using rotating wheels covered with cloth to which was applied 
a grade diamond paste. Finishing was carried out using a
lp grade paste. Paraffin was used as a polishing lubricant.
To remove any scratches remaining after mechanical polishing the 
specimens were electropolished.
3.9*2. Preparation of Specimens for X-ray Diffraction,
Diffractometer specimens measuring 30 x 10 x 1 mm 
were cut from hot rolled strip. This size of specimen allowed a 
comparatively large number of grains to be irradiated. The 
specimens were soaked at 830 + 5°C in the vertical tube furnace
----
for two minutes and then quenched into 10% aqueous sodium hydroxide?
maintained at 0°C • Isothermal tempering was carried out to i
\
obtain the required amount and type of transformation product*
The specimens were then mounted in Bakelite, ground and
: ?!
mechanically polished using a procedure similar to that described
in section 3*9*1* But to ensure a completely smooth surface,
a requirement for the diffractometer and also to ensure complete l
removal of any deformation martensite formed during the mechanical
preparation* the specimens were electropolished* A concentrated j
orthophosphorio acid electrolyte was used* section 3*7*1* > becaus
of the better surface finishes obtained. However the polishing |
time was reduced to five hours so that the second phase (a) ,
in the a + {3* phase alloys, did not show up too much in relief
Specimens for use in the powder camera, section 3*3*1
were prepared as thin wires. The wire specimens from the required ]
area were cut with a jewellers hacksaw, to a size of 10 x 1 x 1 m m ,
To reduce the cross section further after quenching to obtain all 1?
{3f , the specimens were etched in nitric acid, which also removed
surface deformation induced by the cutting* The resulting
specimens were then suitable for use in the Debye Scherrer powder
X-ray camera.
* This relief is associated with the difference in the polishing 
rates of the two phases.
*.»?
3*9*3# Preparation of Specimens for Surface Relief 
Investigations.
Specimens of hot rolled strip were cut to the 
following size 10 x 30 x 1 mm • These specimens were then 
soaked for two minutes at 830 £ 5°C in the vertical tube furnace 
and then quenched to obtain metastable p* . The specimen 
surfaces were then ground and mechanically polished using the 
procedure described in section 3*841; They were then electro­
polished using a concentrated orthophosphorio acid electrolyte, 
section 3*7*1*
The polished specimens were sealed into pyrex glass
-3tubes under a vacuum of 1 x 1 0  torr. They were then isothermally 
transformed in either the lead or salt baths. After heat 
treatment the tubes were quenched into water to arrest the 
transformation. The tubes were then carefully nicked with a 
glass cutter, to allow the air to enter and then the top of the 
tube removed. If the tubes were smashed to remove the specimen, 
implosion resulted in fragments of glass becoming embedded in 
the specimen surface,
3*9*4* Preparation of Tensile Specimens.
Tensile specimens of the dimensions shown in
section 3*6.2* were prepared from 1mm thick hot rolled copper 
zinc strip of the required compositions. The specimens were I
blanked out from the strip using a 50 ton hydraulic press. Any 
roughness along the cut edges was removed with a fine file. Using 
a hardened steel jig holes were drilled in the specimen ends 
so that they could be fitted into the grips of the tensile machinec
The specimens were then bolted to a flat steel jig 
and heated to 830 £  5°C in the central zone of the vertical 
tube furnace for six minutes. The longer time was required to 
ensure that the specimen reached temperature. This was then 
quenched to obtain metastable |3f • The purpose of the jig was to 
minimise the distortion of the tensile specimen during quenching.
The grinding and mechanical polishing procedure used was the same
as that described in section 3*8.1. The grip ends of the 
specimen were then painted with a cellulose stopping off lacquer, 
leaving only the gauge length unprotected. The specimens were 
then electropolished in concentrated orthophosphorio acid for about 
seven hours, to facilitate observation of surface deformation and 
to smooth any notches on the gauge length.
3*9*5* Specimen Preparation for Hot Stage Microscopy.
Speoimens of copper-zino alloys of the required
composition were filed, to shape and fitted into the copper 
heryllium holders used in the hot stage microscope. These were 
then heat-treated in the vertical tube furnace, section 3*1*1* , 
at 830 + 5°C for a period of 2 minutes to obtain an homogeneous $ 
phase structure. After this homogenisation period the specimens 
were quenched into iced aqueous sodium hydroxide maintained at 0°C 
to obtain metastable (3* . A small separation of a phase was 
observed at the (3* grain boundaries of the 39• & at.$ zinc alloy, 
arising from the slower cooling rate associated with the relatively ; 
thick specimen size necessary for the microscope. The specimens 
were washed after quenching to remove the sodium hydroxide.
The specimen surface was then ground on wet silicon 
carbide papers to prepare the surface for mechanical polishing, and 
also to remove any dezincification which may have occurred during 
homogenisation. The grinding sequence used was similar to that 
discussed previously, section 3*8* Interstage etching by rubbing 
the ground specimen surface over a ^Selvyt1 cloth soaked in 
alcoholic ferric chloride was carried out during the grinding 
process to remove any deformation martensite which may have . 
formed on the surface. By carrying out this procedure between 
each grinding stage it was found that the final polishing was easier,- 
After grinding, mechanical polishing on 6p, and finally lp,
ijfeftb;
diamond paste cloths were used to obtain a surface finish suitable 
for eloctropolishingi
An electrical contact was soldered to the base of the 
copper beryllium specimen holder. This holder was then painted 
with a cellulose lacquer except for the mechanically polished 
surface. The specimen surface only, was then electropolished, 
section 3*7*1* > in concentrated orthophosphorio acid at between 
1,2 - 1,3 volts, because of the small surface area involved, for 
a minimum period of seven hours. This period had been previously 
found to be sufficient to remove all surface deformation. This 
was checked by the observation of etch pit distribution, after 
etching with the reagent proposed by Bassi .and Hugo, section 
3,12, , before and after electropolishing. Complete removal of 
surface deformation was found to be essential for satisfactory 
observations in the hot stage microscope because deformed regions 
on the surface tended to act as preferential nucleation sites,
3*10* Methods of Analysis.
A complete analysis of both the copper/zinc alloys and the 
copper/gold/zinc alloys, was carried out.
i t U i  i * t  |V rr 'i1 "
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3.10.1. Copper in Copper/Zinc and Copper/G-old/Zino.
The method adopted for this analysis has been dis­
cussed by Naish et al, (335) • 2 grm samples of the alloys
as drillings were dissolved in 50 mis of 1:1 nitric acid. The 
solutions were digested almost to dryness at 80°C • A further 
10 mis of 1:1 nitric acid were added to each sample and re­
evaporated almost to dryness. The alloys containing gold took 
longer to be taken into solution. The solutions were then dilute 
to 50 mis with hot water. In all cases no precipitation of 
metastannic acid was detected, indicating the concentration of 
tin in the alloys was exceedingly small.
To each solution 20 mis of 1:1 sulphuric acid was 
added and the solutions evaporated until sulphuric fumes appeared. 
Fuming was continued for approximately five minutes. The 
solutions were then cooled and diluted to about 100 mis with wate: 
No precipitate of lead sulphate was detected indicating a very 
small lead content in the alloys.
The filtrates were then made up to 250 mis with water 
and 50 mis aliquotes taken. 0.5 grms of urea followed by sodium 
carbonate solution were added to make each solution just alkaline. 
The precipitate formed was redissolved in 1:1 acetic acid and to 
each 0.5 grms of sodium fluoride and 4- grms of potassium iodide
were added. These solutions were then titrated against sodium 
thiosulphate (approx. 39 grms/litre) using Hhiodene* as an 
indicator. The end point was indicated by a blue to white oolour 
change. The sodium thiosulphate was standardised against 
solutions containing 0.3 grms of pure copper foil.
A further 50 ml aliquote was taken from the diluted 
solution, and checked for the presence of Sn,3?e,Al,Ni,Mn andPb(335)j
■ !,
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3*10.2. Zinc in Copper/Zinc and Copper/G-old/Zinc Alloys, '
The volumetric method developed by Schwazenbach fj
(331) and discussed by Haslam et al. (337) using the disodium j
salt of ethylamine diamine tetra aoetio acid (E.D.T.A.) was I
employed. Xylenol orange suggested by Korbl and Pribl (338) 
was used as an indicator, j
0.1 gm samples of the alloys were dissolved in 5 mis |
of 20% nitric acid. The solutions were digested almost to 1
dryness to remove nitrous oxide, and a further 5 mis of 20% 
nitric acid were added and again evaporated almost to dryness. $
Each solution was then diluted with water to 100 mis. j
The solutions were then cooled and 2-3 grms of j
I
potassium iodide added to each. This removed the copper from }ij
ill
solution as an^ -^^erated free iodine which was discoloured !j
by the addition of ascorbic acid. 5-10 drops of Xylenol orange 
indicator were then added to each with sufficient hexamine 
(20$ solution) to change the colour of the solution to red/violet. 
These solutions were then titrated against E.D.T.A. (disodium salt 
to a yellow end point. The E.D.T.A, solution was approximately 
0.05 molar (18.6l grms/litre) , and was standardised against a 
brass of known zinc content.
In order to check that gold had no effect on the
titration a oontrol sample of known zinc and gold content was also
analysed. G-old was found not to affect the titration.
3*10.3« G-old in Copper/G-old/Zinc alloy.
Single clippings weighing about 1 grm eaoh 
were dissolved in parting acid (l/4 HNO^/E^O ) over a period of 
24 hours. The gold sponge remaining was filtered off on ashless
filter paper. The specimens and filter paper were transferred 
to silica crucibles and the filter papers ignited at 950°C for 
one hour, also ensuring the removal of any salts entrapped in the 
gold sponge. The crucibles containing the samples were then 
cooled and the gold sponge weighed, giving the gold content of 
the alloys directly.
The basic techniques for the production of replicas from 
evaporated carbon have been described by Bradley (339) •
The quality of replica and re-solution obtainable were assessed.
Two methods of carbon replica preparation were used during 
the present investigation.
Firstly, replica preparation for general observations 
will be considered, A 3/8” square of cellulose sheet (Bex 
film) was soaked in filtered acetone for about eight seconds.
This film was then placed on to the etched specimen surface and 
allowed to dry for a period of about three minutes, following 
which the film was stripped from the surface. Several such 
negative replicas were then placed face upwards on a single glass 
slide. This was then transferred to a carbon evaporation unit. 
The samples were then placed at an acute angle 15-20° to the 
evaporation source so that the deposited material on the replicas 
would show the relief in contrast. Initially therefore,the 
replicas were shadowed with carbon/platinum mixture evaporated on 
to the surface at 1 x 10 ^Torr. Only a thin shadowing layer 
was applied because ’excess* leads to a deposit which, because of 
the high density of platinum, cannot be penetrated by the electron 
beam of the electron microscope.
After shadowing the slide was moved directly 
underneath the evaporation source and then carbon evaporated 
on to the replica, over the top of the carbon/platinum layer, at
-4a partial pressure of 0*1 x 10 Torr.
The cellulose film plus the evaporated carbon layer j 
was then cut into small squares and placed carbon side upwards, 
on a 3.05nim diameter copper electron micro scope. grid. The grid 
mesh used varied from *75-*150mm depending upon the type of 
replica and observational requirements. The grid plus replica 
was then transferred to a stainless steel grid of 2mm which 
was standing in a Petri dish containing filtered acetone. The 
level of the acetone just touched the grid, hence the cellulose 
backing film was removed by the acetone leaving a positive carbon 
replica on the copper grid. The normal washing period was
24 hours and periodically during this time the acetone in the 
dish was topped up.
This washing method compares very favourably with 
other techniques tried. The major difficulties being twofold, 
firstly because of the shadowing on the specimens internal stresses 
are set up within the carbon deposit so that rapid removal of the 
cellulose film allows the deposit to shatter. The washing 
technique adopted was not sufficiently fast to allow this to occur.
Also the breaking up of the replica was further reduced because 
as the film washes away the carbon replica gradually settles into 
position on the copper grid below, giving a measure of support to 
it. Secondly free floating washing methods, which were tried, 
caused the carbon replica to shatter not only because of the 
more rapid removal of cellulose film but also because of difficult 
encountered in transferring the thin carbon replica to the copper 
grid. This extra transfer stage increased the loss rate greatly. 
Replicas were occasionally required to be taken from 
selected areas of the specimen surface, to show specific 
metallographic features. The method of preparation described 
above is not so suitable for this, and a different procedure was 
adopted. A solution of 2fo formvar in filtered chloroform was 
used as the replicating material. It was found to be essential
to make this up freshly each time. The area on the etched
specimen surface from which the replica was to be taken was locate 
under an optical microscope at low magnification (x 100) • A 
copper grid used in the electron microscope, in this case usually 
0.75nim > was then placed over the required position and moved 
exactly into position while observing it under the microscope.
Then a drop of formvar was placed on top of the grid with the aid 
of a fine haired brush. Care had to be taken at this stage not t
move the grid from the required position. The formvar was 
allowed to dry, usually taking about three minutes and then the 
position of the grid was recheoked under the microscope. The 
surface was moistened and a small piece of Selotape tape applied 
to the surface and the replica stripped from the surface. This 
negative replica was then transferred to a glass slide and carbon/ 
platinum and carbon evaporated on to the surface in the manner 
previously described. The carbon formvar replica was then placed 
carbon side downwards in a Petri dish containing filtered 
petroleum ether. After about an hour the glue dissolves leaving 
the cellulose backing, which floats away from the replica. This
was then further washed to remove the formvar in filtered 
chloroform. The washing procedure adopted was similar to that 
described previously, and the period used was about 24 hours.
This method, although allowing preselected areas to 
be observed under the electron microscope, was not generally used 
because it was found that the cellulose film (Bex film) techniqu 
gave a better quality replica.
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3*12. Etchants*
3-12.1. Copper Zinc Alloys.
The following etchants yror-e vised during the presen 
investigation, for etching both single phase (31 and two phase 
a + |3! copper zinc alloys.
(a) Alcoholic ferric chloride 
Fe Cl, 10 grms.j
Hydroohloric Acid ....30 mis.
30:50 water alcohol mixture 200 mis.
(b) Acidic ferric chloride
Fe Cl^  ..... ..10 grms.
Hydrochloric Acid ....30 mis.
Water  ...... 120 mis.
(o) Ammonium persulphate
10$ aqueous solution of ammonium persulphate.
(d) Etch Pitting of p* brass.
Chemical etch pits were formed on metastable (3* bras 
specimens using the following reagent reported by Bassi and 
Hugo (320) :~
30 mis saturated aqueous ammonium molybdate
VIX-
(NH^)^Mo, HgO plus 6—7 drops of* concentrated' hydrochloric acid. 
The solution was shaken until the white precipitate dissolved.
Etch pits were produced on freshly polished 
surfaces by immersion in the above reagent for 30 minutes.
It was important to use freshly prepared solution.
3.12.2. Copper/G-old/Zinc Alloys
Alcoholic ferric chloride, section (3.12.1.) 
was found to be suitable for revealing the microscopic features of 
these ternary copper zinc alloys. But it was observed that fine 
cracking occurred during etching, in the metastable (3* and in the 
(3* phase of the a + (3* duplex structures. Fig. 54- shows a duplex 
structure where fine cracking is associated only with the (3* phas 
The amount of cracking increased with increasing etching time and 
in the metastable (3* specimens these oracks propagated across th 
specimen and became visible macroscopically.
It seems possible that this cracking results from 
stress corrosion. A similar effect has been reported in other 
alloy systems, by Rosenberg and Hunter (340) and G-raf and 
Kleatte (341) • Binary (3 brass is known to be sensitive
to stress corrosion (342) in a number of corrosive media. It 
appears that the addition of gold makes the (3* phase sensitive
W 3
to ferric chloride etohant. It was also found that in specimens 
containing a rods cracking in the (3* occurred more readily 
than in structures containing plates. It has been established, 
section 4*9-2 , that the concentration of zinc in the (3* phase
of a structure containing rods is higher than that in a structure 
containing plates. Hence the incidence of cracking is dependent 
upon zinc concentration as well as the concentration of gold.
y4 RESULTS.
4.1. Introduction.
The results presented in this section were obtained in an 
attempt to clarify the nature of transformations occurring during 
the isothermal decomposition of metastahle j31 copper-zinc alloys,.
The results fall naturally into four broad groupings:
(i) General features of the alloys including the determination 
of composition,
(ii) Isothermal tempering of copper-zinc alloys and the nature 
of the products formed.
(iii) The influence of alloy additions upon the isothermal 
transformation of copper zinc alloys.
(iv) Deformation of metastable (3* and its influence on sub sequent 
transformation products.
. Composition of Alloys.'
The compositions of the copper/zinc alloys under consideratiq 
were obtained using the chemical analysis procedures described in 
section 3.10.1. • The values obtained are shown in Table 6 .
No Sn,Ee,A1,Ni5Mn or Pb was detected by chemical analysis.
IIS"
4-. 3 • Quenched
4.3.1. Introduction.
Specimens of all the binary copper/zinc alloys were 
heat treated at 8.30° C and quenched into iced 10% aqueous 
sodium hydroxide solution, section 3.8.1 . It was considered 
important to examine the quenched structure since this was the 
starting condition for all experiments including isothermal 
tempering and deformation.
4.3.2. Metallography.
Quenched alloys containing more than 39.8 at.% zinc
consisted of equiaxed grains of (3* phase, with a grain size
of approximately l~2mm. In alloys of 39.8 at.% zinc 
composition and above no grain boundary a phase separation occ­
urred during the quench, Fig, 55 •
However, in the 38.1 at.% zinc alloy the as quenched
structure showed not only a separation at the (3 grain
boundaries, but also localized areas of voluminous precipitate 
associated with grain boundary regions, which etched pink in 
alcoholic ferric chloride. On etching for about ten minutes in
10% Imonium persulphate a substructure was revealed in this
A
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product, Fig. 5^ , which appeared to be similar to that 
previously termed massive a . A small amount of dark etching |
a phase is present at the grain boundaries and surrounding this =
is the massive a product. The internal structure appears to !■
consist of directional colonies, but the transformation has 
proceeded across the central grain boundary suggesting an
' I-
independence of orientation with the original [31 grains. The j
structure shown on Fig. 57 is reminiscent of a fine grained j:
structure, containing annealing twins similar to those encountered ; 
in f.c.c. lattices. The striated structure is clearly visible 
in Fig. 58 »
X-ray diffraction using a Debye Schemer powder camerp 
section 3.3.1. , showed that the structure of the massive a was
f.c.c. Fig. 59 • The lattice parameter obtained was 3.77°A, 
while that of the (3» matrix wa s 2.92°A. The value obtained 
lies on an extrapolation of the a lattice parameters determined 
by Beck and Smith (13) and indicates that the structure is 
supersaturated a • Also the parameter of the (3 r indicates 
that no change in composition of the j31 matrix has occurred.
On deforming the massive a product with a hardness 
indenter, slip traces ?;ere formed on the prepolished surface,
Fig. 60 . Frequently slip traces tilted regularly with respect to
1one another when crossing substructure regions. Such slip 
trace relationships are observed in twinned f.c.c. structures, 
supporting the metallographic evidence that the internal structure 
of the massive a may be twin related.
4. 3. 3. Lattice. Parameter of (3 1 .
The lattice parameters of binary metastable (3* speoimens 
of all compositions, exoep t . 38.1 at, u/o zinc, were determined by 
X-ray diffraction analysis. Orientation problems associated with 
the large grain size of the specimens, frequently prevented the 
observation of a complete sequence of reflection peaks. Automatic 
recording was used to establish a reflection peak common to all 
specimens. No superlattice lines were detected, because of the: 
similarities of the scattering factors of copper and zinc, 
section■2.3*3* A. 310 reflection was found to be present in;
each trace. Intermittent counting using the scaler was then
used accurately to fix the peak position. Prom this the lattice
parameter for each alloy was calculated. Values are shown in
the plot of lattice parameter against composition, Fig. 61.
The parameter of .metastable p 1' increased linearly with increasing 
zinc content. The values obtained lie within 0.2^ of the
values for the p 1 parameter extrapolated from those obtained by
Beck and Smith (13) •
4.3.4. Variation of Hardness.
The Vickers hardness values (H^ p.) were determined 
for each alloy except the 38.1 at.% zinc and the results are 
shown in Fig. 62 , The hardness decreases linearly with 
increasing zinc concentiation. A mean of ten values/specimen 
was found to be necessary for these metastable (3* alloys because 
a large orientation dependence was encountered, presumably 
arising from the high elastic anistropy of (3* brass.
4*4. Kinetics of Isothermal Tempering of Metastable P ’ .
4.4.1. Transformation Start.
The time to start of visible precipitation within 
the (3* grains following quenching and isothermal tempering for 
all binary copper zinc alloys was determined and the values 
obtained plotted graphically against the tempering temperature.
The results obtained are shovm in Figs. 63—68. In each case 
the transformation followed the same general pattern. Initially 
there was an incubation period during which no obvious change 
in the mi cro structure of the |3 ’ could be detected. This was 
followed by the formation of either a rod-like Fig, 69 , or a 
plate-like Fig, 70 -precipitate. The type of precipitate formed
was found to be dependent both on temperature and composition. J
The lines representing the start of precipitation i
consist of two intersection ‘C’ curves, Fig. £>5 . The point ;
of intersection of the two curves is given by the inflection. j
Associated with the upper curve 'was a rod-like precipitate
morphology and with the lower curve a plate-like morphology. With;
increasing zinc concentration the intersection of the f G * curves 
moved to lower temperatures- and the lov/er curve became less marked? 
Consequently for the at •% zinc alloy, no inflection in the j
start precipitation line could be detected, although j
p l a t e s  w e r e  observed to form below l60°C . For corresponding 
temperatures the incubation period increased as the concentration j
of zinc increased,- while the volume fraction of either type of i
precipitate decreased. The nature of the change of incubation I
time with composition is shown in Fig.'71 > where the incubation 
period to the ’nose1 of the lower *C* curve, associated with the 
plate-like product is plotted against composition. The effect 
of temperature and composition on the time required to start the j
precipitation -proce ss ■ during isothermal tempering |3 r alloys I
shown in Fig. 72 , which is an isometric plot using time compo sit j.oi
(horizontal) and temperature (vertical) axes . This shows the
trends established for the transformation start.
4*4*2« Activation Energy#
The rate of transformation for a precipitation process
is given by the typical Arrhenius equation:
K = Ae"Q/f-T 
where A = the Arrhenius constant
Q = activation energy of the process , j
ft = the gas constant 2 j
T = temperature in °K.
Therefore loggK = log^A - ^/RT.
Hence a plot of ’/T against the incubation time for the 
precipitation process under consideration allows the calculation of
the activation energy of the process. Using the incubation times
1000shown in Figs# 63-68 , plots of — * against time were
K
obtained, Fig. 73 * Values for low temperature precipitation 
were used because only these gave linear plots. From the slopes
of these lines, the activation energy was calculated. The
activation energies obtained are shown in Table 7 • The values
for alloys containing 38.1 , 39.1 * and 40-.9 ( at.% zinc a re the 
activation energie s for the precipitation of plate-like coproduct 
The accuracy of the values obtained was within ~ 2000 cals/mol , 
the main source of error was the measurement of the line slope, i 
However, in the case of the 43*4- at.% zinc alloy the plot shown ip 
^Tg. 73 . gave a measure of the activation energies for both rods
131
a.nd plates of precipitate. As no inflection was detected in 
Fig. 68 , the activation energies of the two processes of 
precipitation wa s the same. Hov/ever, for the alloy containing 
4-2.3 at.% zinc an inflection in the start of transformation curve 
was detected at the central region of low temperature range. 
Therefore the number of values from which the 2.22,2. against 
time plot could be derived, to give a linear relationship, 
was limited. This reduced the accuracy of the measurement of tho
activation energy. It was estimated that this value was only
+ /accurate to - 3000 cal/mol.
Hence all the values obtained for the activation energies 
of the precipitation process occurring in all the binary copper 
zinc alloys under consideration, except the 42.3 at.% zinc alloy 
discussed above, were between 25 and 30 Kcals/mol.
•^•5* Metallography. .
4«5.1o Introduction.
The. fC s curves denoting the start of precipitation 
from metastable (3! , Figs. 63-68 , may be directly correlated
with the morphology of the precipitate formed, These curves may 
be broadly divided into three regions corresponding with the
13U
morphology of the product rods, plates and mixed product, denoted 
by R,P, and M respectively. Figs. 74—124 show the 
microstructures produce d by the binary alloys under consideration 
after various temperatures and times of isothermal, tempering. j
Each structure corresponds with a specific morphology region on 
the corresponding ’ C* curve. I
Each of the morphology regions will now be considered 
in turn: j
4.5*2. Region R. Widmanstatten a Rods. j
Within the temperature range corresponding to region 
R, the transformation product was metallographically similar to the : 
Widmanstatten a rods observed in specimens slowly cooled from 
above the a + (3/(3 phase boundsry, Fig.3« The presence of the long trapes 
and the angular cross sections, in the plane of polishing,
Figs. 116 and 93 confirms that this precipitate is rodlike or 
needlelike in shape. Because the precipitate consists of rods 
it is not possible to have a habit plane, only a direction and 
this has been reported by Mehi and Marzke (154) to be close to 
the <(111) lying along the <(556)*
Rods were observed to form at'progressively lower 
temperatures as the concentration of zinc in the alloys increased.
This is shown by comparing, Fig. 
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existing after only ten minutes of transformation at 500° C is 
nearly double after 55 hours ??hen a fairly stable structure is 
attained. ;
In alloys of low zinc content when the volume 
fraction of a rods precipitating is large and the incubation 
period short, the rods tend to form in clusters. Clustering 
is shown in Fig. 78 at X, and gives rise to a characteristic 
fsheaf* micro structure.
Examination of the cross sections of the a rods 
revealed that they developed planar interfaces with the (3 matrix. 
This faceting was partciularly noticeable in alloys of higher 
zinc content and at lower temperatures where the reaction 
rate was lees-. \ The 43.4- at,^ zinc alloy was suitable for
the metallographic observation of this phenomena, since a rods 
formed individually and no * sheafs* were observed to form.
Fig. 116 .shows typical cross sections of a rods with planar 
interfaces. The two dimensional cross sections are basically 
’prism* shaped. But from the number of facets on"these rod 
sections, the interfaces do-not apparently correspond with a 
single type, o f .low index plane, although planar interfaces suggest 
matching across the interface and consequently low-index planes.
In Fig. 116 no internal structure in the a rods has been
2-3r
revealed by the etching. At A in Fig. 117 «> which is the same j
specimen as Fig, 116 , but a different grain, the cross section f
of the rod contains an internal boundary. This appears to j
i.
indicate that two a rods are growing together along a common j
interfacial plane and offers the possibility that the two adjacent j
rods have a twin orientation relationship about this plane. In J
specimens of 43*4 at ,f0 zinc heat treated at lower temperatures 5
I
the precipitate cross sectional shape, became less complicated, j
Fig. 69 . The precipitate cross section is either a simple i
parallelogram shape shown at (l) or a characteristic 'arrow j
i
head* shape shown at (2) . 'The latter appears to be two j
single rod sections growing about a common interface although at |
this magnification this cannot be confirmed. In any one grain, j
sections of rods appear to be of the same orientation. Further (
examples of these two simple precipitate shapes are shown in j
Fig. 125 .
Replica electron metallography was used to investigate 5
precipitate shapes more fully, particularly the 'arrow heads' . j
Figs. 120 , 121 , show the regularly shaped parallelogram rod !
sections. The a rods in these cases appear to be single with 
no substructure within the a , But Fig, 126 shows a replica 
electron micrograph of an *arro¥7 head' section of the type observed
1-34
in Pigs. 69 and 125 . In this micrograph a central internal 
boundary, a.b has been revealed by the etching in alcoholic 
ferric chloride. Since this internal boundary is parallel with 
two a/p1 interphase boundaries it appears that they are 
related to a low index plane of the a lattice. Further it is 
possible that this * arrow head* consists of two rods, each with 
cross section of the single parallelogram type discussed earlier, 
which have a twin orientation relationship about the common 
interface plane. Because of the symmetry of the precipitate 
shape shown in Fig. 126 a geometrical analysis was carried 
out, Appendix ( D ) , and the planar interfaces were found 
to be consistent with {llOj^ planes. From the known orienta­
tion relationship between f.c.c,-and b.c.c,■structures it 
may be concluded that these interfaces and internal boundary lie 
along {ill}, planes. Further evidence of this type of rod 
pair formation is given in Fig. 127 .
4-.5.3. Region P, Plates
Region P covers the lower temperature range of the 
*Cr curves,. Figs. 63-68 , where the product formed as plates. 
Fig. 82 shows the type of micro structure obtained by isothermal 
tempering in region P . The product is metallographically
similar to that previously reported, for a 41 • 3 at.Jb zinc brass, 
(157) 9 to be bainitic in nature. Therefore the plate-like ;
product will be referred to for convenience at this stage, as 
plate-like , using the general notation discussed in ?
section 2.2,
The plate-like shape of the product was ;
confirmed by polishing two surfaces, mutually perpendicular, on tq ; 
a 39.8 at./? zinc specimen, "Pig. 123 . Mechanical polishing had 
to be used as electrolytic polishing caused rounding the common 
edge betvfeen the two surfaces, denoted by XY . The plate shape ; 
of the is confirmed by the presence of long traces in both
planes of polish, at (l) and (2) Pig. 123 .
Pig, 83 shows a 39.8 at.% zinc specimen which has bee; 
isothermally tempered at 350°C for five minutes, the plates are 
uniformly distributed and are metallographically distinct from the ; 
a rods which precipitate during heat treatment within region R 
(4.5.2.) . At any temperature within region P, for all binary 
brass alloys considered, the plates nucleated uniformly 
throughout a given grain and proceeded to grow rapidly in the 
lengthwise direction, whilst at the same time further nucleation 
of plates occurred in the adjacent (3 matrix. But the distance 
of growth of the latter plates was limited by the presence of the
initially formed plates, examples of this are shown at A
in Fig. 82 . But perhaps this limiting or partitioning effect : 
is most clearly shown at B in the replica electron micrographs, 
Figs. 128, 129 . Plate 1, Fig. 128, . sho?/s displacement where 
other plates have intersected it. As the transformation proceeded 
the distance in the (3* matrix over which plates could grow 
decreased, causing an interlocking network of plates to develop, 
Figs. 109? H O  • Networks became finer as the zinc content of 
the alloys decreased, Fig. 90 , and with decreasing transformation 
temperatures. Thus for 39.8 a t e% zinc specimen heat treated
at 100°C for a 100 days, the netv^ork was so fine that polarizing
light had to be used to reveal the structure, Fig. 91 . The
size of the plates in the 39.8 at.^o zinc alloy decreases from
^30p in length at 400°C to */ 3p in length at 100°C.
Before transformation was completed, the plates 
formed in a higher density in localized regions giving rise to 
clustering. Fig. 82 , the volume fraction of plates at B is 
greater than at C . Even if lengthwise growth of plates was 
impeded, lateral . growth. continued, in Fig, 110 , the plates are 
generally thicker than in Fig. 109.
o.^  plates occurred predominantly as obtuse angle 
pairs of which 'Figs. 104? 130, 102 , show typical examples at 1 ,
Plate pairs in an early stage of development are present at 2 in 
Fig, 1J0 • Although the proportion of obtuse angled plate pairs 
was high, single plates were also present. Fig. 131 at 2 and 
Fig. 132 at 1 . Acute angle pairs, similar to those reported 
for martensite formed in this alloy system were also present 
particularly during the later stages of the transformation,
Fig. 88 . But plate f V 1 pairs with either an acute or obtuse 
angle of 'v 60° or ^'120° between were also observed in Fig, 104 
at 3 , Fig. 132 at 2 , ana Fig. 102 at 3 « At the intersection 
between the two plates, each plate tends to be slightly pushed 
upwards, indicating a forced correspondence. Although these 
pairs could arise because of the section of polish, it appears 
they do occur because they are different variant combinations of 
the habit plane of plates.
As the transformation of the j3 ’ matrix to form 
plates proceeded, the remaining matrix between plates frequently 
contained a zig-zag array of a plates, Fig. 107 at B and 
Fig. 132 at 3 .
YVhen .obtuse angled *V* plate pairs were sectioned on 
the plane across the angle profile of the pair, arrow-head sections 
were observed, Fig. 105 . A distinct midrib along the centre 
of this section confirmed the presence of two plates. Interna,l
striations were revealed by etching, Fig. 133 shows a replica
electron micrograph of a plate pair sectioned across the angle
profile, with a central interface and internal markings similar
to those shown in Fig. 106.
Investigations using replica electron metallography
suggested that the plates were nucleated in two ways: ]
(a) Nucleation of fresh plates within the matrix j
■(b) Nucleation from existing plates. §
The nucleation of fresh plates leads to the formation
either of single or double plates. The latter apparently grow fron 
’ ■ . ■ i
a common interface along specific variants of the habit plane. j
I
The equal lengths of the two plates in Fig. 130 , and also by the j
sections across the angle profile of the two plates, Figs. 106 ?
133 * in which symmetrical shapes about the interface occur, ;
suggest that each plate grows at an equal rate. The formation of 
single plates was observed on several occasions leading to the 
metallographic feature in Fig. 131 , plate (a) appears to have 
nucleated separately and then grown intersecting with plate 
Thickening of plate (b) has occurred where these two have impinged.
The formation of plates from she edges of existing 
plates was observed. Thus indicating nucleation just ahead of, 
or from, existing plates. The mechanism involved could be similar 
to *autocatalytic5 nucleation in martensite formation. Figs. 134* 
135* a zig-zag formation of plates on different variants of the
habit plane, has occurred at the edge of the large plate. In 
Fig. 136 at the point of intersection between two plates a
zig-zag array of plates has nucleated.'
2+-. 5.4. Region M Mixed Product.
On isothermal tempering metastable |31 within 
region M of the *0* curves, Figs. 63-68, plates are formed 
initially follOY/ed by the formation of a rods. The relative 
amount of each type of precipitate was dependent upon temperature 
for an a l l o y  of given composition. The upper temperature limit 
for the formation of a-^  plates was sharp and its value dependent 
on composition. YTith increasing solute concentration the upper 
temperature limit for plate formation in these binary copper-zinc 
alloys decreased, and was located metallographically for each 
composition. It was not possible to fix this temperature for 
the 38.1 at.% zinc alloy because of the short incubation periods 
involved, Fig. J1 . It was not possible to locate the upper 
temperature for the formation of plates to better than - 15°C 
because of the difficulty in assessing visually the presence of a 
few plates in a predominantly rod-like structure. But the ' 
temperature obtained for each composition corresponds with the 
temperature of intersection of the two *0* curves in Figs, 63-68 >
This correspondence is also shown in Fig. 137 giving a linear 
decrease of the upper temperature of plate formation with 
increasing zinc content. Plates of were observed to form
up to 550°C in the 38.1 at.% zinc alloy, Fig. 74, but for 
reasons mentioned earlier this is only an approximate value. 
Further support for the upper temperature limit of plate formation 
being in excess of 500°C for the low zinc alloys, is shown in 
Fig. 124 • This micro structure was obtained from the dezincified 
edge of a 40.9 at.% zinc specimen heat treated at 500°C , and 
shows a plate—like structure confirmed by the flat sections.
The difference between this structure and Fig. 93 is marked.
As the a,-^ plates formed at the dezincified specimen surface, 
which receives the most rapid rate of heating during tempering, 
this seems reliable guide that plates of form above 300°C for
low zinc alloys.
The lower temperature limit to which rods may exist in 
region M was also found to be composition dependent. In the
39.8 and 40.9 at.% zinc alloys the lower temperature limit to 
region M is 330 - 13°C and 2R3 ~ 15°C respectively, Fig. 137 . 
Thus in alloys containing 42.3 to 43.4 at-, % zinc no region P 
was detected but only a mixed product region. This is 
consistent with the extrapolation of the values obtained for the
V S Q
39.8 and 40 o 9 at.% zinc to higher zinc values, Fig. 137 •
From the extrapolation- the lower temperature limit for a rod 
formation v/ould be '•/100°C and ^ 0 ° C  for the 42.7 and 43*4 
at.% zinc alloys, but because of the long incubation periods 
involved at these temperatures these lower limits could not be 
determined experimentally.
The typical sequence of micrographs Figs. 104* 105* 
107* 108, show the development of the mixed precipitate in a
40.9 at.% zinc, near the lower temperature limit of the region,
*
Fig. 65 . Fig. 104 shows a typical plate-like structure,
confirmed by the sectioning. Thus early on in the transformation 
at this temperature, only plates form and develop with increasing 
time, Fig. 105 • But after 20 hours a structure of the type 
shown in Fig. 107 resulted, in which three basic features can be 
located. The original plates thickened and protrusions
developed along the flat interfaces, Fig. 107 plate A . The 
P* matrix between these a-^  plates contains short zig-zag plates, 
B , of the type mentioned in section 4«5o« * and also, between
main plates, angular cross sections of a rods are present, C„
Because of the presence of zig-zag plates it is difficult to 
identify rods unambiguously. Fig, 108 shov/s a section 
across the angle profile of a pair of plates, A few sections
♦of a rods are also present.
Increasing the transformation temperature to 300°C , 
increased the proportion of a rods in the (31 matrix, Fig. 103. 
Plates formed initially, F'igc 102 , develop protrusions growing
from their interfaces. Cross sections of rods are also present, 
Fig. 8if9 at B , and the proportion of short zig-zag plates
at A, is also greater. At this stage of tempering, the original
plates have a degenerate appearance.
The sequence of micrographs at 323°C figs. 98, 99* 
100, 101, show that the proportion of rods to plates in the final 
structures has increased further. After 20 minutes tempering a 
section through the angle profile of an initially formed plate,
P , shows that a rods grov; from the plate edges, Fig. 98 . 
Further sections of the plates normal to the angle profile, showr 
marked plate interfacial degeneracy. Fig. 99 3 P » In the (3* 
matrix adjacent to the plates. Figs, 98, 99 * angular cross .
sections of a rods are present at Q . Similar features are 
shown in Figs. 99* 100 , after tempering for 60 minutes and 
12, hours respectively.
At temperatures approaching the upper temperature 
limit of plate formation, the precipitation of plates and rodg
becomes difficult to fix. Infact both appear to form together.
However, from the observations at lower temperatures it would be j 
expected that a,-, plates would form fractionally before a rods.
-L
Figs. 95 * 96, 138 , showr micro structure s of specimens after 
45 seconds tempering at 375 C , sectioned through the angle 
profile of the plates. The amount of rod growth from the edges 
of the plates is high. Figs, 96, 95? 138 , while the proportion 
of a rods in the adjacent regions is high. Frequently at the 
head of the plate two rods formed, Fig, 138 at A. The
crystallographic relationship between the rods and plates will be 
considered in section 4.7.3. After long tempering times the 
structure was complex, Fig. 139 » However rod sections and 
degenerate places 1 are evident.
Because of the complexity of these structures it was 
convenient to investigate alloys with a higher zinc concentration 
which produce smaller proportions of transformation product.
Figs. Ill, 112 , show a 42.3 at.% zinc alloy heat treated just 
below-'the upper temperature limit for plate formation. The section 
through the angle profile of the a-^  plate pair, A , confirms 
that rods have grown from the edges of the plates. A high 
proportion of a rods are present at C. Sections of the plates 
with rods growing from the edges are shown at B . Fig. 113 shows 
a plate, P,with rods growing from the edges. Because of the section
of polish one limb of the plate pair shows rods in cross section,!  ^
whilst the other limb of the plate is sectioned along the direction 
of growth of the rod, The habit plane of the plate can be seen to
change to the habit direction of the rod,2 .
Replica electron metallography was used to investigate
in greater detail the structures formed within this mixed product
range. In Fig. 140 , plates have formed which contain internal:
markings, revealed by etching. In this micrograph examples of
both obtuse angled, l,and acute angled, 2 , pairs of plates are
present, ?7hilst the surrounding |3 * matrix contains a rods, 3 .
Along the inter-face of plate 1 , Fig. 141 , protrusions have
formed at Pn , P4 ,’P, and P. s similar to those discussed earlier, 
J. 2 j 4
These protrusions appear to be related to regions of low internal 
fault density in the plate. Hov/ever, from replicas it is 
difficult to state conclusively, that fault density is less, as the 
possibility that not all faults have been etched is high.
In Fig. 142 rods present in cross section have grown from the 
plate and are related to the internal faults within the original ■ 
plate. This is particularly true in Fig. 142 , where the 
markings in the plate are parallel with the flat facets of the 
rod section, , At R the growth of the rod has apparently resulted 
in partial re-solution of the original plate, along a plane parallel
    i itii rriiiiitf^
with the internal markings.
The selected area carbon replica, Fig. 14-3. » shows 
a pair of a-, plates sectioned through the angle profile and 
from the edges of these plates a rods have grown. Unfortunately 
these rods cannot be directly correlated with, markings v/ithin the 
plates,as only the common interface between the two plates has been 
revealed by the etchant.
In Figs. 144 , 145 , 14^ ,, 147 , 148 , 149 , the 
transverse sections of plates contain sections of a rods ,
?7hich have grown from the plate edges. The interfaces between 
the rods tend to be planar, apparently corresponding with 
specific crystallographic planes. In Figs. 148 and 144 ? 
these interfaces lie in opposite senses in each limb of the plate:, 
while in Fig6. 145 ? 149 9 these can be seen to be parallel with 
the internal markings M within the plate. Protrusions formed 
at P , Fig. 144 , close to the interface between the plate pair, 
result in concaving of the original plate/matrix interface.
Crystallographic analysis of these plate/rod 
combinations was carried out in section 4*7*5»
4. 5» 5. C-rain . Boundary Precipitation.
\
Precipitation of a was observed at grain boundaries
following isothermal tempering binary metastable (3* copper 
zinc specimens. In region R of the ?C ? curves precipitation 
usually occurred prior to the formation of a rods within the 
grains. At lo¥7 temperatures in region P , little or no 
transformation product formed at the (3* grain boundaries when 
plates formed within the grains. Fig. 83 • G-enerally a 
thin boundary film of product formed. Figs. 150 , 151 , 152 , 
with no growth into either grain. From these micrographs the 
a-^  plates apparently do not nucleate from the grain boundary and 
grow into the adjacent grains , but fbrm within the grains and grow up 
to the boundary. In Fig. 152 the density of . plates on 
either side of the grain boundary a.b. is high. But two 
directions containing the precipitate v^ere common to each grain, 
so that plates lying in either of these two common directions
have grovra up to the low. angle boundary. Again iji Figs. 88 ,
91 , a cont inuous boundary layer of precipitate is present.
In the region M on the ,C t curves, Figs. 63-68 , 
grain boundary precipitate formed when only plates were
present within grains. The precipitate formed grew from the 
boundary into the adjacent (3* grains. The rod shape of product 
precipitating at the.boundary is indicated by-the two surface 
micrograph shown in - Fig*. 123 . The specimen ?/as heat treated
just above the lower limit for rod formation in this composition 
alloy. Plates are present within each grain, but at the boundary j 
the precipitate is rod-like. In the top surface of sectioning i
the precipitate grows from the boundary into.one grain preferential!
; P
whilst in the second surface only irregular rod sections are \t
H i
present. A thin continuous boundary precipitate layer wa-s- present,
■ ' \ i
from which the rods grew.. Thus -grain boundaries apparently l.ower th
1 ' Pi
upper temperature limit of cu plate formation to a temperature comp- ;i
rL
parable with'the lower temperature limit of rod formation. I
t;
Within the upper temperature region of the 1 C* curves 
region R , the grain boundary product precipitated prior to the 
formation of a rods within the grains. In Fig. 75 , the type 
of precipitate formed at the grain boundaries was dependent upon 
the orientation between the two adjacent grains. Between 
grains 1 and 2 , where two directions of growth of a rods are 
common to both grains, negligible precipitation occurred so that 
the boundary is scarcely detectable. But between grains 1  and j
5, a rods have grown from the boundary into grain 5 and the 
direction of growth of these rods is common with growth direction 
of the a rods within the grain. Similar precipitation is
observed between grains 1 and 3 * Between 3 and 2 because 
of the change of boundary orientation the rods forming from the
U«T0
boundary into grain 3 have a different orientation, similarly ;
grains 3 and 4 , 4 and 5 , 2 and L . In Fig . 153 , 
precipitation of' a rods has occurred regularly from one side of 
the grain boundary* These rods have grown into the grain with
;-j;
a growth direction parallel with those within the grain. But > f 
on the other side of the boundaries no growth into the grain has ; 
taken place. Fig. 94 shows grain 1 and 2 each containing two 1
predominant ^111^ growth directions in the plane of sectioning. j 
Directions a and b are common to both grains, whilst a and d
contain an angle of 115° between, and may therefore be twin related;
' • s
! ■!
about the grain boundary* Under these conditions the a rods 1,
have grovra from the grain boundary into both grains with a 
direction parallel with a and b . Precipitation into grain 2 |
from the boundary between 3 arid 2 has occurred in a direction ■ |
parallel with d . The tendency of the grain boundary product to 
cluster to form idiomorphic structures in Fig. 94 , was a .
characteristic feature in these specimens, at longer transformation [■
times. Associated with these idiomorphs is a denuded (3 *' zone. r
£
G-rain boundary precipitation was found to be more 
plentiful in the alloys of higher zinc content in which the 
proportion of a- nrecipitate was small. At the upper temperatures'
f
of transformation in the 43*4 at.y zinc alloy, the precipitate i
1   '
LiTf
formed at the grain boundary generally nucleated at several points 
along a given boundary, growing along the boundary and also into 
the grains, until they linked up. The precipitate which tended 
to grow into the grains as well as along the boundary was generally 
idiomorphic, Fig, 115 , shows typical a precipitation at a 
grain boundary between grains 1 and 2 , This precipitate 
has developed planar interfaces with the (3* matrix similar to 
the facets developed on a rods within grains. Annealing or 
growth tv/ins are present in the grain boundary a product in 
Fig. 115 o The grain boundary at A and B has been displaced^ 
possibly by grain growth during precipitation. Figs. 118 , 125 } 
show grain boundary precipitation resulting from transformation 
lower temperatures. In Fig. 118 , a rod section is growing into 
grain 2 from the boundary with a direction parallel with the 
a rod precipitate within the grain. Again the distribution of 
the boundary precipitate suggests that boundary movement has 
influenced it.
4.6. Hardness Changes During Isothermal Tempering.
Precipitation during isothermal tempering of the binary 
metastable j3s brass specimens was also followed by measuring 
hardness changes,,
4.6.1, Variation of Hardness with Time.
The technique and procedure adopted has been 
indicated in section .3.5.1• Alloys of four different
compositions were investigated, 39.8 , 40.9 ? 42 . $ , ' 43 • 4'- at * fo zinc.-.
All hardness values were measured after a minimum period of 
three months after tempering, during which time they were maintained 
at room temperature. This procedure was adopted to overcome the 
difficulties described by C-arwood (157) . A few specimens were 
tested 14 days after tempering and again after three months, but 
no difference between the two sets of values was observed, other
than experimental error, Table 8 .
The Vickers hardness values obtained from isothermally 
tempered specimens are shown graphically in Figs. 155> 156 , 157 ? 
158 , 159 ? 160 . Each hardness value represents the mean of 
six hardness impressions, section 3.5.1. The actual values 
obtained for the 39.8 at.^ zinc alloy heat treated at 300°C are 
shown in Table 9 5 together with the mean value.
From these plots of Vickers hardness number against 
tempering time it may be seen that hardening' is mainly associated 
with the plate-like precipitate. Fig. 156 , shows typical
hardness variations during tempering, associated with the formation 
of plates. During the incubation period there is a small
decrease in the hardness of the metastable (3 1 . But when the
time for start of plate formation is reached., a rapid increase
in the specimen hardness occurs. But no hardening was observed 
prior to the stage of visible precipitate formation. With 
increasing tempering time a decrease in hardness occurred.
Fig. 160 , shows the hardness changes associated with 
a rod precipitation. During the incubation period a decrease in 
hardness of the metastable (3* occurred on tempering at '‘*'•'300°C • 
However at times comparable with the start of a rod precipitation 
a small hardness increase of a few points occurred, followed by 
a gradual decrease. At higher temperatures the decrease in the 
(3 matrix hardness becomes greater and the onset of precipitation 
is marked by an arrest of this decrease, rather than by an increase 
of hardness, A typical example of this is shown in Fig. 160 , 
following tempering a 43*4 at,% zinc alloy, at 500°C .
It was not possible to investigate the hardness change 
at low tempering temperatures in detail because of the long 
heat treatment times required to reach the maximum hardness values,
4*6.2, Variation of Maximum Hardness with Temperature,
Fig. l6l , shows a plot of maximum hardness attained 
during isothermal tempering at various temperatures for the four
binary alloys considered in section 4.2.1.
For each composition the plot Fig, l6l , consists of 
two intersecting straight lines. Over the temperature range 
where the precipitate is known to be rod-like, there is little 
increase in the maximum hardness attained, with decreasing zinc 
content, even for the 43«4 &t.% zinc alloy. However, over the 
temperature ranges associated with plate formation, the
maximum hardness increases with decreasing temperature and 
decreasing zinc content. At temperatures above 500°C for all 
composition alloys, *where rods precipitate, there is little 
difference between the maximum hardness attained by each alloy, 
since the maximum hardness is the initial hardness of the 
metastable (3* ,
4.7. Crystallography of Products Formed During Tempering. x
4,7«1• Habit Plane of Plates,
The single surface trace analysis method described by 
Bowles .(121) was used to determine the habit plane of the 
plates. The more accurate two surface method (49) could not be 
used because of the small sizes of the plates present, particularly 
at lower temperatures. The effect of temperature and composition
on the habit plane was examined using specimens of 39.8 at.% zinc ;
tempered at 200°C and 350°C and 4-2,3 at, p zinc tempered at 233°C . !
Each specimen, in the as quenched condition, had !
eight grains oriented, with respect to a fiducial line, using the 
Laue technique, section 3.3.3. These specimens were then 
transformed at the required temper ature s, so that a suitable volume 
fraction of plates was obtained. The angles between the plates 
and the fiducial line were then measured and the trace normals 
plotted stereographically on a standard (001) projection.
Because of the large number of traces obtained from each grain, 
only traces from two or three grains were plotted on one stereogram. 
The trace normals were collected into a unit triangle of the type
0 0 1 ,  010 , 110 , Fig, 162 and points where a maximum number
of traces intersected noted. Two intersection points were 
associated with a oil pole and one with a 110 pole, falling 
close to the indicated ^2 11 12}^ poles, Fig, 162 . From the 
eight grains analysed for each specimen, because of the combinations 
of grains used, nine poles.were located and these are plotted in 
three. quadrant of a stereogram, Fig, 163 <>
If all poles are collected into a stereographic 
triangle of the type 001 , 111 011 , shown in the fourth quadrant
of the stereogram, Fig. 163 , they cluster around the ...2 11 12.*
IX I*
pole with a 3° scatter.
The frequency of occurrence of obtuse angles between 
fifty plate pairs,•measured for the single surface analysis have 
been plotted, Fig. 164- , in the form of a hystogram. This shows 
a maximum between 168 to l6A° »
2f. 7.2. Analysis of Internal Markings in a, plates,
A pseudo two surface analysis was used to determine 
the planes on which the internal markings, observed in plates,
form (34-5) • A true two surface analysis would be exceedingly 
difficult to apply owing to the thinness of the plates. Figs. 1 
166 , show two sections, both of which were determined stereogra- 
phically to be within 5° of {llOjp, sections. Fig. 166 shows 
a {llo}pt section in which the plate pair lie approximately in 
the plane of sectioning. The observed internal markings viere 
separated by an angle of 68° Y/hich is bisected by the common 
interface plane of the pair. The angle betY/een the internal 
markings of six similar sections were measured, Table 10 ,
giving an average value of 70° Fig. 165 shows another example
of a {llOjp section again revealing traces of internal faulting 
and the common interface plane. In this particular case traces 
are not revealed throughout the plate length, presumably because
o\
Lrj |
i
of the lighter etching involved and the higher transformation 
t emperature, although on many other occasions entirely faulted 
plates were observed. These two ^110 | sections were found to 
be at 90° to one another and a pseudo two surface analysis was 
used to determine the plane on which the faults lie. Both 
sections and traces are shown diagrammatically in Fig. 167 •
p
For surface 1 the mean value of 70" was -used, but values taken 
from Fig. 165 , were used for the second surface. These trace 
values are plotted stereographically in Fig. 168 , using the two 
surface method describe * by Barrett (4-9) • The poles of the 
planes of these faults fall within 5° of ^ 1 1 0 ^  poles and P^. ■ 
It is therefore reasonable to assume that the interna.l 
markings in plates arise from ^llOjg traces in the parent phase, 
Unfortunately it is not possible to arrive at an unambiguous 
conclusion about the planes in the product on which the markings 
lie. However it can be assumed for f .c .c./b.c .c. structure 
matching that a Kurdjumov Sachs orientation relationship exists
(I0l)p // (lll)a
[Tuip // !.iio]a
For this orientation relationship shown stereographically in Fig,l69
the following results: •-
(01l)o within 10 2° (ill)p a
(Oil). within 12*. i 2° (Til)
' p ' a
Also (110). within 5° ~ 2° (010),
p CL
‘Therefore it may he concluded that the markings lie
r
on ^lllj planes. This analysis also shows that the interfacea
plane is a ^100J^ plane
The above results are further endorsed by Fig. 133 ?•
f
which again shows a plate pair, 1 , sectioned on a (110J^ plane.
The second plate pair 2 is also sectioned on a {lio} and because 
the {llO/p common to this latter pair is parallel with the [lio]^ 
in pair 1 , it must be derived from a section of the type ac.
Fig. 170 , shows such a section diagrammatically. Therefore in ;
plate pair 2 , one plate is sectioned along the markings, so that 
no markings will be etched, whilst the markings are present in the 
second limb. The curved interface arises from the plane of 
sectioning, lying a few degrees from the ^11C^ plane.
Two further features related to the crystallography 
of the plates were noted. Firstly, combinations of plate
were observed, using replica electron metallography, in which the 
internal markings were parallel with the common interface, Fig.1^1 
at X and Fig, 172 at Y „ These appear to be combinations of cu
ca
plates, giving rise to less obtuse angled pairs. Secondly closed
loops of four sets of plate pairs were observed, Fig. 173 at 2 ,
v ~ f lThese appear to be the closing of four ^llOj-p planes each
associated with an obtuse angled pair of plates.
4.7.3* Analysis of a Rods G-rowing from Plates,
Figs. 95 , 96 , 138 , 143 and 112 , are [lioj^ 
sections, in which plate pairs are cut across their angle 
profile. The angles between the rods, which have grown from 
the edges of these plates, are shown in order in Table 10 .
These give a mean value of 72° , which is a similar value for the 
angle formed between markings in pairs of a-^  plates, when 1
r *
sectioned on ^llOjp planes, section 4.7.2 . This angle is 
consistent with the angle between < 111> ^ directions in a ^lio}^ 
section. Fig. 144 , is a ^110^^ section which was also observed to
contain a section through the angle profile of plates.
Therefore a pseudo two surface analysis, similar to that used for 
the analysis of internal markings (4.7.2.) was applied. In 
this case 0 = 31°, and from Fig. 144 plate/rod pair 1, Q = 51° , 
and y = 58° using the diagrammatic model, Fig. 167 . These 
trace values are.plotted stereographically in Fig. 174 , using 
the two- surface method described by Barrett (49) . The poles of
these interface planes of the a rods fall close to (liol poles
and Pg It is therefore reasonable to assume that these
rod interfaces are coincident with planes on which internal
markings form in the original plate. Support for this comes from
the parallelism of the internal markings and the a rod faces in
Pig. 12+-9 • Therefore a rods grow from the plates with a ^lll')
habit direction, which is parallel with a rods in the {31 matrix,
Pig. 112 , and contain .^110j facets •
In Pig. 113 * the combination of plates and rods at 1 ? 
r "i
are sectioned on ^llOJ'p along a section of the type a.c. Pig.112
which would be parallel with the internal markings in one plate,
\
i.e., parallel Yfith the rod facets. Therefore in Pig. 113* limb 2 
parallel with the plane of section, shows the habit plane of the 
plate, [2 11 12jp changing to the habit a irection of the rod 
growing from it (ill) , In limb 1 , the rod interfaces are 
normal to the rod direction in limb 2 ,
4.8. X-ray Analysis of the Precipitation Products.
Introduction.
X-ray diffraction was used, to investigate the 
structure and composition changes associated with the various
products precipitated during isothermal "tempering of binary 
metastable (31 copper-zinc specimens, section 3.9.2. The analysis 
was carried out using a diffractometer, section 3«3.2.
Initially peak positions for each specimen were automatically 
chart recorded at a rate of 2° per minute, thereby allowing 
approximate peak positions to be located together with a measure 
of the relative intensities. The reflection positions vfere then 
accurately located, by measuring the amount of reflected radiation 
at 0,01 intervals by means of a scaler with a counting period of 
16 seconds.
4.8,2. a Rods.
The interplanar spacings, d , obtained from X-ray 
diffraction trace peak positions, (346) ■> for rods of a precipitate, 
formed in four binary brass alloys (39*8 , 40.9 , 42,3 and 43*4 
at.% zinc) , together with the observed intensity values are shown 
in Table s* IS ~21 . It was possible to index the reflections
obtained as an f.c.c. plus b.c.c. mixture. No superlattice 
reflections arising from the (3* (B2) matrix were observed, 
for the reasons discussed in section 2,3.3. The reflection 
positions and intensities were calculated for an f.c.c. structure 
with a lattice parameter of 3*’7°A ? Appendix C • The
observed and calculated intensity values shown in Tables 18-21 are 
in reasonable agreement.
Table 23 , shows the lattice parameter of the a
product for each composition after various tempering times.
The parameter was calculated using the relationship:-
9 9 0
! /-j 2 = h + k + 1
cl.
A 311 reflection was used to determine all these parameter values, 
since this reflection occurs at the centre of the diffraction 
trace (2© : 87°) where the calibration accuracy is a maximum.
x 4- 1 ■’All t h e  lattice parameters were within - 2,' of the
equilibrium values obtained by Beck and Smith (13) • The lattice
parameters of the matrix calculated from the 310 reflection
were also in agreement with the equilibrium values.
The lattice parameter obtained from all the a
reflections, from a 39.8 at,% specimen tempered for 55 hours,
have been plotted against a cost © cot © function, Fig. 177 •
This shows linear relationship and the parameter decreasing with 
increasing © „ The scatter values about the mean, is better than 
± 1/  ^% .
ifflrrminriima
4.8.3. Plates.
The interplanar spacings, d , obtained from X-ray 
diffraction trace peak positions for plate-like precipitate,
formed at 200°C in a 40.9 at.^b zinc alloy, 260°C and 340°C in e,, 
39. B at.% zinc alloy,together with the observed intensity -
values are shown in Table 11-16. Metallographic examination 
confirmed that the the 39.8 at./£ zinc specimens contained a 
structure of plates even after the longest tempering time used.
This was checked as the temperature is close to the lowest 
temperature for rod formation in this alloy, section 4.5.2.
During the early stages of tempering the X-ray diffraction pattern 
obtained, contained a f.c.c. and b.c.c. line sequence similar tp 
that derived from the a rods in a (3* matrix (4.8.2.) . These 
have been indexed and are shown in Table 11,15,16. It is to be noted 
that extra reflections are present, the number of these being a • 
maximum at low temperatures, and during the early stages of the 
precipitation process. It was possible to index these according 
to a c.p.h. structure derived from a f.c.c. unit cell of 
lattice parameter 3*7°A , Appendix C . The calculated
line sequence and intensities for this c.p.h. structure is shown 
in Tables 11-16 , A comparison of the observed and calculated
patterns show that the majority of the reflections can be
satisfactorily accounted for. However, occasionally an j
unaccounted for reflection was present, an example of this is I
found in the line sequence obtained from a 39« 8 at. f0 zinc alloy j 
tempered at 260°Cc This extra reflection was usually of low 
intensity and was not present in specimen tempered for long periods*: i
With increasing tempering times, the extra 
reflections, based on the c.p.h., structure, gradually disappeared 
until • only f.c.c. and b.c.c. reflections persisted. This is ; 
shown by comparing the d spacings for 39*8 at.fo zinc specimens 
tempered at 260°C for 40 minutes and 14 hours and 340°C for 
70 seconds and 12 hours. Detailed trace profiles of the 311 and . 
420 f.c.c. reflections were recorded for specimens of 39*8 at.% 
zinc tempered at 340°C . Specimens which had been tempered for 
short periods showed marked line broadening, Fig. 173 , but with:
longer tempering the lines became sharper and the Ka^Kcig doublet 
became partially resolvable Fig. 176 . The ct^  and a2 reflections 
were separated using the geometrical procedure described by 
Rachinger, Appendix g ? Figs. 175 , 176 . The G values 
for these resolved doublets and for a , the combined trace, are 
tabulated in Table 22 » The lattice parameters calculated from
the resolved a peak for both the 311 and 420 reflections, 
gradually increased with increasing tempering time, Table 22 *
IThe lattice parameter obtained from all the f.c.c. 
reflections on a single trace, were plotted against cos 0 cot 0 
Figs. 178; 179 • The three traces analysed showed no consistent 
pattern of peak shift, in contrast to those oh served by Wagner and 
Helion for a brass.
Analysis of the 311 and 420 trace profiles was 
carried out in an attempt to assess the contributions of 
microstress associated with the precipitate and particle size.
For this the theory described by Barrett ( 49 ) andfdiscussed in 
Appendix g 4,.was used, whereby the overall line broadening
is considered to be made up of two components:
6 = 6  + (3p ps p
6 is the strain broadening and 6 the particle size broadening, 
s p
This gives the relationship:
P5S? 1 -1= - + ed _
Values for . 6*. and d" . d", . are tabulated in
j l l  ^  -L JL l+d\j
Table 22 • The values of (3^  are plotted against d “ in Fig, 180,
but these results show no conclusive trend. It must be pointed put 
that the slope of the plot for the specimen tempered for 70 second 
is greater than that for the longer tempering time specimens,
12 hours and 50 hours,indicating a reduction in e suggesting thp
strain component is reduced, The intersection of these plots with
2^» . SS . #
(3~ axis (d^ = 0) gives a random scatter, so that there is no 
indication of the effect of particle size,
4.8.4. Mixed Product.
Specimens tempered in the temperature range in 
which plate • growth is followed "by a rod formation 200°C
42.3 at.$> zinc and 430°C 39*8 at.% zinc , gave X-ray diffraction 
patterns t h e  d values of which are shown in Table 14^17 .
The 4-2.3 &t.fo zinc specimen tempered at 20C°C gave a diffraction 
pattern, in which the extra reflections were similar to those 
observed for specimens containing only plates. A similar
trend was observed for the 4-0.9 &t,% zinc specimen tempered at 
260°C. In the case of the 39*8 at,% zinc specimens tempered 
at 430°C , a few extra reflections corresponding with the 
c.p.h. indexing were present, but with increasing time these 
rapidly disappeared, so that after120 seconds only the f.c.c. 
and b.c.c, reflections were present,,
-^•9. Electron Probe Microanalysis.
4.9-la Introduction.
Electron probe microanalysis was carried out in order
ifo7
to assess the composition changes associated with the formation
of plates and a rods du r.i n g isothermal tempering.
The microanalyser was calibrated using a quenched specimen of
metastable p 1 , containing 43*4- at.^c sine. The homogeneity of
the specimen was checked by carrying out automatic spot traverses
across the specimen in the electron probe. The use of a standard
of composition similar to that of the alloys to be investigated
further reduced error resulting from inter-elemental absorption
and fluorescence, section 3.4»2„ The magnitude of each effect
would be similar in both standard and specimen. Further, to
reduce instrumentation errors, the values are quoted as a (£5P.F,
zinc
ratio.
4.9.2. Composition Changes Associated vfith Isothermal
Transformation.
Three series of isothermally
were investigated, a 40.9 at % zinc alloy
500°C and a 39.8 at .% zinc, alloy tempered
analysis of the precipitate and the matrix for various tempering
times is given in Table 24 , as a ratio. The methqd
wt o /e zinc
of calculating values from the readings obtained from the microana,™ 
lysis is indicated in Appendix A • The equilibrium ratios for
tempered (31 specimens 
tempered at 250°C and 
at 300° C . The
the a and (3* phases in column 3 ? were calculated from the 
equilibrium diagram, Fig. k- •
Measurements on the plates were made only on edge 
sections, it -was not possible to use the large sections, 
encountered by sectioning through the angle profile of a plate 
pair, section > because, the thickness was.not sufficient,
so X-ray emmission due to beam penetration through the plate 
resulted from the underlying (3! , decreasing the accuracy of the
measurement. The values presented in Table , were
reproducible.
The change of composition ratio with time obtained 
for the 4-0.9 at.% zinc alloy tempered at 250°C is shown in 
Fig. 181 . The value at 1 second represents the ratio for the. 
as quenched metastable (3f . The two dotted lines represent i \fo 
error. The value obtained for the metastable (3* specimen tempered 
for 100 seconds, after which time there was no obvious micro- 
structural change, agrees with the theoretical. Therefore the 
plot for the (31 phase remains parallel with the time axis, until 
precipitation commences. As precipitation proceeds the 
composition of the 3* matrix decreases, indicating that with 
increasing time the matrix is becoming enriched with zinc.
After 9 days at temperature, the (3* had not attained the
equilibrium eomposition shown in the phase diagram. The 
plates show a corresponding increase in copper content. This 
change is slow initially , hut after 20 hours a rods are known to 
form in the p matrix between the plates and at this stage the 
composition of the product becomes enriched in copper more 
rapidlyo Even so the product although tending towards, 
did not attain the equilibrium composition, after 9 days tempering. 
The scatter in values obtained increased above the experimental 
error value _+ 2% at this stage. These values for the 
precipitate and matrix indicate that a composition change is 
associated with the precipitation of the plates.
A similar composition change with tempering time fo:p 
plates forming from the (31 phase is shown for the 39.8 at.fo ziric 
alloy tempered at 300°C , Fig, 182 , Again after long tempering 
times, the equilibrium composition values for the two phases, 
was not achieved. But throughout the period of plate formation-, 
both matrix and product became enriched in zinc and copper 
respectively. However,-for the 40.9 at,$ zinc alloy tempered 
at 300°C a .different type of composition chang'e with time occurred. 
The values. Table 24 are plotted graphically in Fig. 183 •
At this tempering temperature the precipitate forms as a rods.
This temperature was used, although the incubation period for rod
T7 a
precipitation is only 1 second, so that a direct comparison with 
the transformation occurring at 250°C could he made. After only 
2 seconds tempering the a rods have a composition just below the 
equilibrium value, this remains essentially constant as the volume 
fraction of precipitate increases with increasing time. But at; ■ 
the longer times, there is a slight upward trend and the 
equilibrium value is attained. 'With increasing volume fraction 
of a rods the phase increases in zinc content, until on 
completion of the transformation, it attains a constant value, 
corresponding closely with the equilibrium value, Big. 4 .
Further by the initially precipitated a rods 
formed in the 4-2.3 at.% zinc alloy tempered at 570°C for 4- seconds, 
Table 24 ? have a composition ratio near equilibrium. While 
the a and (3 phases' present in a 4-3*4- at.% zinc alloy tempered 
for 6 hours at 400°C show near equilibrium values, Table 24 •
*
4.10. 'Surface Relief :
. 4-.10clc Introduction,
The tilting produced on prepoiished surfaces a s a 
result of a transformation, has been considered, to be a characteristic 
which allows elucidation of the transformation mechanism, Conse*» 
quently the possibility of surface tilting accompanying the products 
formed during tempering of metastable (31 specimens was investigated.
4.10.2. Surfaoe Relief of Plates.
Fig. 184 shows tilting of an electropolished surface,, 
section 3.7.1., <jf a 39.8at.^ zinc alloy, isothermally tempered at 
350°C for 30 minutes, after sealing under vacuum in a Pyrex tube. I
The grain boundary a.b. has been revealed by thermal grooving. 
Although a network,of relief is present, obtuse angled plate
pairs may be distinguished. Oblique illumination gives no 
indication of the type of surface tilts present. Figs. 183 , 186 , 
sho?iF this relief at a higher magnification under oblique and polari­
zing illumination respectively. In Fig. 183 , the arrow indicates 
the direction of illumination and the plate pairs at 1 appear to 
have tilted in a similar manner to one another, but a single or 
double tilt cannot be distinguished. At plate pair 4 one variant 
of the 2,11.12  ^ habit plane corresponds with pair 1 while the 
other variants differ, but the illumination again suggests tilting 
in the same sense. The same is not true for plate pairs 2 and 3 
where the illumination suggests tilts in the reverse sense. The 
general features exhibited by the surface tilting indicate that 
it is characteristic of, and directly related to, the bulk material. 
The density of precipitation at the free surface does not appear 
to be greater than that encountered in the bulk volume, section 
4. 5a3.? Fig. 187 *
*71
Fig, 188 shows an interferogram of an electropolished 
specimen surface of the 38.9 at»% zinc composition, after tempering 
at ifOO°C . -The displacement of the fringes 7/hen crossing the 
plates confirms the presence of surface tilting accompanying 
transformation. At T , the plate pair show a displacement of 
fringes in the same direction for both limbs, indicating that 
the tilt is in the same direction for each. The continuity 
of the fringes and their relative displacement prior to crossing 
the plate, suggest the presence of accommodation strains in the 
matrix. The small size of these plates makes it difficult to 
arrive* at an unambiguous conclusion as to the form of tilt present. 
But considering the presence of fringe shift, due to accommodation 
strains,it appears that the tilt across the plate is single. The 
fringe displacements across an obtuse angled plate pair, are shown 
diagrammatically in Fig. 189 «
The acute angled pair of plates at R show a fringe 
displa cement for each in the opposite sense, indicating that the 
tilt associated with each is in opposite directions. This is 
shovm diagrammatically in Fig. 189 »
The displacement of interference fringes crossing 
the plates were measured, using a travelling microscope. From 
this it was possible to deduce, using the relationship:
^ 3
tan '9 = &
w
where d = m X 
2
A. = wavelength of sodium light 5890°A 
m = vertical displacement of fringe
-J
~2 fringe width 
w = width of precipitate.
Q = the angle of tilt* The values obtained for the largest 
displacements measured, are shown in Table 25 * '
4.10.3. Surface Relief of a Rods.
Tilting of prepolished surfaces was found to 
accompany the formation of a rods during isothermal tempering.
Pig. 190 , shows the surface tilting accompanying tempering of 
a 43.4 at.% zinc alloy at 520°C. Long traces presumably 
corresponding with the rod length occur in grains 1 and 2 , being 
particularly predominant along the boundary between these two grain 
In grain 3 tilting of the surface, apparently arising from cross 
section of rods, is present.
The relief associated with the long rod traces (the 
habit direction lies in the surface) show a multiple tilt 
within the overall surface tilt, Pigs. 191 , 192 , 193 . This 
apparently initiates from a small rod, such as A Pig. 191 , with
what appears to be a double tilt about a central midrib. Growth 
proceeds by the development of side rods, Fig. 194- 9 lying along 
variants of the <C556 from the central rod. With increasing
time these give the large rods, shown in Figs. 191 } 192 , 193 ? 
which exhibit a characteristic ’feathery* pattern of relief.
Fig. 192 shows two- further interesting features related to 
rod formation. Firstly, at 1 constraint of the widthwise growth 
of the two rods has taken place as a consequence of the impingement 
Secondly, at 2 displacement of the main a rod, by the cutting of
a second rod seems to indicate a ’shear-like1 transformation
process.
The,transverse sections of rods also give rise 
surface tilting, Figs. 192 , 195 <> 196 • This takes the form, 
on some occasions, of an angular pyramidal shape, Figs. 191 and 
195 , possibly corresponding with the angular cross sections 
discussed in section 4.5.2. Four distinct relief facets are 
shown on these pyramids by the oblique illumination, but there is 
no indication whether the apex of the pyramid is pointing outwards 
or inwards,, Rod sections showing more than four facets, occur at
3- in Fig. 192 and 196 „ Particularly in Fig. 192 , the rod 
has imparted a relief to the (3’ as it possibly runs into the
matrix at an angle to the surface. The rod section shows several
flat facets in relief, terminating at a central apex. With
decreasing temperature the size of rods formed in the "bulk volume
decrease, section 4.5.2. , so that the accompanying surface
tilting becomes smaller in length and section, Fig. 197*
Figs, 198 a and b , show the correlation of surface 
tilting 011 a transformed specimen surface with the same surface 
after etching in alcoholic ferric chloride. At X much of the 
relief has been caused by accommodation deformation of the j3'* 
matrix, which is shown by etching. But in nearly all other rod
sections, the multiple tilt on the surface corresponds with
rod sections. At Y relief arises directly from transverse 
sections of rods.
Transformed specimens were nickel plated, section 
3.7.4-. > to protect the surface features and then mounted at
30° to the horizontal, ground and polished, section 3.8. The 
coherent coating of nickel allowed the relief of the free surface
to be maintained during polishing. Fig. 199 * shows the interface
between the nickel and transformed specimen (a.b.) in taper section. 
Along the interface rods at 2, 3 and 4. have an outward double
tilt. But rod 1 , sho?;s multiple tilting. The lightly etching
boundary in this rod suggests that it is made up of two rods, each 
with an outward double tilt, so that the central tilt is inwards.
But the resolution of optical microscopy was not sufficient to 
allov/ conclusive evidence of the nature of these tilts to be 
obtained and carbon replicas taken from the nickel/specimen 
interface split along this boundary.
To obtain further correlation between the surface 
relief and the rods formed in the bulk volume a transformed 
specimen containing a prepolished surface, was mounted in taper 
section { 30° to the polished surface ) in Araldite. Fig. 200 , 
shows the correspondence of the surface tilting and the 
precipitate in section. The density of precipitate at the free 
surface is no greater than within the specimen. There is little 
evidence of internal boundaries in the etched rods, which could 
relate to the feathery relief shown in the polished surface. The 
tilting of rod 1 does show a multiple nature. Little surface 
tilting is associated with the continuous film of a precipitated 
at the grain boundary, 2 .
Fig. 201 , shows interferograms obtained from the 
transformed specimen surface, using a two beam interferometer, and 
the corresponding light micrographs are also shown. Fig.201 , 
shows the long axis of the a rods lying in the surface of 
sectioning, while region P is shown in., more detail, Fig. 192 .
The interf e-rcgram indicates that the surface tilting, arising from
wthe long rod traces, consists of a tilt ahout a central midrib R, 
which presumably develops into the multiple relief shown for the 
larger rods. Accommodation strains in the (3{ matrix are also 
present, these are shown diagrammatic ally in fig. 202.. The 
magnitude of the simple double tilt was measured from the 
fringe displacement, the results obtained are shown in Table 25 *
A few rods in Fig. 201 , exhibit a single tilt, an example of 
which is at Q . Little information can be obtained from these 
interferograms regarding the relief associated with a rod 
transverse sections.
Further support for the presence of lattice 
accommodation in the matrix, is found in Figs. 203 and 204j the 
interference fringes were obtained from the thin edge of a 
cellulose lacquer applied to the polished and transformed surface. 
The remaining surface was lightly etched, to reveal the extent of 
the distortion in the matrix. Rod X in Fig. 203 , sho?irs a simple 
double tilt about the central midrib, both halves corresponding 
to the etched rod width. There is a slight curving of the 
interference fringes in the matrix, as the a rod/j3! matrix 
interface is approached, indicating the presence of accommodation 
strains. No fringe displacement occurs at the tip of the rod.
QT
4.10.4. Thermal Etch Pits. j
Etch pits were formed in "binary copper/zinc alloys* |
_  3 - 1
when tempered under vacuum "better than 0.1 x 1C Torr, at I
temperature above 450°C, for times in excess of 15 minutes. ij
Pig. 205 ? shows a specimen of 45.4 at ,fo zinc 
tempered at 500°C, under vacuum. Surface tilting has revealed 
the presence of the a rod precipitate and with increasing time 
etch pits have formed. These pits formed a regular array along 
the precipitate/matrix interfaces, indicating the presence of 
a regular dislocation configuration. The pits formed were 
confirmed to be etch pits, by electron replica metallography,
Fig. 206 , Pitting also occurred to a lesser extent within the 
a rods and at 1 the pits appear to outline the markings derived 
from the ’feathery* relief.
4.11. Kinetic s.
4.11.1. Introduction:
The tilting imparted to a prepolished surface by the 
formation of either plates or a rods, formed during tempering 
metastable j31 binary copper zinc alloys (4.10) , allowed hot stage 
microscopy to be used to follow the progress of the transformations,
section 3*2.3« The transformations were recorded on cine film 
so that the kinetic aspects could be evaluated, Measurements 
were taken from still prints using a travelling microscope.
V.11.2. Plates,
Still prints taken from cine" film, Pigs. 207? 208, 
show the progressive development of plates. The temperature 
control curve for the .transformation is shown in Fig. 209 •
From these sequences it is difficult to quantitatively follow the 
growth of an individual plate, but plate pairs have formed, and 
the final structure consists of an interlocking network. The 
surface relief becomes more readily distinguishable with increasing 
transformation time.
Fig, 208 , shows a similar transformation at a higher 
magnification. The temperature control curve for this is shown
in Fig. 209.
. The investigation was limited to the formation of 
plates in low sine alloys, where the upper temperature limit for 
plate formation exceeds 400°C (section  ^504.„ ) , so that the 
largest possible plates could be formed. In Fig. 208 the 
largest pairs of plates are only about 30p. in length. The 
transformation is rapid at these higher temperatures.
Fig. 208 5 shows the transformation sequence at 2 
second intervals,up to 10 seconds, starting from the initiation 
of transformation. The plates grow rapidly in lengthwise 
direction, hut the rate is so fast and the contrast on the 
surface so poor as to proclude quantitative evaluation of this 
rate. But plates can he observed to fonm as obtuse angled pairs 
growing from the common interface, e.g., pair 1 . With 
increasing time the contrast of the surface tilting increases so 
that in the final few photographs the product is clearly resolved. 
This increased contrast could arise because of two possibilities:
(a) the angle of surface tilting increases.
(b) the width of the plate increases.
Of the two, the latter seems more probable.
4*11.3« a Rods.
43.4 at.% zinc specimens were used for the hot stage 
investigations of rods for two reasons:
(a) the low volume fraction of a, rods formed, allows 
examination of individual rods growing.
(b) the upper temperature limit for plate formation is
l6o°C .
Still photographs taken from cine film sequence are
shown in Figs. 211 , 212 , 213 3 for specimens tempered at 
400°C , 390°C and 320°G respectively. The temperature control 
curves for each transformation are shown in Fig, 210 . 
Investigations were limited to a temperature range of 500°C 
down to 300°C . -Above this temperature excessive surface 
deterioration occurred and below 300°C the product was so small 
as to proclude quantitative observations.
Fig, 211 shows the long traces of a rods ( the 
habit direction lying in plane of sectioning ) developing along 
one side of the grain boundary and then within the grain. Im 
the other large grain only transverse rod sections are present.
The magnification was not sufficient to measure the widthwise 
growth, but the lengthwise growth of rod 1 , 2 , 3  and 4 , are 
shown in Fig. 214 • All change length linearly with increasing 
time and from' the slope of the curves, the rate of growth of each 
is 0. 003nnn/second , 0.001 mm/second , 0. 0006m.ni/second ,
0.002mm/second , respectively.
In Fig, 212 , rod 1 again shows a linear increase 
in length with time. Fig. 215 . But after ^  100 seconds 
impingement with other rods occurs and growth ceases. The rate 
of growth obtained from the slope of the curve, Fig. 215 was 
0.002mm/second. Throughout the lengthwise growth the rod 1 , has
has developed in widthwise direction and finally shows multiple 
relief , section 4*10.3 • Once again the low magnification 
procludes quantitative measurement.
Difficulty was encountered in obtaining a region 
containing long a rod traces at higher magnification, Fig. 213 * 
Selection of this field had to be made initially at low 
magnification and, once transformation was under way, the 
objective changed for one of higher magnification. Therefore the 
first photograph, Fig. 213 , starts at approximately 300 seconds 
after the initial product formed. From this sequence of 
photographs thickening of the rods, e.g., rod 5 3 can be seen 
to proceed by the nucleation and groYrth of individual rods, with 
a double tilt about their midrib, from the side of the original 
rod, thereby giving a * sheaf* of rods and a final 'feathery1 
surface relief. The rods change length with time linearly,
Fig. 216 , and the rate of growth from the slope of the curve, 
is 0 . 0008mm/se cond. G-ro?/th ceases when impingement with another
rod occurs. But after lengthwise growth has stopped thickening 
of the rods continues. The values of growth rate mentioned for 
each temperature show that with decreasing temperature the rate 
decreases.
The widthwise growth of a rods, 1 , 2 ,  3 , 4 ,  5.,
1*3
and 6 , was measured across the reference lines a , b , and c •
All measurements were made from the grain boundary and the width 
of each rod obtained by difference. The results are plotted in 
Figs. 217(a) , (b) , (c) , (d) , (e) , and the change of width 
with time is non-linear, the rods appearing to reach a limiting 
width.' G-rowth also proceeds in bursts, Fig. 217(d) (6/b) giving t 
a stepwise progress. Each fresh step corresponding with the 
formation of a fresh side rod. Comparing Figs. 217(d) (6/b) and
217(a) (6/c) the widthvdse expansion along the length of this rod
follows a similar form. From Figs. 217(b) (4-/b) and 217(c) (4/c) 
it can be seen that the rod grows at different rates in various 
positions along the length,this is confirmed from the micro­
structure, Fig. 213 . Further analysis of Fig. 217(b) (4/b) 
shows that if the distance from the grain boundary d^ and d^ 
are plotted as difference values d^ and ^^2 overaii
change in width results only from one side of the rod, the side 
nearest the boundary remaining essentially constant. This 
supports the formation of ?sheaf-sJ of rods. In Fig. 218 the 
actual measured values of d^  and d for . Fig. 217 (4) (6/b) have been 
plotted and d^ decreases, while d^ increases. From the change 
in d^ , the side of the rod neare.sv to the grain boundary 
contributes to the first growth burst, Fig. 217(i) (6/b) and the 
opposite side to the second.
4.12.1. Introduction,,
Step heat treatments were carried out for two main 
reasons* Firstly, to confirm the existence of a definite upper 
temperature limit for the formation of plates. Confirmation
for this would come "by the suppression of growth of previously 
formed ct^  plates when tempered above this upper temperature limit 
Secondly, to investigate the influence of thermal history upon the 
micro structure.
■ 4.12.2. Heat Treatment Cycle :
The binary brass alloy containing 40.9 at.$ zinc 
was selected as the most suitable for this investigation, because 
the upper temperature limit for plate formation was in a 
suitable temperature range. In this alloy isothermal tempering 
of the metastable p® at , 2 50°C produced a structure composed of 
a,^  plates at times close to the start of transformation, Fig. 65 
section 4.4.1.
The heat treatment cycle involved is shown 
schematically in Fig. 219 . Two variations of this cycle were 
used :~
(a) 250°C 60 mins. followed by isothermal tempering at
MS?
550 , 500 and, 443°C „
.(b) 2.50°C 100 mins, followed by isothermal t
at 543 , 500 and 450° C ,
The t?fo heat treatments gave different vol
fractions of plates , Pigs. 104 . 220 . Hardness
and metallography provided, suitable techniques for foil 
progress of the transformation.
4.12»3o Hardness.
Figs* 221 , 222 , show the variation of hardness
with increasing time when partially transformed specimens were
tempered above the upper temperature limit for plate formation.
In Fig. 221 , the metastable p 1 was tempered at 250°C for 
60 minutes. For each tempering temperature the hardness decreases 
continuously with increasing time. With longer tempering time 
and increasing temperatures, the rate at which the hardness 
decrease occurs increases-. During the initial tempering period, 
no hardness increase above the original value of the partially 
transformed specimen was detected. Similar results are shown in 
Fig. 222 , for specimens held at 250°C for 100 minutes. However
during upper temperature tempering initially a small hardness
increase occurred of about 10 points ? but this was followed by
empering
ume
measurements 
owing the
a hardness decrease similar to that observed previously. But the 
rate at vfhich this decrease occurred was not so rapid as in the 
previous case.
*
2.1204» Metallography.
Specimens partially transformed to plates and 
isothermally tempered within the temperature range for a rod 
formation showed no further growth of the plates. Figs. 223 ,
224 , 225 ? 226 , show the micro structures of specimens tempered
*
at 550 C after tempering at 250°C for 60 minutes. After 10 
seconds at temperature, Fig. 223 s a high proportion of a rods 
formed in the f3 • matrix adjacent to the original plates. Rods 
have also grovm from the edges of the original plates. Their 
presence is indicated at plate A by the change of habit at limb (l) 
from the £2 11 1 2 ^  plane of the original plate to the ^111}  ^
direction of the rod. Similarly rod nucleation from plates was 
observed during direct tempering at temperatures just below the 
upper temperature limit for plate formation, Fig. 113 9 
section 4*3*4 - With increasing tempering time further rod
growth took place, Fig, tL'SLfc and it was difficult to detect the 
presence of any original plates. At this stage larger rods 
developed which appear in long section and cross section at B and G
2S1
respectively, Fig. 222*. . The cross section C shows parallel j
it
internal markings, which are presumably growth twins. The (31 |
' II
matrix surrounding these larger rods was denuded of a precipitate. ] 
After tempering for 3 hours , Fig. 226 , larger angular a rods
I
continued to form preferentially. No plates are present. £
The changes of mlcrostructure accompanying isothermal | 
tempering at 443°C are shown in Figs, 227 , 228 , 229 > 230 ,
231 , 232 , 233 . In Figs. 227 , 228 , 299 5 the plane of \
polishing is close to a {_110}p , section 4.7.2. , so that |
plates have been sectioned across the angle profile of plate pairs, ij 
Even after 10 seconds, Fig. 227 , plate growth has ceased and !
a rods have formed in the adjacent matrix and along the edges of the 
original plates. Figs. 228 , 229 3 show that rods grow with 
increasing time. Fig. 229 ? shows that rods have grown from the 
edges of the plate pair, P , and their direction of growth is 
parallel with the internal markings in the plate. Similar 
observations have been made during direct tempering, section 4*5j4* 
Plates in transverse section Q have irregular interfaces so that 
the plates appear to have degenerated. In Figs. 227 , 228 , 229, , 
the angle between the two- sets of rods growing from the plate 
pairs are 79° ? 69° 5 70° , respectively. As the sections of 
polish are close to \110ip , the angle between these rods suggest
that the growth direction is <111>  ^ . This is also supported j
by the rods being parallel with the internal markings in the plates l
i
section 4«7«3, The Onset of large rod growth, Fig. 231 , was ji
delayed compared with higher tempering temperatures discussed earlier,' 
but their gradual development with increasing time was observed, t
Figs. 232 , 2 3 3  • After 39 hours tempering the precipitate I
[■
}■
consisted only of a rods. Frequently growth twins were present j\If
within these rods and were occasionally parallel with the planar j
|
facets on the rods. i
The micro structural constituents present at various 
stages of tempering within the upper temperature range are v 
summarised in Fig. 234 . The time to the appearance of a 
completely rod-like structure increases with decreasing 
transformation temperature.
Similar micro structural changes 7/ere encountered 
during tempering specimens partially transformed at 250°C for 
100 minutes. Fig. 235 tempered at 500 C for 10 minutes, shows a 
ill0]g section through the angle profile of a plate pair from 
which rod groT/th has occurred from the edges. Rod precipitation 
has also occurred in the adjacent (3* matrix. The micro structural 
changes occurring during high temperature tempering have been 
summarised in Fig. 236 .
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4.13.1. Introduction«
As hardening of the tempered metastable (31 binary 
copper zinc alloys is mainly associated with the formation of 
the plate— like product, the interaction of slip traces with a rods 
and plates was investigated. Electropolished and lightly 
etched specimens ( to reveal the precipitated phase ) were clamped 
at one end in a vice and the free end subjected to a few cycles of 
reverse bending to generate the slip markings. The centre of the 
specimen was notched, so that a defo.rm&'tion -gradient'’'along • • 
the. l e n g t h *  of the specimen was achieved.
2f,13.2. Interaction of Slip Traces with Plates.
Fig, 237 shows slip traces present in a 39.8 at,%
0
zinc specimen, tempered at 283 C for 200 seconds to give 
plates of precipitate, G-rain 1 was oriented, using the Laue 
technique, prior to transformation and was found to be a 
section. From trace analysis the stereogram. Fig, 238 , shows 
that on a standard (001)p projection the trace normal for the 
slip trace in Fig. 237 lies on a [110]^ zone . Further the 
plane about which a plate pair liesis a . ^ 110^ ^  section 4 .7 .2, 
and these two trace normals have also been plotted 011 to standard
(001) p projection in Fig.238. These lie on zonespassing close to ^ liojj^  poles. Froi 
the angular relationship between the three traces- it may be 
suggested that the slip trace is consistent with a ^llO^p plane.
The slip traces in Fig. 237 are straight and parallel with 
each other* Slip has apparently been activated on one variant 
of the -plane, and this is presumably controlled by the direction 
of the stress axis. When deformation is less severe, Fig. 239 ; 
the slip markings are more widely spaced and very straight.
Slip markings in Fig. 237 > have cut across 
plates at X . These plates lie? normal to the slip traces and 
would contain internal faulting on ^113^^ planes, parallel with the 
^110|p slip planes, section 4«7*2« It was not obvious from 
Fig, 237 that plates lying at angles to the slip plane have 
been cut by the slip trace s. Fig, 240 shows a region where 
deformation has been more severe, arising from the stress 
concentration at the grain boundary triple point. In grain 2 
next to the boundary the slip traces tend to be wavy and there 
is also evidence of a second slip system operating. In grain 1 
plates of precipitate at A have been cut by the slip traces 
causing relative displacement of sections of the plate. Similar
cutting of precipitate by slip traces has occurred at B in 
grain 2 , although it is less severe.
In order to obtain more precise information of slip
traces cutting plates, platinum/carbon replicas were taken from 
grains 1 and 2 , Fig, 240 , Fig, 241 ■> taken from grain 1 
shows the continuity of slip traces across the plate. At c
where the slip steps are large displacement of the original plate 
has resulted, Fig. 242 . Slip traces have deviated little from 
their original path on crossing the plate suggesting that the 
active slip planes in both parent and product match. Slip traces 
do not pass through plate, D , Fig. 241 9 indicating that the 
variant of the ^111^ slip plane in the plate does not match
with the activated {llo}p plane in the matrix. This is further 
su-pported by Fig.- 243.
4.13*3. Interaction of Slip Traces with a Rods.
For this investigation a 43.4 &t,% zinc alloy
was used because it was easier to obtain small volume fractions of; *
a precipitate .
Fig. 244 , shows slip traces in the specimen surface 
intersecting the a rods, Generally the slip traces in the j31 
matrix are straight and limited to one active slip plane, although 
the matrix adjacent to the a rod precipitate contained wavy traces 
Slip traces within the rods frequently occurred on more than one 
variant of the 1^11^ - slip plane, giving intense slip markings,
Fig. 244- • 1 and 2 o Frequently only a single slip system was
activated, Fig. 244- , 3 .
In regions of lower deformation,slip traces were 
present in the a rods, while little or no slip occurred in- the
adjacent matrix, Fig. 245 . This indicates that the precipitate
was deforming plastically, whilst the matrix was only subjected '
to elastic distortion. At A , Fig. 245 a rod pair joined at a
common interface,, section 4.5.2. , contains a single set of slip
traces in each rod. But the angular relationship between these 
traces suggests that the rods have a twin orientation about the 
common growth interface. At B, the single set of slip traces 
follow, to within a few degrees, the habit direction of the a rodr
Regions of (3 where the deformation was greater 
contained intense slip traces in Fig. 246 • A single slip
system gives parallel traces in the co rod. The slip lines in
the (3’ bend to match with the a traces, and in this region more 
than one (3* slip system has been activated. Fig. 247 shows a 
further example of p 1 slip traces bending to match traces in the 
rod A # In rod B the habit direction lies in the plane of 
sectioning, and within the rod two slip systems have been activates 
again one almost parallel with the habit direction. The (3* slip 
traces are straight right up to the interface of the a rod. The
npit at G indicates that the plane of sectioning is close to a 
{lOOjp andi therefore from the diagonals, the {111)^ direction 
can he obtained. These two {111) ^  match with the habit 
direction of the a rod and the slip direction. This suggests 
that slip occurs on ^llOj-^ planes as previously observed, 
section 4*13.2, Slip traces in rod A are almost parallel with 
the edge of the etch pit, suggesting they are parallel with 
a 100 p direction. Therefore they could lie on (llo}p planes 
and, assuming the standard f .c.c,/b.c .c. orientation relationship, 
section 4*7*2, , hence along {lll^ planes which are the known
a slip planes.
4.14* Alloy Addition:
4*14.1* Introduction.
Transformations occurring in ternary alloy& conta?.r 
ing copper, zinc and small additions of gold, were also 
investigated, Gold additions (r*4^) to binary copper zinc alloys 
raise the ordering temperature of the j3 phase (*^ 250°C) .
This increase has been calculated, Appendix E , for the alloy 
under consideration. for the present investigation a constant 
concentration of gold was used , -which was considered to
directly replace copper, so that only the zinc content was varied,
n
s
1*7 V-
4.14*2. Composition.
The compositions of the two ternary alloys used, 
were obtained by chemical analysis, seotion 4*2, The analyses
are shown in Table 6 . Again, as for the binary alloys, the 
impurity concentration was negligible.
4.14, 3. Quenched Copper/G-old/Zinc Alloys.
Specimens of the two ternary alloys were heat 
treated at 830 + 5°C > in the vertical tube furnace, section 3*1:1*
and quenched into iced 10% aqueous sodium hydroxide. Metallo—
graphic examination of the quenched specimens revealed that they
were single phase, with a grain size of 1 to 2 mm. This
structure was therefore presumed to be metastable (3s .
4.14.4 t. Transformation Start.
The time to start of visible precipitation within 
the (3* grains after quenching and isothermal tempering, was 
determined for both .ternary alloys. The values obtained have beer- 
plotted against tempering time in Pigs, 248» 249 * The lines 
representing the start of precipitation consist of two 
intersecting 50s curves, similar to the curves obtained for the 
binary copper zinc alloys, section 4*4.1* Associated with the
'P ts
upper curve, was a rod-like precipitate morphology and with the
lower curve a plate-like precipitate morphology. The inflection
between the two *C* curves occurred at a lower temperature in the
alloy containing the higher zinc content.
Using the incubation times in Figs. 248, 249 > plots
d000 against time were obtained, Fig. 250 and the activation 
To ~
energy For the formation of plates deduced from the slope,
Table 7 (b) .
4.14.5. Metallography.
The * C * curves , showing the start of precipitation 
from the metastable (3* phase in these ternary alloys, may be 
directly correlated with the morphology of the precipitate formed. 
These curves may be divided into three distinct morphology regions, 
P , R and M which have been indicated in Figs. 248 , 249 •
Each of these morphology regions will now be considere
in turn.
4.14.5.1. Rods*
Within the temperature range corresponding with 
region R , the transformation product, Figs, 251 , 252 , is 
metallographically similar to the rods formed during isothermal
tempering of binary copper zinc allojrs, section 4*5»2, The 
presence of long traces and angular transverse sections 
in the plane of polish, Fig. 251 s confirms the rod-like shape. 
These transverse sections contain planar interfaces with the matrix 
Similar micro structure s were encountered at 500° C , Fig. 54 •
The microcracking occurring in the matrix arises from the etching, 
section 3. 12 , 2 .
The rods nucleated from a few sites and, with 
increasing tempering time, slowly grew in preference to new rods 
nucleating, resulting in a uniform, widely spaced microconstituent. 
On tempering for longer periods the large rods grew preferentially 
with the accompanying resolution of the smaller rods.
4.14.5*2. Plates.
. ' Region P covers the lov/er -temperature range of
the * C * curves, Figs. 248 , 249 where the product forms as 
plates. Fig. 253', shows a typical micro structure formed during 
isothermal tempering in region P , The product is metallogra— . 
phically similar to the plates formed in the binary copper 
zinc alloys, section 4*5.3° •
The plate-like shape was confirmed by polishing two 
mutually perpendicular-, surf aces on to a 39. 9& at.$ zinc specimen 
after tempering at 390°C« The long traces in both planes of
*■>?
polish confirm that the product is plate-like.
At any temperature within region P , plates nucleated 
randomly throughout a given grain* and proceeded to grow rapidly 
in a lengthwise direction; with increasing time further plate 
nucleation occurred in the adjacent matrix. Initially plates 
formed predominantly as obtuse angle tV 1 pairs* examples of which 
are present at A , Pig. 254 • However, as growth proceeded the 
mean free distance over which further plates could grow was 
limited by the presence of the original plates. • In the early 
stages of transformation, Fig. 254 , these plates forming between 
the original plates v/ere frequently single. Y/ith increasing time 
this partitioning became more pronounced, Pigs. 255 , 256 , and a, 
closely knit network of plates developed.
Plates were observed on a number of occasions to 
intersect one another, Fig. 253 , giving a displacement of one 
plate.
With increasing time, even if intersection of plates 
had caused lengthwise growth to cease, growth in the widthwise 
direction continued. By comparing Fig. 253 and Fig. 255 ? 
it can be seen that the product present after longer times of 
tempering was wider. The widthwise growth of the plates v/as 
restricted, where two plates impinge, giving the lenticular section
1^2
which differ from the parallel sided plates in Fig. 253.
The largest plates to form in these ternary alloys 
occurred at the higher temperature ranges of region P . At 370°C 
in the 39.96 at.^o sine alloy, the plate length was approximately 
lOOfi .
Electron replica microscopy on a ternary 39.96 at,% 
zinc specimen tempered at 300°C and sectioned across the angle 
profile of a pair of plates, Fig. 257 > revealed markings within; 
the plates. The angle between these markings was 71°, which 
compares with the similar values obtained for {llOj-p sections of 
a-^  plates in the binary alloys, section 4.7.2.
4.14.5.3. Mixed Product.
On isothermal tempering the metastable (3* 
ternary alloys T\rithin the region M of the *0* curves, Figs. 248 , 
249 j plates initially formed, but with increasing time rod growth 
subsequently resulted. Plates did not form above a definite 
temperature and the specific value of this was different in both 
alloys. It was not possible to metallographically locate this 
upper temperature limit for plate formation to better than Hh 15°Cf 
The temperatures obtained for each alloy was 39.96 at.% zinc 
+ 15°C and 41.45 at,fo zinc 390 _+ 15°C • These values
correspond with temperatures at which the two !C f eurves 
intersect in Figs. 248 , 249 . Therefore the upper temperature 
limit to plate formation decreases with increasing zinc content 
in these ternary alloys.
The lower temperature in which rods were found to 
exist in region M , was 370 + 15°C and 310 +_ 1$°C , for the 
39 o 96 and 41.43 at«% zinc alloys respectively.
Fig. 258 shows the type of structure obtained in the 
lower range of region M . In this case plates are in an 
advanced stage of development, but in a few regions of the matrix 
between these plates rods have formed.
As the upper temperature limit for plate formation 
is approached the proportion of rods present increases, Figs. 239 9 
260 , 26l , 262 . In Figs. 259 9 26l , rods have grown from the • 
edges of the plates A. In Fig. 259 , limb 1 of the plate the habit 
trace changes to that of the rod, while in limb 2 , the rods 
growing from the edge are transversely sectioned. Similar growth 
of rods from plates is present in Fig. 260 at A , In Fig. 26£jj 
plate A has apparently degenerated completely to give a rod 
structure, while in the adjacent matrix only rods have nucleated. 
The transverse sections of these have sharp facets occasionally 
giving an arrow head section, B .
1>
Hardness Changes During Isothermal Tempering.
The hardness changes accompanying precipitation 
during isothermal tempering of metastable (3* in ternary copper/gold/ 
zinc specimens, could not be followed in detail because of the 
limited number of specimens available. Consequently the 
investigation was restricted to a consideration of the hardness 
changes associated with the formation of rods and plates in the 
39*9^ a'b.fo zinc alloy. The technique and procedure adopted has 
been indicated in section 3»5«1«
The Vickers hardness values obtained for isothermally 
tempered specimens are shown graphically in Fig. 263 • The 
hardness for the specimens tempered at 300° C increases with the 
onset of precipitation. No hardening was observed prior to the . 
stage of visible precipitate formation. For transformation at 
500°C , where rods precipitate, there was a continuous decrease 
in hardness with increasing tempering time. An arrest in the 
rate of hardness decrease occurs when the volume fraction of rods 
increases significantly, followed by a further rapid decrease*
These results indicate that hardening is associated 
with plate precipitation in these ternary alloys.
Jo \
4-. 14. 7. Habit Plane of Plates.
The habit plane of the plates formed during 
isothermal tempering at 390°Cfor metastable [3’ ternary copper/ 
gold/zinc specimens w as determined using the two surface method 
described by Barrett (4-9) • ^^e plates formed at this
temperature were sufficiently large 80—100{i-to allow this
technique to be applied.
Prior to isothermal tempering the grain shown in
surface 1 in Fig. 258 (two surface) was oriented using the
Laue technique. The angles made with the fiducial line by
nine traces in surfaces 1 and 2 were measured and plotted
stereographically, Fig. 264- , these traces gave poles P^ P^ ,
etc., which were rotated on to standard (00l)o projection
P
to give poles P^ Pjj ... etc. which fall close to the Oil  ^
poles. The poles obtained were collected into a unit triangle 
of the type (ill) (001) (Oil) , Fig. 263 9 and are uniformly
distributed around the 2 11 12 pole. The scatter was high,
mainly associated with measurement errors arising from the 
presence of well developed plates, which were necessary for easy 
matching in the two surfaces.
6 2.
4.14*8. Surface Relief.
The electropolished surface, section 317*3* > of 
the 39*96'at;$> zinc ternary alloy, exhibited tilting, Rig. 266 * 
after tempering at 370°C u for three minutes under vacuum.
Obtuse angled pairs of plates are easily distinguished together 
with partitioning of the plates. The features exhibited by 
this relief are characteristic of those observed for plates in the
bulk of the specimen, Fig. 253 # The density of plates formed at
the free surface is not apparently greater than that encountered 
within the bulk volume.
Fig. 267 shows an interferogram and a light micrograph, 
of a ternary specimen surface after tempering at 370°C • At A , 
the obtuse angled plate pair shows a displacement of fringes 
in the same direction. The continuity of the fringes and their 
relative displacement prior to crossing the plate, suggest the 
presence of accommodation strains within the matrix. The fringe 
displacement is of the type shown diagrammatically, Fig. 189 , 
with the tilt in both plates of the pair in the same direction. 
Fringe displacements across acute angled pair of plates B , are 
shown diagrammatically, Fig, 189 . From fringe displacements 
across the plates the angle of surface tilt was found to lie
between 6 to 10° , Table25 .
1*1
4 .15.
4*15*1* Introduction*
Two modes of deformation were used, tensile and 
compressive (rolling) * The influence of these modes of 
deformation upon quenched binary copper zinc alloys and subsequent 
precipitation when tempered under isothermal conditions was 
investigated,
4.15.2. Tensile Deformation and Precipitation.
4.15.2.1* Introduction,
Quenched tensile specimens of binary copper
zinc alloys containing 59*9 at.% zinc were prepared using the
procedure described in section 5.8,1. A metallographic examinatio 
of the surface of the specimens after electropolishing was
carried out to ensure that no quenching products ( massive a or
grain boundary a)  were present. The electropolished tensile 
specimens - were then loaded to failure in an Avery tensile machine 
and the ultimate tensile stress for these specimens was 3140 to 
4690 K.grms/cm with elongation between 12 to 20% . Fracture 
usually occurred along an intergranular path, although in some
cases transgranular failure was observed. The fracture path 
was generally normal to the direction of the applied stress,
i-,15c2e2c Structure of Deformed Metastable (3'.
Tensile deformation resulted in severe rumpling of 
the polished specimen surface, so that it was possible to resolve 
the individual B* grains,, Fig0 2 68 , is a region of the surface 
near to the main fracture, in which both a general relief as 
well a s grain boundary rumpling has occurred. In grain 1 
the surface tilting within the grain is needle shaped, being 
approximately 600(i long, S traight, clo sely spaced slip traces 
are also present on the polished surface, together with small 
regularly spaced markings along the opposite grain boundary.
The corresponding etched section Fig. 269 } indicates that the 
needle-like surface tilting is associated with a stress induced ; 
transformation product, which is possibly martensite. Accommoda­
tion deformation of the p : matrix at the tips of this product 
has also occurred. This is indicated by the fact that the 
length of the etched product is less than the length of the 
surface tilting in Fig, 268 ,
■Grain 2 , Fig,, 2^8, contains severe surface rumpling, 
taking the form of troughs 30 to l60(i in width and extending up to
..
two thirds of the way across the grain. Closely spaced surface 
tilting is 'also present. The etched section in Fig. 270 , 
shov/s that the fine relief arises from stress induced transforma­
tion of product which crosses the rumples. Frequently within 
these rumpled regions the product is rotated from its original 
growth direction indicating that they are possibly deformation or 
kinEL,bands. The presence of long surface traces in more than one 
grain indicates the stress induced product is plate-like, rather 
than needle—like, in shape.
The type of micro structure present after tensile 
deformation was dependant upon stress concentration, reaching a 
maximum near to the fracture and decreasing along the gauge length 
away from the fracture. It was also dependent upon the 
orientation of the grain with respect to the stress axis.
Stress induced transformation product, Fig. 271 , was 
associated with the fracture. The product formed along the 
fractured edge, Fig. 272 , contained a fine internal structure, 
when observed under polarizing illumination which was not present 
in the adjacent product. At higher magnification, Fig. 273 > 
this internal structure appeared as small irregularly shaped grains 
and was metallographically similar to the massive a produced during 
quenching, Figs, 57* 58. To obtain the structure of this
product an X~ray powder photograph was taken using a wire specimen 
taken from the required region of the tensile specimen. Pig. 27/:- 
indicates that it has a face centred cubic structure Y/ith a 
lattice parameter of 3*77 ^ . Because of the diffuse nature qf 
the diffraction pattern arising from the internal stress, this 
value cannot he considered conclusive.
Adjacent to the fine grained stress induced product,
acicular plates form, which are possibly stress induced
martensite. Theee have formed along two directions Yvhich lie
o
close to the 45 maximum resolved shear stress directions.
Fig. 275 ? shoY/s another region in Yrhich this acicular martensite 
has formed.
Fig, 276 , shoves the typical structure formed 4 to 
5mms away from the main fracture. The heterogeneous nature 
of the deformation features is visible in the three grains.
Most severe deformation has occurred in grain 1 , where the 
stress induced martensite has formed, along directions lying at 
45° to ..the stress axis, this being the direction of maximum 
resolved shoar stress. The structure is complicated by the 
presence of broad bands in the matrix, Y/hich cause the stress 
induced plates to be rotaued from their original path when 
Grossing them. These deformation bands are easily distinguished
Under polarizing illumination, Pig. 277 • In grain 2 , Fig* 276 , 
the stress' induced martensite is mainly formed within the 
deformation hands which arise at the grain boundary. The amount 
of stress induced product is less than in grain 1 . No 
transformation product has formed at all in grain 3 9 presumably 
because it is not favourably oriented for deformation.
Similar.structural•features after tensile deformation 
are present in Fig,’278 . In grain 5 ? which contains the most 
stress induced product, the plates formed lie at 45° to the stress 
axis, although some of the plates are rotated on crossing 
deformation bands. The large areas of transformation product 
which are featureless, are possibly sections of the martensite 
plates lying in the plane of polishing. Wavy bands, which are 
possibly permanent slip bands, are present in grain 1 . Only 
a little stress induced product is present. The induced product in 
grain 2 , has formed at the grain boundary between grains 2 and 5 } 
these plates reach a maximum length rU 140 jl at the centre of the 
boundary, which progressively decreases towards the two triple 
points at its extremities. Stress induced product has formed 
from the triple grain boundary point along the boundary between 
grains 1 and 2 .
Fig. 279(a) shows microhardness indentations across
this region* the values for these are plotted graphically in 
fig, 279 (h~) o Towards the triple boundary in grain 3 , the 
hardness increases, indicating that work hardening has taken 
place in the (3 ? , There is no significant hardness difference 
across grain 5 9 however, the scatter may be accounted for by 
orientation variations across deformation bands. The hardness 
difference between deformation■bands and unrotated matrix is shown 
i^ Fig, 280, Both indentations 10 and 11 , have plastically 
deformed the (3 ? matrix generating slip. As indent 11 , is placed 
in the induced product plate it will have penetrated it causing 
slip in the underlying (3? . The slip markings at 10 and 11 , 
are slightly at an angle to one another as indicated by the 
markings a and b , which corresponds to the angle between the 
induced martensite in the two regions, indicated by 0 and d.
The angular difference in each case is 13° « ‘This indicates that 
the two regions of (3? matrix within the one grain are rotated, 
possibly by a simple lattice tilt, with respect to one another.
Still further away from the main fracture the 
proportion of stress induced transformation product gradually 
decreased.
4*15.2.3. Isothermal Tempering of Deformed (3 1 .
The heterogeneous distribution of deformation 
prevented any quantitative measurements of the time to start of I
transformation during isothermal tempering from being carried out !
on the fractured tensile specimens.
Tempering of these deformed specimens in region R , 
of the iC 1 curve, Fig, 64 ? obtained for undeformed specimens of ;
the same composition yielded information concerning the j
decomposition of the stress induced products. It was only at 
temperatures above "N* 350°C that decomposition of these occurred , 
and at this lower temperature, the process was slow.
The decomposition of the stress induced product, whichj 
is metallographically similar to massive a •> section 4.3.2, ,
formed on quenching, is shown in Figs. 281 and 282 , after
tempering at 600°C , Fine precipitate forms along sites which 
outline the internal boundaries of the stress induced product.
The precipitating phase is presumably (3'* which forms to relieve
\
the supersaturation of zinc in the stress induced phase.
The stress induced acicular product, which is
probably thermoelastic martensite, has formed along the grain
boundary in Fig. 283(a) (this region is also shown in Fig. 278),
The.tempering of this product within region R, of the »G * curve, 
Fig0 64 was followed progressively with increasing time, .
SPigs. 283(b) , (0) , (d) , (e) i The tempering was'interupted |
i
and the specimen repolished mechanically on lp diamond^ and etched.j
j
; ' |
Electropolishing could not he used, because of the large amount of | 
surface layer removed at each stage. After only 10 seconds j
tempering, Pig* 283(b) , precipitation has a ’reedy* appearance j
i
f
possibly forming ■ along permanent slip markings in the (3* matrix j
of grain 2 „ The stress induced martensite plates, in grain 2 , i 
have increased in length and width, so that the matrix/product 
interface is no longer planar. In grain 3 9 the stress induced j 
martensite plates have bowed outwards bet??een points of inter section j 
indicating that widthwise growth is proceeding, while in the 
matrix a fine granular precipitation has occurred. The sideways 
expansion of the martensite plates and the rod-like nature of the j
precipitate formed in the (3* , is resolved in Fig. 284 « j
With increasing time the grain boundary plates, 
grain 2 , become less well defined and grow with the accompanying j
resolution of the fine a rods formed between these plates, so that 1
1
a denuded sone forms in the matrix. Coalescence of the wavy a j
product formed in grain 2 , also takes place. The martensite plate 
lying in the plane of polish in grain 3 ? Fig. 283(b) , has been 
gradually removed by the interstage polishing, Fig. 283(e) .
The network of plates have gro?ra together with increasing time,
<?>
while the fine a rod precipitate formed in the (3* matrix 
undergoes resolution leaving only (3* between plates, Fig. 283(e)* 
Fig. 283 s 'shows a region further away from the 
main fracture in which some grains have deformed more readily 
than others and consequently contain more deformation product, 
grains, if and 3 * Little decomposition of this product has 
occurred because of .the short tempering period involved. Fig. 286, 
is the structure exhihitedby grains similar to 1 , in which a small 
amount of plastic deformation is present. Here the precipitate 
is generally rod-like, but along persistent slip markings granular 
precipitation occurs. When slip is more severe the precipitate 
develops a *reedy* appearance, Fig. 287 •
Along one side of the grain boundary in Fig. 288 , 
stress induced in martensite has been formed and as a result of 
the tempering, the (3r between these plates contains a little 
precipitate. The grain on the other side of the boundary, 
contains little stress induced product, but the subsequent isothermal 
decomposition of the (3* -^as yielded a high density of fine a rods.
Figr 289 , shows that the structure obtained when a. 
fractured tensile specimen 'was tempered within region F , of the 
!C f curve, Fig, 6br , Within this region the normal temper
product formed was plates, section 4*3«3* In grains where
little or no plastic deformation has occurred the density of 
precipitate formed is small, Fig.~290 . Plastic deformation, 
Pig. 291 , has accelerated the formation of these plates in 
localized regions to such an extent that a close interlocking 
network forms. In regions of more severe deformation, Pig. 292 
(similar to Pig. 289 )•• ^he plate precipitate is small and of 
high volume fraction. Preferred growth directions are imparted 
to these plates at the tips and along the sides of the stress 
induced martensite plates. At P , the precipitate has this 
directionality although no martensitic product is visible.
Fractured tensile specimens were also tempered in 
region M , of the !G ! curve, Fig. 64 , in which under normal 
conditions plates initially form followed by the formation of 
a rods. Pig. 293 , is the micro structure arising in a tensile 
specimen tempered at the lower temperatures of region M , In 
regions of severe plastic deformation precipitation has been 
accelerated. In Fig, 294- } the broad deformation bands contain 
stress induced martensite, but also fine precipitate has formed 
during tempering, which is possibly a network of plates ,
The deformation band in Pig. 295 5 also contains stress induced 
martensite, the boundaries of which have become less regular as 
a consequence of the tempering. Within the band fine granular
precipitation has occurred. Precipitation along persistent slip 
markings, Pig. 296 , is apparently plate-like, although of a 
higher density giving the ’reedy* micro structure.
Tempering at temperatures close to the upper limit 
of region M , was also investigated, Tensile specimens were 
tempered for various times at 4-00°C , In regions of severe 
plastic deformation the nucleation of plates was accelerated,
Pig. 297 • These plates formed in a preferred direction.
Product was nucleated throughout the specimen on further tempering 
hut the density was always greater in regions of higher deformatio 
Fig. 298, Pig. 299 , correlates with region X , Pig. 298 , 
and the precipitated product is a mixture of plates and rods.
In region Y , persistent slip has occurred and this results in 
the .’reedy* precipitation, Pig. 300 , with plates and rods forming 
in the (3* matrix "between.
Further tempering increases the density of precipitat 
and Pig, 301 , shov/s a deformation hand, in which no martensite 
has heen induced hjr deformation. On either side of this hand the 
precipitation product is a mixture of plates and rods, whilst 
across the hand the product is plate-lik^ and has precipitated 
along a preferred plane or direction.
4.15. 3- Rolling (Compressive) Deformation,,
4.15.3.1. Introduction.
Rolling deformation was used to reduce 
the heterogeneity of stress distribution that occurs during 
tensile deformation. The deformation used was small, less than 
15% reduction, so that the complexity of stress induced products 
being present during tempering was eliminated. The binary 
copper zinc alloy used in this case, 42.3 at.% zinc, has a 
longer incubation period and is more readily controlled.
4.15.3.2, Deformed (3 * ,
As quench^binary copper zinc specimens 
containing 42.3 at.^o zinc were cold rolled in one pass to give 
a reduction in thickness of 12% . The final deformed structure 
contained evidence of the deformation by the presence of 
persistent slip markings and deformation bands, but only rarely 
was any stress induced martensite present, Pigs. 302 , 303 .
When this did form in regio.es of more severe deformation, the 
product occurred as series of fine parallel markings in one or 
more directions and when intersections took place the product was 
displaced, Pig. 304 • Further stress induced product occasionally
formed from the original straight markings, Figs. 302 , 303 •
2.15.3.3o Rolling Deformation and Isothermal Tempering, 
Undeformed metastable (3 1 specimens of this 
composition when isothermally tempered, formed two precipitate 
morphologies. Fig. £>£, , an upper temperature -product of a rods 
and a lower temperature product of (a^ plate and a rod) mixture.
The time to the start of precipitation in these deformed specimens 
could not be specifically located because of the hetergeneous 
nature of the stress distribution. In regions of higher plastic 
deformation, containing persistent slip markings, the incubation 
period for precipitation was shortened and is represented by the 
first curve, Fig, 305 . The start of general precipitation withdn 
regions of less deformation is represented by the second curve.
Therefore this shaded band, represents the start of transformation
for the range of deformation present within the specimens.
The general features exhibited by these specimens on 
tempering within region R , Fig.305 * are shovra in Fig. 306 .
Four distinct precipitation regions may be located a , b , c , and
a . ^
(a) Within these regions there was little evidence of 
plastic deformation and the precipitate formed, Fig. 307 , was
IMT
typical of a rods observed when no deformation was present, 
section
(b) Precipitation in this case occurred along the coarse 
persistent slip markings formed on specific planes within the
(3 matrix. Precipitation within these bands is two fold. Along 
the centre of the band, precipitation results in irregular masses 
a , Pig. 308 , which tend to grow together to form a continuous 
stringer. These idiomorphs of a contain parallel internal 
markings, Pigs. 309 , 310 , similar to annealing twins in f,c,c. 
structures, while the surrounding (31 matrix is denuded of 
precipitate. Surrounding this denuded zone a fine precipitate 
of a rods, Figs. 308 , 309 , develops, which gradually coarsens 
with distance away from the band,
(c) Here precipitation has occurred along the broad 
deformation or kink bands. The fine precipitate formed within 
these bands, Pigs. 311 , 312,, is localized by its boundary and 
differs from the a rods in the adjacent matrix. Vfithin this 
central region of the band the precipitate is granular although 
replica electron metallography, Pig, 313 , indicates that the 
product is possibly fine a rods growing along preferred habit 
directions. Occasionally larger product forms, possibly a rod, 
giving a denudation of the surrounding (3* in precipitate. Along
the "boundary of these deformation bands a. rods precipitate with 
a preferred direction of growth, the long axis matching a habit 
direction of a rods in the surrounding (3 * .
■•(d) Precipitation along wavy slip markings has occurred 
in this region, The precipitate assumes a ’reedy1 appearance 
and replica electron metallography, Pig, 314 9 indicates that 
the precipitate forms as continuous stringers of no definite 
shape. The rods formed in the (31 matrix surrounding these 
have been refined.
Deformed specimens tempered within region M , of the 
1C * curve, Pig. 303 > . contain mixed product of plates and rods 
in regions of low deformation, while the density of precipitate 
is greater along specific deformation features. In Pigs. 315 3 
316 , precipitation has occurred along persistent slip markings, 
giving a freedy* microconstituent. The nature of this 
precipitate was investigated using replica electron metallographjy-? 
Pigs. 317. The product forms as discrete particles, but the 
shape is irregular, and cannot be associated specifically with 
rods or plates. Both plates and a rods form, in the adjacent (3* 
matrix.
Precipitation was faster along deformation bands,
Pig. 318 , and the product shape difficult to resolve. .. ■ •
it)
5.0 DISCUSSION OP RESULTS
5.1 T.T.T. Diagrams.
The various reaction mechanisms may he discussed most conveniently 
with reference to the time temperature transformation diagrams, which were 
obtained when the metastable 0* phase, for the binary copper zinc alloys, 
precipitated a second phase, Figs. 63 - 68. The type of structure formed 
depends primarily on the temperature at which the transformation occurs, 
but is greatly influenced by the zinc content. The T.T.T. diagrams, Figs..
63 - 68, consist of two separate reaction curves which intersect at a 
temperature dependent upon the composition. The fact that two different 
precipitation products, a rods and plates are associated with the upper 
and lower temperature reaction curves is consistent with previous observations 
of a change of product morphology with temperature in this alloy system. (155)» 
(156), (157) #(2*+l). Further, the general form of the T.T.T. diagrams, Figs.
63 - 68, in the copper zinc system is similar to the diagrams established for 
other alloy systems. Thus in the uranium chromium system, where two inter­
mediate transformation products have been located, the lower temperature pro­
duct is plate-like and has been suggested to form by a bainitic process, and 
the transformation^iagram consists of two intersecting •C* curves with a cusp 
at the temperature of intersection. (237) Similar T.T.T. data has been 
established for other nonferrous alloy systems in which reaction products have 
been indicated to be bainitic in character, (23*0, (239). The cusp where the
MS
two ,Cf curves intersect in the copper-zinc T.T.T. diagrams and the associated 
change of the morphology suggests a discontinuous change in the nucleation or 
growth mechanism. It has been previously suggested that the upper temperature 
rod-like a product is a WidmanstStten (nucleation diffusional growth) product 
similar to that obtained after slow cooling, (15*0 , (155), (158), whilst the 
lower temperature intermediate product which is plate-like, Fig. 123, forms by 
a bainitic process involving an invariant plane strain, coupled with diffusional | 
growth, (157), (167). Overall reaction rate studies in plain carbon (217) and j 
alloy steels, (217), (218), suggest that,lower bainite, upper bainite and
j
ferrite can be distinguished on a kinetic basis as well as a morphological 
basis.
The lower reaction curve, Figs. 6k, 65, which relates to the product, 
apparently suffers a sharp cut off, at an upper limiting temperature. This j 
suggests that the ’C* curve has the shape, Fig. 26, theoretically proposed by 
Fisher (215) for a bainitic product. The correlation of this upper temperature ! 
limit with the metallographic limit to plate formation, Figs. 63 - 68 and 137, 
suggests that this is a true upper temperature limit to the formation of 
plates. Further support comes from the step heat treatments, section (*u!2). 
Consequently for a given composition this temperature may be designated a B
s
temperature, with the thermodynamic implication that this should correlate with 
the thermodynamic equilibrium temperature T , (215). Unfortunately there is 
at present insufficient data available for the copper zinc alloys to allow the
T to be calculated and the thermoelastic nature of the martensite (107) pre- 
o
eludes the use of the experimental method discussed by Kaufman and Cohen (98).
The relation of the Bg temperature with other characteristic temperatures in
the copper zinc system, will be further discussed in section ( 5*4*2 ).
The isometric plot (time, temperature, composition) of these fCf curves,
Fig. 72, shows the gradual decrease of the B temperature, and ’bainite nose*,s
with increasing zinc content. Also both reaction curves associated with the 
precipitation of a rods and plates, move to increasing incubation periods 
with increasing zinc contents, together with the gradual suppression of the 
discontinuity between the two curves, leading to the single reaction curve 
for the k3*k at % zinc alloy.
No attempt was made during the present investigations to assess the time 
to the finish of transformation, because of the difficulty of metallographi-* 
cally measuring the volume fraction of the small plates. Only in the case 
of the bo.9 at % zinc alloy was any attempt made to locate the time to start 
a rod precipitation! following prior precipitation of ct^ plates. (The 
curve is indicated by the dotted line in Fig. 65.) Again the difficulty in 
locating the time period for the initiation of a rods arose from the nature 
of the products formed. It is easy to locate the start of transformation in 
a matrix containing no prior precipitate, but if a product is already present, 
this becomes increasingly difficult. A possible method of accurately locat­
ing these times could be the use of a resistivity technique.
The location of this mixed product formed over a limited temperature
range "below the B temperature is perhaps one of the more important features s
of the present investigation. It counters any arguments that the plate­
like product is isothermal martensite, (^5) which requires no composition 
change, rather than forming by a bainitic process as originally proposed by 
Garwood (157)» which requires an attendant composition change. From this
simple metallographic observation and the knowledge that the B temperatures
decreases with increasing zinc content, it may be concluded that as the 
plates grow at a given temperature, there is an accompanying enrichment of the 
$f matrix in zinc. Plate growth continues until the zinc content of the 
matrix is such that the Bg temperature for this new composition is exceeded 
by the reaction temperature, so that only growth of a rods can occur if trans­
formation is to proceed. This feature will be discussed more fully in 
section ( 5.7 ),
The general features of the isothermal transformation diagrams may be
conveniently summerized by reference to Fig. 65*
Between the upper equilibrium temperature s/a + 8 phase boundary in
Pigs* 3 arid 4 an<^  ® temperature only a rods of near equilibrium composi-s
tion are formed by isothermal transformation. The separation is preceded by 
an incubation period and proceeds by nucleation and growth.
In range between the Bg temperature and the lower limit for rod formation, 
Pig • 137 9 plates form initially, the proportion increasing with
decreasing temperature. The precipitation of plates is followed “by the 
formation of a rods, to a decreasing degree as the temperature is lowered, 
which then gives rise to the lower temperature limit. Below this lower 
temperature limit only plates form; the proportion of these at a given 
temperature is higher than the volume fraction of a product indicated by the 
equilibrium diagram, and increases with decreasing temperature.
The characteristics of the T.T.T. diagrams may be modified by changing 
the quenching temperature, grain size or other variables which have been 
maintained constant during the present investigation. However, the isother­
mal transformation diagrams shown in Figs. 63 - 68 may be considered to port­
ray the fundamental transformation characteristics.
5.2 The Structure of Plates.
Information concerning the structure of the plates formed 
during the isothermal decomposition of metastable 3f in binary copper zinc 
alloys considered, section (^.5.3) may be obtained from the X-ray diffraction 
analysis, section (^.8.3) and the replica electron metallography, section 
(^•9.2), of the present investigation. The method of preparation of speci­
mens, section (3.9.2) for the X-ray diffractometer analysis technique used, 
prevented the formation of any of stress- induced martensite (139).
5.2.1 X-ray Diffraction.
The details of the X-ray diffraction work set out in tablesll-?'! 
indicate that a structural difference exists between the rods formed at high
3temperatures and the plates formed at low temperatures* The former give 
and f.c.c. line sequence, which will he discussed further in section ( 5*6*1 ), 
whilst the plates give rise to a diffraction pattern which contains an f.c.c. 
sequence together with extra reflections. A similar line sequence was 
obtained by Garwood (157), for the plate-like product formed on isothermal 
transformation of a kl»3% zinc alloy, over the temperature range 170 - 225°C. 
These values are compared with results for a ^0.9 at % zinc specimen iso- 
thermally tempered at 200°C for 55 hours in table 28* Garwood suggested 
that this line sequence contained a basic f.c.c* sequence and that the extra 
reflections correlated with data then available, (91) (l0h)9 for the martensite 
formed on sub-zero cooling. Unfortunately no attempt was made to completely 
index the line sequence.
A feature of the present analysis was that the extra reflections gradually 
disappeared with increasing time at temperature, even in temperature ranges 
where plates, were stable throughout, so that finally only the f.c.c. reflec­
tions persisted. This is typified by the line sequence obtained from a 
39.8 at % zinc alloy, tempered at 260 and 3^0°C. This indicates that the 
structure of the plates is basically f.c.c. and the extra reflections are due 
to the substructure which is removed by a thermally activated process.
5.2.2 Direct Observation of Secondary Markings.
At this point it is convenient to consider the metallographic 
features of the plates. The present work, (section ^.7*2), gives direct
32/}
confirmation of the presence of these markings by replica electron metallogra­
phy whilst transmission electron metallography by Warlimont (ITT) and Garwood 
(167) gives complementary information. The crystallographic analysis of
these markings (3^5) confirms that they are parallel with {110} planes and
p
using the Kurdjumov Sachs orientation relationship, such markings were con­
cluded to lie along {111}- planes.x. c. c.
The observation of internal markings is consistent with the theoretical 
analysis carried out by Garwood (l6T)* Garwood was able to account for the 
crystallographic features of the bainitic product formed in this system by 
considering a basic transformation of b.c.c. f.c.c., and'using the premise 
that the phenomenological theory for martensite may be applied to the formation
of bainite Garwood was also able to show that the crystallographic features of
' ' ‘ 1 
this plate-like bainitic product would be similar to the martensite encountered
on sub-zero cooling. From this analysis it would be expected that the lattice
"■ i
invariant or inhomogeneous shear would generate a substructure similar to that
. . ]observed with the martensite. Such conclusions are consistent with the analy­
sis of martensite plates by Jolley and Hull (ll6). Warlimont (ITT) has sug- 
gested that the bainite plates contain stacking faults similar to the martensite. 
At present no quantitative investigation concerning the fault density of either 
the martensitic or bainitic plates has been carried out or any attempt to 
correlate these with the densities indicated by the stacking fault probability 
against composition plot shown in Fig. 36. However, Jolley and Hull (ll6) 
did indicate that martensite formed in a 39 vt $ zinc alloy contained markings
spaced every 25 X, or approximately a fault density of one plane in ten, which 
corresponds to the value indicated in Pig. 36. The present replica technique 
did not permit such an investigation to he undertaken.
A further point emerged from the metallographic examination of these 
internal markings, this "being that with increasing temperature or increasing 
time at temperature the number of markings appeared to decrease,
5»2.3 The Structure of the Faults.
It is now necessary to consider not only the possibility that inter­
nal faulting within the bainite plates could account for the extra c.p.h. 
reflections observed in X-ray line sequence, but also the nature of these 
faults.
In view of the work of Wagner and Helion (301) in relation to the pattern 
of line shifts arising from stacking faults in a brass of various compositions, 
it was concluded that only intrinsic and twinning faults caused the observed 
line shifts. In view of the considerations of Warlimont (177), it is likely
that the internal faulting occurring in the plates will be intrinsic in
character. Thus giving a stacking sequence of the type: ABCABABCABC.
Using the analysis proposed by Paterson (196),several investigators,(297) 
(298) (299) (301), determined the frequency of occurrence of stacking faults in 
a brass of various compositions. In Fig. 36 the stacking fault density of 
cold worked a brass increases from one faulted plane in 200 to one in 26 as 
the zinc content increases from 0 to 35 wt. %, At 35 wt. % zinc only peak
IZ.T
shifts and broadening were present in the diffraction patterns, no extra 
reflections. Massalski and Barrett (139) extended the fault probability 
values to cover the range 39 to 50 wt. % zinc alloys, in which deformation 
martensite was found to be a faulted f.c.c. lattice. The X-ray diffraction 
patterns within this composition range did contain extra reflections corres­
ponding to a hexagonal structure,
The most interesting feature of this analysis was that, although the 
transformation product was close packed at all compositions considered, the 
structure which was predominantly cubic packing in alloys richer in copper 
(38.3 at. % zinc) tended to equal probability of cubic and hexagonal packing at 
higher zinc contents with hexagonal predominating at " 50 wt. % zinc. in 
terms of atomic configuration there was a tendency for a gradual change from 
the ABCABCABC stacking sequence to an ABABAB arrangement. Therefore over this 
composition range extra reflections corresponding to a c.p.h. stacking 
sequence were derived from the faults. Such reflections are to be expected 
when it is considered that at ~ 38 at % zinc the fault density is approximately 
one plane in every 20 and is increasing with increasing zinc content. Basic­
ally a large proportion of the lattice is hexagonal in structure.
More recently the structure of the martensite formed in binary copper
7 zinc alloys on sub-zero cooling has been investigated, but no consistent 
structure has evolved for this product. The initial martensite structure
has been reported as f.c. tetragonal (91) (l2*0 or f.c. orthorhombic (ll6)
(129) and in studies by Kunze (127)(109) it has been proposed that two
types of martensitic structures may form in the same crystal of 8* brass at
liquid air temperatures. In the latter case the proposed sequence of trans- ;j
formation was from the 8* to a monoclinic lattice and further to an ordered
base centred trielinic. But the criticisms of Masson and Govila (128) must
cast some doubt upon the validity of this interpretation. The analysis of j
the diffractometer trace carried out by Jolley and Hull (116) indicated that j
li­
the structure of the martensite formed in a 39 wt. % zinc alloy was face
centred orthorhombic, but the correspondence with the calculated sequence is j
not exact. Ho comparison is made for the intensity values. Warlimont (129), j
using selected area diffraction, indexed this as f.c. orthorhombic but with a ]
fi
larger cell size. Warlimont suggested that the substructure of the martensite 
arises from faulting rather than the twinning, tentatively suggested by Jolley 
and Hull (116), Up to the present no X-ray pattern derived from the marten­
site formed in the copper zinc system on sub-zero cooling has been indexed 
uniquely, suggesting that the proposal of Kunze (127) that different products 
form at various temperatures and compositions is probably correct.
The conclusions of Massslski and Barrett (139) suggest that extra 
reflections found in the line sequence derived from plates, are c.p.h. 
lines arising as a consequence of stacking faults in the f.c.c. structure.
This is likely to be especially applicable to the plates initially fomned 
whose composition is very close to the 8* matrix from which they form.
(Section *1.9*2)
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If stacking faults are removed with increasing time at temperature, so
the extra reflections due to them disappear in order of increasing intensity.
In fact the last lines to persist from the c.p.h. sequence were indeed the
more intense 10.0, 00.2, 10.1, 10.3 and 11.2. Fault annihilation has also
been observed by Warlimont (177) (6l). This is possibly brought about by
the movement of dislocations which are present at the plate/matrix interface.
Such dislocations would be unit dislocations in the matrix and partial
dislocations in the f.c.c. plate. Hence the movement of these Shockley
partial dislocations on the {111}- planes on which the faults lie wouldf.c.c.
cause their annihilation (293). The driving force to activate such disloca­
tions could be two-fold:
Firstly a general thermal relaxation of the interface with time.
Secondly the composition change accompanying the growth of plates, (section 
4*9*2 ) which causes the plates to become enriched in copper as the equili­
brium composition is approached.Therefore under these conditions the stacking 
fault probability value decreases so that fault density should decrease with 
increasing plate size. The combination of these two processes possibly 
motivates the dislocation mechanism which brings about fault annihilation.
Massalski (3^7) has suggested that the presence of a duplex 
(f.c.c. + c.p.h.) structure in the plates may explain the observed X-ray 
diffraction traces. This would be consistent with the suggestion by Massalski 
that in the copper gallium system, plate pairs similar in shape to the
\LY
bainitic plates in the copper/zinc system, have a duplex 
structure. The plates form in the composition range **20-22$ 
gallium during quenching which is intermediate between the two 
Passive* products (248) occurring in this system. At present 
the conditions under which these plates form have not been 
clarified. Internal markings similar to these present in the 
plates in the copper/zinc system have been observed. From th 
X-ray diffraction analysis Massalski (347) has suggested that 
plates consist of alternate layers of f.c.c. and c.p.h. 
structure.
In the present case for the plates the possibility
of the plate consisting of alternate layers of f.c.c. and c.p.h. 
lattice would explain the observed X-ray diffraction line 
sequences. The matching would presumably occur across octahedra" 
f.c.o. planes and basal c.p.h. planes. The removal of the c.p.! 
reflections with increasing reaction time could be readily 
explained on the basis that because the c.p.h. structure is of a 
higher stacking fault energy it would gradually revert to. f.c.c. 
allowing lateral growth of the original f.c.c. regions.
On the other hand surface relief accompanies the 
formation of these plates and it is difficult to envisage how a 
duplex structure would arise froma shear process which could be
analysed by the phenomenological theory of martensite formation.
The suggested structure could not be accounted for by present 
theories of martensite formation which have been found to apply 
to the formation of bainite (101) (102) , Although an invariant 
shear will generate a twin in an f.c.c. structure, it would have 
to be modified to form a c.p,h, structure. At present there is 
no conclusive evidence to support the existence of this duplex 
structure. In fact^it is difficult to consider how such a 
structure could be generated by shearing the b.o.o, matrix. 
Apparently the shears involved would be complex and only a detailed 
analysis of the atom movements involved would indicate if the 
mechanism was energetically favourable. The only point in favour 
of this duplex is that it explains more convincingly#than stacking 
faults, the extra hexagonal reflections observed during X-ray 
analysis, A criticism of the plates being of a faulted f.c.c. 
structure must be as to whether the stacking fault density, which 
generates small regions of c.p.h, structure, is sufficient to cause 
extra reflections of the type observed.
The closeness of the least broadening close packed 
hexagonal reflections 00.2, 11.0, 11.2 and 00.4 with the 
corresponding reflections for the f.c.c. component 111, 220, 311 
and 222 respectively, prevented an accurate determination of the
axial ratio of the hexagonal material. But from the similarity 
with the calculated values the axial ratio must he near the ideal 
c/a of 1.633 .
Unlike the observations of G-arwood (157) extra
reflections were located in the X-ray diffraction trace at
temperatures just below the B , e.g., in a 39.8 a t z i n cs
alloy at 430°C. But at this higher temperature the extra 
reflection rapidly disappeared with increasing transformation time 
It is probable that these short transformation times were not 
examined by G-arwood during his original investigation.
5.2.4. Line Shift and Broadening,
An attempt was made to attain some precision in the
measurement of lattice parameters of the phase in order to 
see whether or not the f.c.c. structure has parameters that 
would be expected from the a phase parameters at higher zinc 
contents (13)> and also to look for line shifts of the type
predicted by Paterson (196) and recently considered by Wagner
and Helion (301) • Unfortunately from the present results the 
parameter values for each f.c.c, reflection when plotted against 
cos 0 . cot 0 , Pigs. 178 9 179 $ failed to show 111, 220, 331* 
parameter values shifted to lower values and the 200, 222, 420,
>3 !
to higher values# Further the results failed to reveal any 
consistent shift of values. This is possibly due to the fact 
that the accuracy of measurement of parameters was not greater 
than +,'1/3$'and to achieve required detailed analysis even 
greater accuracy is necessary# But even so these observations 
must be considered to counter to a small extent arguments favouring 
a faulted f * c* c# structure for the plates#
In the 39*8 at#$ zinc specimens tempered at 340°C 
plates were present at all the times considered, the 311 reflection 
which was free from over-lapping reflections and should have been 
shifted least by the stacking faults, was used together with the 
420 reflection to measure the change of lattice parameter with 
increasing time# To increase the accuracy of the measurement 
the peak was resolved by the Rachinger technique (348) , With 
increasing time the gradual increase in parameter, tablets contrary 
to that expected, because as the plate becomes enriched in copper 
the parameter should decrease# It is possible that the shift of 
the peak position, due to the fault removal, is countered by the 
parameter change due to composition, Generally because of peak 
shifts and broadening occurring on account of the faulting, 
aoourate parameter vslues are difficult to attain,
n-L
The marked line "broadening, particularly during 
the early stages of plate precipitation, could arise from 
internal straining, particle size and also the internal faulting-. 
The tentative analysis carried out in which values for (3* and 
cl section 4*8 * Fig. 180 failed to separate these contributing 
factors.
A disappointing feature of the X-ray analysis was 
that p reflections failed to reveal a conclusive shift thereby 
indicating that as the transformation to plates proceeded, the 
matrix increased in zinc content. The accuracy of parameter 
determination from peak shifts was impaired by elastic matrix 
distortion by the plates and consequently failed to reveal the 
small composition changes involved.
5.2.5* Conclusion.
The structure of the plates is f.c.c. with a high 
density of stacking faults, lying along ^lll}^ c q planes, 
during the early stages of growth. The ortho rhombic symmetry 
proposed for the sub-zero martensite (129) is basically an 
f.c.c. structure, but polytypism is derived from the ordered (3* 
matrix. Ordering feuper lattice lines) was not detected in either 
the parent or product of the isothermally transformed specimens
for the reasons discussed in section 2.3.3* Since the product 
apparently forms from both the ordered (j3f) and disordered (|3) 
matrix it is possible that even when forming in the ordered parent? 
the high atomic mobility, at the transformation temperature allows 
atom redistribution behind the advancing interface, with the 
destruction of the order in the product. Consequently it is 
considered that the interpretation on the basis of an f.c.c,/c.p.h 
mixture is valid. The metallographic and X-ray data is also 
consistent with the annihilation of the stacking faults with 
increasing time.
5.3# Crystallographic Feature of Plates.
5,3.1# The Interpretation of Surface Relief,
Hull (39) and Bilby and Christian (94) (2.6,2.) 
originally proposed that a change of shape in the transformed 
region should be used as a criteria to experimentally distinguish 
martensitic transformations from other reactions. Surface 
tilting has also been established as a feature of the bainitic 
transformation in steels (l8o)(203)(220)(222)(242) and nonferrous 
alloys, (237) (157) * It has also b een observed to accompany the 
formation of Cu.Be in copper*beryllium alloys (173) and the 
formation of ferrite in steels (216) (204) •
Garwood (157) suggested that the shape change was 
a characteristic feature accompanying the formation of plates 
during the isothermal decomposition of metastable jB* brass# At 
the time, no attempt was made to assess the magnitude or direction 
of the shear producing such a surface tilt. The results of the 
present investigation confirm the presence of tilting accompanying 
the formation of these plates, Pigs. 184, 185, 186 . It should 
be mentioned at this Btage that it is possible that, if the 
transformation is accompanied by a large volume change, then 
rumpling of the surface may occur. In the present case the 
volume change accompanying the formation of the f.c.c, product in 
the b.o.o. matrix of the same composition is small, being +0.32$ 
at 39.8 at,$ zinc and +0,31$ at 43.4 at.$ zinc, the positive sign 
denoting an expansion. The values were calculated from lattice 
parameter values obtained by Beck and Smith (13) • Such a small 
volume increase could not possibly account for the observed shape 
change. In actual practice this small volume change would 
presumably be accommodated by elastic distortion of the p matrix 
normal to the habit plane of the plate as suggested by Christian 
(45)(77) .
Recently Garwood (167) measured the angle of 
surface tilting to be 8-12°, and the values (7-11°) obtained in 
the present investigation confirm this.
Hz'
Although the phenomenological theory was originally 
developed for martensitic transformations (101) (102) ,
Section 2.6.3., it is now widely accepted that it should apply 
to any transformation that is accompanied by a homogeneous 
deformation of the transformed volume, in which a correspondence 
exists at an interface. The present plate-like product has 
these characteristics, therefore G-arwood (167) applied the 
stereographic analysis procedure described by Lieberman to this 
b.c.c. f.c.c. transformation, which predicts a shear angle of 
9.5° or 12° . This also agrees with the shear angle for sub­
zero martensite calculated by Jolley and Hull , using the 
numerical Weschler Lieberman and Read analysis and assuming a 
b.c.c. f.c. orthorhombic transformation, Table 2 •
The observed values agree with these theoretical considerations.
The interferograms, Pig. 188, were difficult to 
interpret because of the small width of the plates, across 
which fringes are displaced. But from the profile of the 
displaced fringe, it is possible to deduce that the tilt 
associated with an individual plate was single and that accommo­
dation strains were present in the {3* matrix. The profile of 
the fringe displacements are indicated diagrammatically in 
Pig. 189 , for both obtuse and acute, angled plate pairs. In the 
case of the obtuse angled plate pairs, which are characteristic
Cof this hainitic product during the early stages of transformatio: 
the fringe profile is similar in "both plates* Therefore it was 
possible to conclude that the single tilt, shown schematically 
in Pig* 189 * is in the same sense in both plates, indicating 
that the direction of shear for each is the same* This is 
not the case for the acute angled pair, where fringe profiles 
indicate tilting in opposite directions within each plate, so 
the shear directions are opposite. The small width of the 
plates prevents this conclusion from being unambiguous*
The adoption of the obtuse angled plates tilting 
in the same direction leads to a reduction of the strain energy, 
since the untransformed p matrix between the two adjacent plates 
is moved in the same sense by each distorted zone* In the case 
of the acute angled pairs of plates it is surprising that, as in 
the case of the sub-zero martensite (107) 9 & further reduction 
in elastic strain is not effected by the operation of parallel 
bands on the same habit plane in which the atoms move in reverse 
direction. This would give a final array of alternate layers 
with opposite tilts* But possibly in this case thermal 
relaxation brought about by the diffusion aspect of the 
transformation is sufficient to eliminate the necessity for this.
One point which did emerge from this surface relief 
investigation, was the correlation of the surface features with
^ 7
that of the product in the bulk volume. It has been suggested 
on several occasions that surface product is not representative 
of the bulk volume product because the volume fraction can be 
greater at the free surface, as the elastic constraint of the 
matrix is removed. Taper sectioning, Fig. 187, of the 
specimens used in the present investigation indicated that 
their was little difference between the volume fraction of 
product at the surface and within the specimen. This is 
further endorsed by Figs^ 185 and 186, which show a normal %  
of product for the transformation conditions involved.
5.3.2. Habit Plane and Secondary Markings.
< The single surface trace analysis of plates* 
(121), section 4.7.1., confirmed the earlier findings of 
G-arwood (157) that their habit plane is ^2.11.12)^ which lies 
approximately 7° from a ^Ollj pole , Fig. 165 * In his 
original analysis the composition and temperature range 
considered was limited, but in a later discussion (241) it 
was suggested for the composition under consideration (41.3$ zinc 
the habit plane of the plates did not vary significantly over 
the temperature range 170~360°C • The present investigation 
confirmed within experimental error not only the temperature
mindependence of the habit plane but also the composition 
independence. The poles of all the traces considered have been 
collectedSnto a unit stereographic triangle, Fig. 163 , 
quadrant 4, and lie close to a ^llOjp pole, with a scatter of 
approximately £  3° about a -^2.11.12./^ pole. The considera­
tions of Otte and Read (122) suggest that the habit plane 
associated with shear processes never have a unique value, since 
the stress distribution in the matrix, arising from the presence 
of plates formed earlier in the transformation, will influence 
the habit of the subsequent plates. Further, in the present 
case composition changes accompanying the transformation may 
shift the habit plane.
The phenomenological theory of martensite 
formation (167) has succe ssfull3r predicted the theoretical- 
features of bainitic transformations in several cases. For 
the copper/zinc system the habit plane lying just away from the
f  " i .  .
iOllj is consistent with the theoretical considerations (139) 
that a plane of the type 0 k 1 can never be an invariant plane 
(i.e. habit plane), since under these conditions no strains are 
involved in the transformation. The feature of particular 
interest in the present work is the prediction of the habit plane 
of these plates. The Weschler, Lieberman and Read theory
(101) allows the influence of composition change on the habit pla
of these jiates to be considered, because the theory depends only upon 
the parameters of the initial matrix (b.c.c.) and the product (f.c.c.) 
This theory has been summarized in Appendix F . The 
calculated habit planes for zinc and 44 at.$ alloys
are also given in Appendix F . The overall shift of habit 
plane with composition is 1°36* Which is within the experimental 
scatter of the results. A similar shift of habit plane with 
composition has been calculated by Pops and Massalski (107) 
for the sub-zero martensite.
There are four variants of the ^2 11 12j^ 
associated with each ^ 0 1 1 ^  pole, giving in all 48 variants of 
this irrational habit plane. The transformation produces a 
large number of bainitic plates lying on a number of 
possible variants of the habit plane. During the early stages 
of transformation the plates were grouped in the characteristic 
obtuse angled pairs, Figs. 70, 128, 130, and, because of the 
apparent co-operative nature of the growth of these pairs of 
plates, it is probable that they are variants of .11.12^ 
associated with a specific ^110j^ pole.
Fig. 319 shows a standard (001) ^ projection on
r 1
which the variants of { 2.11.12J poles are indicated. Considering 
the (Oil) pole the associated 2 11 12^ poles have been
labelled A B C and D * It is difficult to determine which 
combinations of these poles could give the observed obtuse angled 
pairs of plates, because of the similarity of the angle between 
poles of the type AB , CD , AD , CB , each of which is
approximately 14° • But figs# 1&5 an& 173 show
* 3l*combinations of obtuse angled plate pairs on a \ H Q f  section 
and close to a section respectively where the angle
between the pairs are 17° and 19° . Therefore it is 
possible to eliminate plate combinations of the type AC and 
BD as this angular relationship is not satisfied. Unfortuna­
tely the single surface trace analysis used to determine the 
habit plane of these plates, did not give sufficient
information concerning the combinations of specific habit planes,
*
associated with the obtuse angled pairs of plates.
.
It has been suggested (157) that the characterise 
tic plate pairs arise from plates lying on diametrically
opposite sides of the pertinent ^Ollj pole, e.g. AD and BC , 
•this has also been suggested for the acute angled martensite 
plates (120) .
Prom the present investigation it has been 
confirmed that the pairs of plates lie symmetrically about the 
corresponding [llOj plane. This is shown in Pigs# 133 aud 166
where a pair of plate k, symmetrical about their common
interface, lie in the {llO/^ plane of sectioning# Further the
f ■>
symmetry of the internal markings about the jlOOj'p interface 
plane indicate that the variants of the habit plane are derived 
from poles of the type AB and CD *
In Fig. 165 9 the plane of sectioning is again a 
\llo]p and in this case the secondary markings, which are 
parallel with <110j*p planes, are bisected by the common 
interface, £ 1 0 0 ^  of the pair of plates. The symmetry 
involved suggests that these plates would have habit planes of 
the type AB or CD lying on opposite sides of the 
corresponding {llO | pole. Considering specific variants 
this could give combinations of (2.11.12)/ (2.11.12) or 
(?.12.1l)/(2.12.1l) associated with a (Oil) pole, under these 
conditions the interface plane between the pairs could arise 
from the (100) pole' and the internal markings from the 
four variants of the j 1 101 in combinations of (110)/(110) and
Vj’ J
(roi)(ioi).
This argument depends upon accurately measuring the 
relationship of internal markings and plates to the common 
interface to establish the symmetry. But at present such 
accuracy is not possible, and consequently the argument is not 
unambiguous.
llfL.
Two further pieces of information can he used to 
huild a self-consistent model. Firstly in Fig. 173 9 
closed loops of eight plates (four ohtuse angled pairs) were 
present at Z . Secondly, combinations of four plates— two 
obtuse angled pairs- were also present. Figs. 171 aud 172 
show carbon replica electron micrographs of such combinations, 
showing that at the interface where the two obtuse angled pairs 
intersect, the internal markings are parallel with each other 
and also with the interface plane. Unfortunately the orienta­
tion of this (3* grain was not determined by X-ray analysis 
prior to transformation. However, from established information 
concerning the crystallography of these plates the orientation 
may be deduced. Firstly, as the obtuse angled plates are 
associated with a |llOjp pole then the closed loop of eight 
plates defines four {llO| planes, the traces of which would 
form a square on the surface, such traces would only be
f i
observed on a ^100J surface. In the present case the loop is
not completely symmetrical, indicating the plane of polish is
r ■%
not exactly\10(£, but possibly very close to this. Secondly, 
from the two surface diagrammatic representation of a plate 
pair, Fig. 167 , if the plate pair is sectioned on the ^lOojfp 
face, then the section of the pair of precipitate plates would 
appear in the microstructure as single thin needles. In Fig.173
such sections of plates are present in two directions lying 
approximately at right angles to one another, lying parallel with 
^110 / ' directions. Further these traces are approximately
r
O * ^at 45 to the j 1101' traces dictated by the obtuse angled plate
- ' p
pairs in the closed loop. Consequently it may be suggested
■ " ■ f ^unambiguously thht this is a J 100j^ section*
Making the assumption that the plane of section was
exactly a (001) the condition under which the eight plate
closed loop could arise consistent with known crystallographic
features of the se precipitate plates was considered.
The eight plates of the loop ab/bc/cd/dc/ef/^h/ha,
are shown in Fig, 320 , Fig. 319 shows a (001) stereographic
projection containing all the variants of the {2.11.12J ^ • In
the closed loop lines ac, ce, eg and ga, would be traces of the
f
^110j type and consequently it is probable that these would 
be given by the four inner variants on the (001) projection 
101, Oil, 101 and 011. These form four sides of a pyramid.
If it is assumed that the variants of ^ 2.11.12^ which give the
obtuse angled plates are of the type AB, Fig. 319 f the
/
corresponding variants associated with the other poles will 
give an eight sided * pyramidal shape, shown in three dimensions 
in Figs. 321 and 322. The ^110^ planes and the associated
variants of |;2.11.12j have been indicated in Fig# 319 , and 
are
Oil 2#11#12 2.11,12
101 11. 2.12 11. 2.12
Oil 2.11.12 2.11.12
101 11. 2.12 11, 2.12
This configuration of plates will give a closed
loop when sectioned on a |l00V as in Fig. 173 • In this loop
-
the interface plane "between pairs of obtuse angled plates of the 
type ab/bc will be |lQ0j arising from (010) or (010) planes 
or (100) or (100) planes. The interface plane is consistent 
with the plane predicted by the two surface analysis, section 
4.7*2. Also the interface, between the plate pairs of the 
type bc/cb must be {liojp • These are symmetrical about 
their corresponding ^2.1#lJ planes, the variants of which are 
indicated in Fig. 320 . The interface plane would arise from 
variants (110) or (110) and (110) or (110).
Because of the lack of quantitative measurement 
of the angular relationship between the plates in Fig, 173, 
this solution cannot be considered conclusive. But another 
condition has to be satisfied, namely the secondary markings 
arising from lattice faulting on {lioj^ planes must be parallel with 
o n e  another across plate pairs of the type bc/cd, as shown
5h>t
in Figs. 171 and 172. In plate pairs ab/bc they must he
symmetrical about the £001J interfaces.
The only jllOi planes which would satisfy these
conditions would arise from the four poles situated on the
great circle of the (001) projection, Fig. 319* For plates 
(£.11.12) and (2.11.12) the internal markings would arise from 
planes (110) and (110). Therefore the internal markings 
associated with the corresponding habit plane of the plates in 
the closed loop, Fig. 320 , are:
£.11.12.....110 2.11.12 110
2.11,12.....110 2.11.12....*110
11. 2. 12.....110 lT. 2.12..... 110
11. £.12.....110 11. 2.12.......110
These conform to the relationship which has been 
established for martensite, that if the habit plane varies the 
variants of the secondary markings vary accordingly. Therefore, 
if the habit plane is (hkl) with markings on (p q r) for 
the habit plane (h 3E 1) the markings will be (p q r),
The secondary markings on the corresponding fllo}
plane are indicated in Fig. 320 and also the correspondence
\
of markings in the (001) section and pyramidal ^lio}' planes 
are shown in the three dimensional model, Figs. 321 and 322.
|It must be pointed out that a similar plate !
combination could arise from the outer variants of the £2.11.12^ 
habit planes associated with the four planes (Oil) (101) (Oil) 
and (101) . N o  difference between this solution and the j
original may be detected from the experimental evidence available* 
The only difference between a pair of plates with --(2.11.12) j
(2.11.12) habit planes and those with (2.12.11) (2.12.11) j
,1
would be that the slope of the former about the (Oil) would _ I
|;
be greater than the latter. It is very unlikely that a closed [
j
loop would arise from plate pairs with habit planes lying on !
diametrically opposite sides of the pertinent |oil) pole |
because the symmetry of interface planes and internal markings 1
would not be fulfilled.
Finally from a practical viewpoint it would be 
expected that the observation of these loops would be rare, 
because, even if the growth of four such plates is co-operative 
so that they may easily form, the actual sectioning must be 
exact to see a loop of resolvable size.
5.3*3# Conclusions*
Tilting on a prepolished surface has been confirmed 
to accompany the formation of plates and is taken to imply 
the presence of a shear component (lattice invariant strain)
during transformation. The relief took the form of a single 
tilt with accommodation strains in the adjacent matrix. From 
the relief the shear angle has been measured to be 7~H°#
The tilting on the surface associated with two plates in an 
obtuse angled •V* pair was in the same sense and is taken to 
indicate that the direction of shear is the same for each. 
Under these conditions it has been considered elastic 
accommodation would be minimised.
The habit plane of these plates is J[2.11.12|p 
and is little influenced by composition or temperature 
variation. The plates contained internal markings lying along
^110jboo //'l1]L1lifoo Planes> while the common interfacial 
plane between the two plates of the obtuse angle ,V* pair is
|lOo|p • The variants of the habit plane for an obtuse angled 
plate pair of this type are (2.11.12),(2.11.12).
Detailed analysis of closed loops of eight plates 
observed in ^100)^ sections allowed a self-consistency model
to be developed so that the correct variants of the habit plane
$ 5 c \12.11.12j Q , internal markings \110jfi and interface planes
t 1 < 1
^lOOjp and also (llOjp were satisfied and supported the 
earlier considerations.
5.4. The Composition Dependence of the Temperature,
5.4.1. The B Temperature in Relation to Lattice Stability, 
s
The parallelism between the slope of the B g and
M temperatures, Fig. 137j with increasing zinc content in the s
copper/zinc system, indicates that the stability of the plates 
may be related to the sub-zero martensite- stability.
The susceptibility of body centred cubic structures 
to mechanioal instability with respect to a (ll'O) [110] shear 
was concluded by Zener (21) to be an important factor contributing 
to the behaviour of the p phase in the copper/zinc system.
The low resistance of j3* brass to (110) [110] shear is 
physically manifested by the high elastic anis tropy (32)(31)(22) 
(23) (30)rV. C44 = 8.4 iZener (21) also indicated that the
resistance to shear decreases with increasing temperature.
The observed increase of the M temperature 
for sub-zero martensite (107) with increasing zinc content 
is consistent with the analysis of Jones (24) • Discussing 
this Kunze (109) considered ■ energy contri­
butions to the shear modulus  ^ an<  ^ s^owe^ that the
lattice could not exist at low temperature without a Fermi 
energy contribution, section 2.1.3. Decreasing the concentratio
h ’} I
of valency electrons (decreasing the electron concentration)
causes a corresponding decrease in the Fermi and Coulomb energies
which stabilize the p* lattice. This decrease of resistance to
(110) [110] shear with decreasing zinc content, is supported
by the changes in elastic anisotropy reported by McManus (30).
This decrease causes the M g temperature to be increased.
The parallelism between the slope of the Bg
temperature and the M temperature with increasing zinc contents
suggests that the stability of the product formed on isothermall *
tempering is directly related to the instability of the p* matrix,
(21) (24) • This indicates that the mechanism by which
plates form involves a shearing of the p* lattice (167),
similar to that which generates the sub-zero martensite (10?)
(116)(120)(129).
Further a decreasing B g temperature would be
expected following the theoretical considerations of Zener (214)
concerning the B temperature in the iron carbon system.
s
Zener1s ideas have been supported by the theoretical
considerations of Fisher (215) and Krisement and Wever (206)r
but some caution is necessary in linking B and T temperatures
s o
as Kaufman et al. (114) have suggested that the same process 
is involved for the formation of ferrite as for upper bainite and 
lower bainite im steels.
3 To
5*4.,2. Correlation With Other Characteristic Temperatures.
Fig. 323 shows the upper temperature limit of plate
formation B from the present investigation together with 
s
similar values hy Hehemann and Rapas (350). The highest
temperature at which plates have been reported to form in a
41.3 %  zinc alloy is indicated. This value was not quoted
(167) as the upper limit to plate formation, but plates were
present at this temperature.
It is of interest to note the correlation between
the upper temperature limit to the formation of the bainitic
cu plates reported by Hehemann and Rapas (350), and the B X s
temperature, is excellent at zinc concentrations in excess of 
41 at.$>. Below 41.at.$ zinc the values deviate substantially. 
It has been previously suggested (345) that their values at 
the lower zinc range are open to discussion, and several factors 
could account for the deviation from linearity.
The failure of the B g temperature to remain 
parallel with the M g temperature at the lower zinc contents 
was attributed to the influence of the order-disorder transition 
in the j3 matrix. Unfortunately no experimental data is 
available showing the variation of the order/disorder transition 
temperature with composition for metastable (3* formed in the
(a+p) phase region indicated in Figs*. 3 and 4* 2he nearest 
approach to obtaining this data is by using the empirical 
equation derived by Sykes and Wilkinson (17), Fig* 8 , which 
indicates that with decreasing zinc content, the ordering 
temperature is lowered to ** 440°C at 40 at.$ zinc. This 
decrease seems small when considered in relation to the reductio 
of the ordering temperature on departing from the equiatomic 
composition in other alloy systems, e.g. Cu.Au* Consequently 
it is probable that, in the present case the decrease in 
ordering temperature wili be greater than that indicated by 
the Sykes—Wilkinson equation. On this basis it is impossible 
to correlate the change of slope of the B temperature 
reported by Hehemann and Rapas (350) with the intersection 
of the order/disorder transition temperature. If the 
order/disorder transition did control the transition from 
plates to rods, since increasing solute concentration increases 
the ordering temperature, the B g would be expected to increase 
in a like manner. Such an increase was not observed.
The two compositions of Hehemann and Rapas (350)
which showed that the B temperature departs from linearity,s
were approximately 38.5 and 39*2 at.% zinc. But, from Fig. 71 
the incubation time required to nucleate plates at the *bainite 
nose* on the T.T.T. diagrams for these compositions would be
less than one second* thereby making it difficult to establish 
this upper temperature limit for plates. Further because of 
the difficulty in suppressing grain boundary a product during 
quenching at these lower zinc contents, there was a separation 
in the initial quenched (3* specimens (209), so it is possible 
that the composition of the metastable p'was of a higher 
zinc content.
There is considerable experimental support for 
a linear B from the current work of Fig. 74, obtained after
s
tempering a metastable (3* 38.1 at.% zinc specimen at 550°C.
In this specimen plate pairs have been sectioned across the 
angle profile, Coilj so the presence of plates is clearly 
established, although the proportion of a rods is high. It 
could be argued that because the incubation periods involved 
are short, Fig. 71, these plates arise from performed nuclei 
during up—quenching. But this could not be so for Fig. 124,
. shows that structure found at the dezincified surface of 
a 40.9 at.$ zinc specimen, where the structure normally is
rod-like, Fig. 93. The plates in Fig. 124 are unlikely to
/ \
form from nuclei formed during up-quenching, for 'this was 
at the surface of the specimen where the time required to 
attain the tempering temperature would be exceedingly short, 
section 3.1*2.
The addition of ~*4 at.fo gold to a stoichiometric
binary copper-zinc alloy has been calculated to raise the
ordering temperature of the system by ‘V'250°C. (43),
section 2.3.6., Appendix . E . The gold addition was
considered to directly replace co.-pper atoms and was found not
to influence the upper temperature for plate formation,
Figs. 2AB and 249. If the order/disorder transformation,
particularly in this zinc composition range, controlled the
plate to rod transition temperature, then the Bg values
should be raised a comparable amount. The Bg temperature for
the 39*96 at .%  zinc ternary alloy is 465 +, 15°C , and this
value falls within experimental error of the Bs plot for the
binary system, Fig. 323. In the 41.45 at..$ zinc ternary
alloy the B temperature is* 390 £  15°C , this temperature 
s
being slightly higher than expected, but falls just on the 
limit of experimental error.
It may be concluded that the ordering process in
the (3 matrix has a negligible effect on the B temperature.s
Similar observations have shown that ordering processes 
have no influence on the M temperature in copper*aluminium 
(129) and copper-gallium (248).
Martensite may be induced in stable and metastable 
p f brass by deformation, section 2.6.7- and the highest
temperatures at which this may he formed for a given composition,
Mohave been reported by Massalski and Barrett (139) »
Fig* 323 • The extrapolation of this plot to the zinc,
concentrations over which hainite is present show the
correlation of the Bg and temperatures# The extrapolated
temperature always lies aboVe the B g temperature, which is
consistent with the presence of aartensitic enbiyos providing
nucleation sites for the bainitic product# The parallelism
of the M , M, , M, and B is shown by the fact each decreases s* b * d s
with each additional atomic percentage of zinc, by^6l°C, r*'79°C, 
^47°C and — 95°C, respectively#
5#4.4. Conclusion:
A true upper temperature limit for the formation
of plates was located by both kinetic and metallographic
techniques# As the plates have been suggested to form
by a bainitic process this upper temperature has been
designated a B temperature. The B temperature decreases at s . s
a rate of approximately 95°C per 1 & t m%  zinc addition and is 
consequently parallel with the M g and temperatures which 
decrease at a rate of 6l°C and 79°C per 1 at#$ zinc addition. 
Thus stability of the plates may be directly correlated with 
low resistance to shear of the matrix and the
variation of this with increasing electron concentration.
The B g temperature lies below the extrapolated temperature
which supports the idea of the possibility of a shear mechanism
op&rating during a^ plate formation. The values for this Bg
temperature correlate well with subsequently determined values,
above 41 at.%  zinc. The established linear variation of the
B temperature with composition indicated that the product is 
s
not influenced by the ordering reaction. This is supported 
by the fact that a ternary addition of gold failed to 
influence the B g temperature for a given concentration of zinc.
5*5* Formation of Plate si
5»5«1» Composition Changes Accompanying Plate Formation.
From the considerations of Ko and Cottrell (203) 
Speich and Cohen (180) Kaufman et al. (174) and G-oodenow 
et al. (221), the simple tilt associated with the formation 
of bainite in steels arises from an invariant plane strain, 
whilst the slow coherent growth is accompanied by a compositional 
change. This composition change is a characteristic of the 
bainitic transformation (70) , section 2.8.2., and 
differentiates the reaction from an isothermal martensite, 
section 2.6.8.
In ferroUs alloys the precipitation of carbides
accompanying the transformation to both upper and lower bainite
(203) (324) (192) , section 2.8*3.3#, provides direct evidence
of a compositional change taking place as growth proceeds.
In nonferrous systems, particularly in the system at present
under consideration, Christian (38) (45) (77) pointed out
that no conclusive evidence exists to confirm that the
formation of plates is accompanied by such a change. The
metallographic observation of the nucleation and growth of
rods following the growth of plates, Pigs, (95) (9&) (98) (ill)
(112) (113) (143) (144) , suggest that the {3 matrix becomes
enriched with zinc during the transformation to plates,
so that at a given temperature a composition is attained by
the matrix such that the B temperature is exceeded, Pig, 137 >s
and only rod growth proceeds. But this affords only indirect 
evidence that a composition change ocours as plates grow.
X—ray analysis fails to afford the quantitative 
values required to indicate whether the plate becomes enriched 
in copper or the matrix enriched in zinc, because of the marked 
line broadening and shift of reflections to higher or lower 
Bragg angles by the product, section 4 . 8 , (!^7). Garwood
(157) has, however, suggested that there was a shift of 
£ reflections in Debye Scherrer X-ray powder patterns, which
2r7
was taken to indicate that the matrix was enriched with zinc 
as transformation proceeds.
The results of the electron probe microanalysis, 
although not yielding absolute values for the composition of 
the (3 matrix and the product, did allow compositional 
changes occurring during transformation to be established,
Figs. 181 and 182. The compositional changes of the 
plates are not so reliable as those for the matrix, because 
of difficulties encountered in experimental technique, section 
3.4- , when dealing with plates of 1-2 (i thickness. Further 
because it was not possible to measure the change of 
composition of the same plate with increasing time a scatter 
arises, for the plates measured can be in various stages of 
growth, at a ^ Lven time. The values, Figs. 181 and 182, for 
the change of composition of the plates show that they are 
initially formed with a composition similar to that of the 
matrix, but, with increasing time, are gradually enriched in 
copper. But even after nine days, Fig. 181, this supersaturated 
product fails to attain the equilibrium composition indicated 
by the phase diagram.
The more reliable composition change in the p* 
matrix, Figs. 181 and 182, shows that with increasing transforma­
tion time, at temperature, it gradually becomes enriched in zinc.
Such an enrichment could only arise if the formation of the 
plates is accompanied by an enrichment in copper during 
growth* As the volume fraction of the plates increases,
Figs* (105) (107) (108) , so that the composition of the (3* 
matrix, Fig. 181, changes from a copper/zine ratio of the 
supersaturated quenched (3* to progressively smaller ratios 
until, after 20 hours tempering, the value falls to 1.36*
The micrograph, Fig. 107 * shows that after 20 hours a rods 
have formed in the |3J matrix between the plates. Fig. 137, 
indicates that at 250° C rods will only form during isothermal 
tempering, if the zinc content of the {31 matrix contains 
43*5 wt.$ or more, which corresponds to a ratio of copper/zinc 
of 1.30 . This compares favourably with the experimentally 
determined composition where the theoretical value falls just 
within the experimental scatter. But the matrix fails to 
attain an equilibrium concentration of zinc even after 9 days 
tempering, presumably because although the a rods precipitate 
with an equilibrium composition, Fig. 183 , the volume fraction 
of such precipitate is insufficient to bring about the 
necessary adjustment of the j3 zinc content.
In view of the great difficulty in experimentally 
establishing the presence of a composition change during the 
formation of plates it is felt that the presented results
obtained by electron probe microanalysis taken in conjunction 
with the corresponding changes in microstructure indicate 
reasonably conclusively that a composition change accompanies 
the growth of plates, which initially form with a composition 
close to that of the p from which they nucleate. Therefore 
the growth must have a diffusion component.
5«5#2. Nucleation of Plates.
Walker and Borland (99) found that for alloys 
with a small_thermal hysteresis, the chemical free energy is 
small and isothermal transformation would be limited to a very 
small temperature range, which would not be experimentally 
detectable* On the other hand, with alloys showing a large 
thermal hysteresis the driving force is large and consequently 
isothermal transformation would be expected over an appreciable 
temperature range above the M . In the latter case they 
consider that in iron nickel where the hysteresis is large, 
isothermal martensite should form and this is supported by the 
experimental observations of Yeo (142) (143). In the case of 
the copper/zinc system because of the small thermal hysteresis, 
(106) (107) $ isothermal martensite would not be expected to 
form.
In the case of the obtuse angled plates formed 
during isothermal transformation above the M .  the transforma- 
tion proceeded by the formation of fresh nuclei rather than 
by continued growth of the already nucleated plates* With 
decreasing transformation temperature, the number of nucleated
I'
plates increased. This is characteristic of a process
involving diffusional growth, where the diffusion rate decreases j
' [
with decreasing temperature, and nucleation becomes more rate |
controlling* At a given tempering temperature, the rate of
ji"
nucleation was very rapid and this is confirmed by the ?burst* I
of product formed in the cine sequence, Figs, 207 and 208 ,
The rapid rate of nucleation during this initial stage of 
transformation procludeS a quantitative measurement of 
nucleation rates, Paranjpe and Kaushal (205) emphasised J
I
that rapid nucleation was a characteristic feature of bainite I
I
formation in steels, j~
jr
Electron replica metallography, although not 
allowing the actual nucleation sites to be investigated, showed j
that plate nucleation occurs in two ways:
(a) Nucleation of fresh plates,
(b) Nucleation on existing plates,
The nucleation of fresh plates led to the formation 
of either single or double plates. The latter, occurring as
obtuse angled 'V1 pairs, symmetrical about a ClOO}- common
interface, were predominant and characteristic of the bainitic
product. Because of the similarity of the crystallographic
feature s# With the sub-zero martensite, and also because they form
with a composition initially similar to that of p* matrix, the
plates form by nucleation mechanism which is most probably the
same as that required for martensite formation. This mechanism
has been comprehensively discussed by Warlimont (]29) and is
reviewed in section 2,6,10, Basically it depends upon the
low resistence of (3* brass to (Oil) [Oil] shear, section 2.1.3«
Such a nucleation mechanism is also consistent with a decreasing
B > temperature with increasing solute content, (24) (109)* s
The martensite nucleation mechanism has also been considered 
to initiate bainite in ferrous alloys, (203) (174)* Although 
the mechanism readily accounts for the formation of individual 
plates, the more predominant obtuse angled pairs must also 
nucleate by this mechanism. It is difficult to resolve whether 
suoh plate pairs arise because of nucleation or growth, although 
it has been suggested that they are the result of co-operative 
growth, (157) (241) • Nucleation of these plate pairs will 
now be discussed.
In the growth sequence shown diagrammatically in 
Pig. 324- $ it is suggested the interface plane (TOO) contains
the nucleus which initiates both plates. The shear along 
the [Oil] direction is common to both the (Oil) plane and the 
interface plane (100)* From this single nucleus both plates 
can grow along the variant of the ^2.11.12j habit plane 
dictated by the growth conditions, and lateral expansion takes 
place in the interface plane.
G-rowing plates were observed to act as nucleation 
sources for further plates* These plates nucleated just ahead 
of, or from the leading edge of, the growing plate. Stress 
concentration at this leading edge would be expected to be high, 
Kaufman and Cohen (98) indicating that for amartensite plate this 
stress is of the order of a tenth of the shear modulus. Such 
a stress concentration in the £ matrix ahead of the growing 
plate can readily activate further plate nucleation* This is 
typified by Fig* 135 where, because of the stress concentration, [ 
plates have formed from the edge of the growing plate on several 
variants of the habit plane* On the other hand in Fig. 134 
the small plates appear to have nucleated ahead of the main plate,, 
which has grown on to them. The mechanism is typical of 
martensite formation, where it has been termed autocatalytic 
nucleation, (94) (113) (ll4) (115) $ aad is usually associated 
with catalysmic growth of martensite plates. In the present 
bainitic reaction, such growth does not occur because the process
J&3
is diffusion controlled. Autocatalytic nucleation readily 
accounts for the observed tendency for plates to form in 
clusters* Fig. 70 • In Fig. 135 the successively 
autocatalytically nucleated plates gradually decrease in size. 
Possibly this occurs because the (3 matrix is gradually enriched 
with zinc as growth of the plates proceeds, so that the 
resistance to shear increases, (24) > decreasing the plate size. 
The small zig-zag plates fdr&ed in the zinc rich regions of 
Figs. 99 and 103, could be accounted for on a similar basis.
5*5*3-. Possible Nucleation Sites For Plates.
Although the present investigation did not allow 
actual nucleation sites to be observed, it is of interest to 
consider the possibility that when plates form from the 
ordered {3* phase, the antiphase boundaries could offer 
favourable nucleation sites. Examples of nucleation of bainitic 
product between ordered domains have been observed in copper 
aluminium, (167) (236). B2 structures*unlike ordered Cu^ Al 
do not contain discrete ordered domains surrounded by disorder, 
section 2.3*5. Theoretical considerations allowed G-inb'erg 
and Plishkin (63) to suggest that segregation to the antiphase 
boundary region of the major constituent occurs in metastable (3* 
(B2) structures. In the phase under consideration these
copper rich antiphase boundarie s would have an increased M
s
temperature, (107) 9 and a decreased resistance to (Oil)
[Oil] shear (24) , thereby providing favourable sites for bainite 
nucleation* Also the number of sites available would increase 
with decreasing solute content since the antiphase boundary area 
would increase* However, from direct observations of the 
antiphase domain structure in metastable (3* brass, Warlimont (6o) 
suggested that no segregation of copper to the boundary regions 
oc curred.
On the other hand the direct observation of 
quenched in dislocations in metastable (3* brass during tempering, 
led Warlimont (l?6) to suggest dislocations as possible sites 
for embryos of plate-like precipitate to form, but was not able 
to positively identify such embryos*
Experimental evidence does not therefore completely 
repudiate the theory of and Plishkin (63) and
therefore antiphase boundaries could provide nucleation sites 
for plates*
5 » 5 *4* Mechanism Of Plate Growth.
The martensite formed in the copper/zinc system 
on subzero cooling has a small thermal hysteresis, (106) (107) > 
and is thermoelastic in nature, (98). Under these conditions the
plates only grow during cooling. At a given temperature the
driving force is sufficient to propagate the plates to full size
and the restraining force must be derived from the stored elastic
energy. Under these conditions, further growth can only occur
by increasing the chemical driving force, section 2,6.9*, which
is achieved by lowering the temperature, (107) * This gives
a thermoelastic balance between the chemical free energy and
the elastic strain energy. Even if martensite embryos exist
above the M , the interfacial relaxation is not sufficient s 9
to allow isothermal martensite to form. On the other hand, 
interfacial diffusion may relax the interface sufficiently to 
allow the martensite embryo to grow by a bainitic process, 
section 2.8.2.
The confirmation of the surface relief effects and 
the compositional change accompanying the formation of 
plates, can leave no doubt that arguments concerning the 
formation of bainites in iron carbon alloys apply equally well 
to this product. In the original mechanism proposed by Ko 
and Cottrell (203) for the growth of bainite in steels, it was 
suggested that the atom movements were essentially the same as 
for martensite formation, except that the rate of transformation 
was limited by the removal of carbon from the region of the 
growing plate. The carbon depletion occurring by diffuria-h
into surrounding austenit© and by carbide precipitation 
within or at the interface. The latter precipitation was 
suggested to provide the additional chemical energy change i
required for the transformation. More recently Kaufman et al. j 
(174) suggested, in the light of experimental and theoretical j
I
data, that the bainite reaction in steels involves the j
propagation of a coherent ferrite/austenite interface as a 
leading edge, at a rate controlled by diffusion of carbon through ; 
the surrounding austenite. Viewed in this way, the precipitation; 
of carbide occurs as a secondary reaction and does not limit the 
rate of advance of the leading edge. Under these conditions the 
extension of the term*bainitic transformation* to single phase 
products in nonferrous systems seems to be valid. r
It has been previously maintained that the plates 
formed by isothermal tempering of metastable {3* brass, occur 
predominantly as obtuse angled *V* pairs lying about a common i\j j
(OOlj interface. Further it has been indicated that they could \\ 
arise from the same shear nucleus, Fig£24.(a) , lying in the ;j
interface plane. But for growth to occur, an extra driving force 
will be necessary to overcome the elastic constraint (99) • j
The extra driving force arising from diffusion of zinc away from li
the leading edge. From the established diffusion coefficients
' .  I i
of a brass (263) and p brass, both ordered and disordered, (268) , ’
u ?
zinc diffuses faster in the p phase, than a phase. Further in j j
hoth a and p brass, zinc diffusivity is greater than copper, j
sections 2,10.2 and 2.10.3*
The mechanism by which the plates grow, may be J
f  ^ j
considered as follows:-* The initial nucleus arising from the j}
instability of the p f, section 2.1.3., forms by a localized |
shearing of the lattice. Considering only one plate of the ;
pair in Fig.324 (b) , because of the relative rates of diffusion j
of the zinc in the a and p phases and the fact that zinc
diffusivity is twice that of copper, the zinc diffuses into the
i  1i
p* matrix, so that the leading edge becomes enriched in copper.
i
This increases the driving force for a martensitic type shear 
process and the leading edge of the plate expands by a martensitic 
process. The rate at which this transformation proceeds will j
be regulated by the rate of diffusion of zinc away from the 
edge into the surrounding matrix. The increase in driving force 
resulting from the diffusion of zinc will be two fold. Firstly,
11
the diffusion mechanism in the p* matrix is of the vacancy type, ij
; 1
(270) (271) (272) (274) so that it is possible that a higher j|
i
concentration of vacancies may form at the leading edge of the j
plate, reducing the elastic contraint and favouring expansion j
of the plate. Secondly, the diffusion of zinc away from the |l
i [
interface leads to the p becoming enriched in copper so that the |!
3L8
plate expands martensitically, satisfying the conditions of
atom movement required to give surface relief and other
crystallographie features, which have been established to be 
similar to those of the subzero martensite. The plane of shear 
is within 8° of a ?011 • plane, the habit being modified by the 
condition that the microscopic deformation should be an invariant 
plane, leading to the minimum distortion of the surrounding 
matrix. The growth of4 these plates continues by the 
diffusion controlled shear process*
Therefore in Fig. 324 the two plates grow from 
the common interface ^001), in a co-operative manner to minimise 
accommodation strains, section 4*10.2. The two plates
gradually expand outwards, Fig.324 (b) and (c) , growing along
the common [Ollj direction, and the leading edge which controls 
the growth following the two variants of the habit plane, 
(2.11.12) (2.11.12), section 5*3*2. , dictated by the martensitic 
shear.
Hot stage microscopy confirmed that the edgewise 
growth of the plates was rapid, but experimental difficulties 
prevented these results from yielding quantitative values*
It wss also observed that the widthwise propagation of plates-, 
continued, even after edgewise growth had ceased due to 
impingement. In view of the considerations of Speich and
*11
Cohen (180) concerning widthwise growth in ferrous bainites, 
it is possible that the widthwise growth of plates in copper 
zinc is controlled by the diffusion of zinc through the 
product, or along the product/matrix interface* But a quanti­
tative model cannot be considered until the activation energy 
of the wiCthwlse growth is established.
5*5.5. Activation Energy for Plate Growth.
The T.T.T. diagrams, give values of 25-30 K.cals/ 
mol, Table 7 , for the activation energy for the formation of
plates, making the assumption that all nuclei are pre­
existing at the beginning of transformation and accepting that 
the measured activation energy is the energy of lengthwise 
growth, this should correlate directly with the activation 
energy for volume diffusion, if the model involving the 
volume diffusion of zinc in p 1 is correct.
G-arwood (157) has, however, suggested that the 
activation energy of 30 K.cal/mol obtained from a 41.3 zinc 
alloy was more related to that for volume diffusion in a brass, 
basing his argument on the activation energy of diffusion in 
the p phase of 17.6 K.cal/mol obtained by Landergren and Mehl(2&) 
This, however, relates to diffusion data obtained above 600°C 
for disordered p , and the more recent activation energies
obtained by Kuper et al, (268) indicate that (in a stable £) 
the activation energy for diffusion in the ordered product is 
higher 44 K.cal/mol* depending upon temperature. The
latter work also indicated that the higher activation energy 
persisted to temperatures 50° C above the order/disorder 
transition temperature, so it appears that short range ordering 
may have a considerable influence on the diffusion process. 
Accepting the activation energy measured from the *0* curves 
as the energy for growth* some reason tiusti be found for the 
values obtained by Garwood and the present work, being lower 
than either the activation energy of volume diffusion in the 
a or p* phases. The most obvious possibility is short circuit 
diffusion, but as this would involve concentrations of point 
defects or dislocations such a possibility seems unlikely.
There may be enhanced diffusion in the accommodation strain 
field of the precipitate, which could contribute to the lowering 
of the energy. Possibly the most important factor contributing 
to the observed difference is that the activation energy 
measured is not truly that of the growth process, but 
incorporates that of nucleation. This would be particularly 
true for plates, which as mentioned earlier transform by a 
process dependent upon nucleation, section 4.5*3.
5.5*6. Shape Change.
The shape change indicates that the planar interface 
between the plates and the matrix is semicoherent, section 2.5.3. 
Christian (45) (77) has suggested that a shape change in the 
transforming region may be expected for semi-coherent boundaries 
of the martensite, or epitaxial type, section 2.5.3., provided 
correspondence Is not destroyed by diffusion. In the present 
case the interface of the plates is more likely to be martensitic 
than epitaxial. Warlimont (129) has indicated that in copper 
base alloys [Oil] partial dislocations of almost pure screw 
character may be incorporated into the interface of martensitic 
products, rendering them essentially glissile, section 2.5.3.
As the mechanism of bainite formation involves atom movements 
of the type envisaged in martensite formation, the interfaces 
of the two products would be expected to be similar* Such a 
glissile interphase boundary can move conservatively; under 
such conditions all lattice points in the matrix lattice are 
incorporated into the new lattice.
Theoretical considerations by Christian (77) 
indicate that semicoherent interfaces which are not glissile 
should not lead to observable shape changes, since the diffusive 
flow of atoms could destroy the correspondence and associated 
strain energy. This ©i o'* wuggeatsd to be true for bainitic
transformations in alloys where all atoms can move at comparable 
rates* Substitutional systems were suggested to fall into the 
latter category, so that correspondence and shape change would 
be continually destroyed by the appropriate atomic rearrangement. 
However, if the minor constituent diffuses more rapidly than 
the substitutional atoms, then it is possible for redistribution 
of the more mobile solute to occur, while the structural change 
is accomplished by a martensitic type process. Surface relief 
accompanying bainite formation in interstitual systems is 
readily explained on this argument.
The proposed model of bainite growth depends upon 
the diffusion coefficient of zinc, being twice that of copper in 
0 brass. (268) (270) (271) (272)* Although it may be argued 
that the diffusity difference of zinc and copper is not as 
large as in other substitutional systems in which bainite forms, 
(237) $ it must be remembered that the process involves the 
movement of two zinc atoms for every copper atom. It is 
considered that this is sufficient to allow the redistribution 
so that the martensitic structure change along with the accom­
panying glissile boundary motion takes place.
The model proposed also gives some indication 
of the possible interaction of ordering and plate formation.
It has been suggested that diffusion of zinc from the interface
37*
enriches the p in copper to allow martensitic expansion* But 
increasing copper in p decreases the ordering parameter, S,
(48) and lowers the ordering temperature (17), hence it is 
unlikely that the order/disorder transition will limit plate 
formation*
5*5#7* Interfacial Control*
Before concluding this section on growth of 
plates it is interesting to consider the possibility that the 
rate of interfacial movement is controlled by the interface 
itself rather than a combination of the interface and diffusion* 
Fuch a model has been proposed for bainite growth in nickel/ 
chrome alloy steels by Goodenow et al• (221), in which the 
interface is considered to be a dislocation array moving through 
a viscoelastic medium in damped motion* Applying this to 
the copper/zinc bainite, compositional changes would arise as a 
consequence of partitioning between the parent and product 
phases, but to an extent dictated by the rate of interface 
propagation* The forces actingin this interface are of two 
fundamentally different types, conservative forces that do not 
depend upon the velocity at which the interface advances, and 
frictional forces whose magnitude depends upon interface 
velocity* The free energy change of the transformation, and the
J*7V
back stresses which arise from surface and strain energies are 
in the former category. The difference between these energies 
provides the net driving force available to enlarge the 
interface. Frictional forces may arise from solute drag in the 
interface, vacancy damping due to the zinc partitioning ahead of 
the plate perhaps amongst the Biore ' important•
However, before such a model can be usefully 
applied to the copper/zinc system it is necessary to have 
knowledge of the dislocation interface of the product which is 
not available at pre sent,
5#5*8. Conclusion,
The plates grow rapidly in the lengthwise
direction with a continual enrichment of the surrounding matrix
in zinc. This established composition change procludes the
possibility that the product forms by a truely martensitic
process. Plates nucleate, in two ways, (a) independently in the
p* matrix, or (b) by an autocatalytic mechanism, the latter
accounting for the tendency of plates to form in clusters.
Because of the similarity between the subzero martensite and
the bainitic plates, i.e., habit plane ^2.11.12^^ ; shape
change 7—11° ; secondary markings ^lll} ~ • J structurei i • c. c •
faulted f.c.c. ; parallelism of M and B temperatures, it is
s s
suggested that the nucleation mechanism for each is similar*
This mechanism depends basically on the low resistance of (3 
brass to (Oil) [Oil] shear. Although at present there 
exists no conclusive evidence as to the nature of the 
nucleation sites it seems possible that antiphase domain 
boundary regions may provide favourable sites for the nucleation 
of the plates.
The slow growth of the bainitic product indicates 
that thermally activated processes dominate the growth 
mechanism. The growth of the plates is considered to be 
controlled by the rate of diffusion of zinc away from the 
leading edge of the plate into the surrounding p . The 
process depends upon the faster rate of diffusion of zinc in 
the matrix so that the rim surrounding the plate which becomes 
enriched in copper may expand by a displacive or shear process 
similar to that involved during martensite formation, thereby 
accounting for the observed similarities between the two 
products. But the model is independent of the advancing 
interface mechanism, the character of the interface being 
dependant upon the nature of the semicoherent martensitic 
interface. The activation energy for the growth process is 
of the same order as the activation energy for diffusion of 
zinc in the ordered p 1 phase. Quantitative information
mconcerning the widthwise growth of q^ plates was not obtained 
"but the continued growth, after cessation of edgewise growth, 
indicates another mechanism was involved, so that the interface 
advance is possibly controlled by diffusion of zinc through the 
q^ product.
The shape change accompanying this diffusion 
controlled shear process, results as a consequence of the 
glissile nature of the martensitic interfacial boundaries.
The movement of these boundaries is conservative and therefore 
the relief effects are not destroyed.
5*6* a Rods.
5*^.1. Structure and Composition.
The X-ray data Table23 confirmed that the a rods 
precipitated on isothermal tempering above the B g temperature 
have a face centred cubic structure similar to that of the 
equilibrium product (13) • Prom the lattice parameter 
of the parent and product and from the electron probe analysis, 
Pig. 183 $ Table 2U 9 it was confirmed that the composition of 
a rods, approximated to the equilibrium value, Pigs. 3 and
377
5*6.2, Surface Relief*
One of the more interesting features of the present 
results was the observation of surface tilting accompanying 
the formation of a rods, Pigs. 192 and 190 • Earlier 
investigations failed to establish the presence of this (157) 
whilst theoretical considerations by Christian (77) indicated 
that a relief would not be encountered. A relief effect, which 
is a true surface tilting arising from a shape change of the 
transforming region, is indicative of a martensitic type 
transformation. (39) (4?i£) (77) (94) (204) . On the other
hand a relief effect as a consequence of a volume change 
accompanying the transformation has no significance with regard 
to the mechanism. In view of this, the volume change 
occurring when the b.c.c. structure is transformed to a f.c.c. 
structure in the copper-zinc system was calculated for various 
reaction temperatures. The lattice parameters used were 
obtained by Beck and Smith (13), and the following volume 
changes deduced:
Temperature %  V. 36
(b •c •c. f.c.c,)
500°c - 0.91*%
400° c - 1.32-c
350°C - 1.40^
300°C - 1.67JS
250°C '■ - 2.33^
* The negative sign indicates a contraction.
Thus the decrease in Volume Associated with the formation of a 
becomes less as the reaction temperature increases. However, 
the value is never sufficient to account for the magnitude of the 
relief, after reaction at 500°C, Pigs. 192, 193, end 195* 
Further decreasing the reaction temperature fails to influence 
the nature of the relief, Pig. 197* Therefore it is likely thai 
the surface relief arises as a consequence of a shear component 
in the formation of the a rodsj presumably during the nucleation 
stage. The development of the characteristic •feathery* patter?' 
of relief, Pigs. 192, 193* and 194, was reminiscent of the sheaf 
relief accompanying the formation of upper bainite rods in alloy 
steels* (221) (223) (228). Plastic deformation observed in the 
region of the matrix adjacent to the relief arising from the rod, 
is the accommodation deformation, (45)(77) due to the volume 
change. This leads to the displaced fringes taking the profile 
showing diagrammatically in Pig. 202. Pigs. 204*203*198a and b 
confirmed unambiguously that the double tilt on the surface was 
associated only with the rod. The possibility that one half of 
the tilt resulted from plastic deformation of the parent phase 
(77)(172) could therefore be eliminated.
When plates form by a shear process it is assumed
that the interface plane is the invariant plane and the shear
acts so that this plane is unrotated and distorted. (45)(70)(96 
In the case of rods it is difficult to assess where the 
shear operates beoause a double tilt is imparted to the
V ?
surface when sectioned along the length, suggesting that the 
interface plane is an invariant, A tilt is also evident when 
rods are sectioned transversely about the apex, Fig* 195 >
which may be taken to indicate an invariant direction, rather
than plane, along the rod axis. But this would not contribute
to the multiple relief in Figs* 192 and 193* or for the
corrugated relief in the rod section, Fig, 192*
The relief effect may be considered to be
consistent with the theoretical predications of Garwood (167),
using the Liebermann (176) stereographic analysis (applied to
the b,c.c.-*f,c.c• transition) Garwood found the lattice strain
possesses an invariant line which is close to the <557 }
direction, Fig* 28, at I. The inhomogeneous shear was
neglected since no substructure in the rods developed and as
it does not affect the symmetry, or orientation, of the
product. This represents the undistorted direction of the
Bain cone which is returned to its original position by the
lattice rotation* Garwood suggested that this may control
the habit direction of these a rods (154) • Also when a unit
sphere of p lattice is converted into a by a Bain strain, one
of the principle strains is an expansion, while the other two
are compressions. Such shape changes are considered by
Garwood to be sufficient to produce surface tilting* The
prediction of the correct orientation relationship (158) must
add weight to the analysis. However, this analysis may be 
questioned on the basis of the validity of the application of 
a phenomenalogieal theory for marten site formation, which 
considers the formation of plate-like products, to rod formation’. 
An analogy between Widmansta#tten ferrite and the present 
a rods is close, both products having the structure of the 
equilibirum phase and a composition approximately of it. The 
observation of surface relief accompanying the formation of 
ferrite in steels (203) (204) (216), has led to the conclusion 
that a shear component is involved in the transformation (70) 
(174) • Although no detailed analysis of the type or 
magnitude of the shear involved has been carried out, it has 
been suggested that it may be more correctly considered that 
the ferrite formed by a bainitic process, (70) (174).
5.6.3. Growth.
Although the Widmanst'atten a rod-like precipitate 
is formed both on slow cooling and on isothermal decomposition 
of the metastable j3 phase (154) (155) (158) * the growth 
mechanism has not been considered in great detail. However, 
the observation of surface tilting accompanying the formation 
of these rods allowed the direct measurement of growth rates.
2The linear growth law, Pigs# 214, 215, 216, for the lengthwise 
growth of a rods implies that, if the growth is continuous 
and controlled by the diffusion of zinc, the effective distance 
for diffusion must remain constant; (45)# A parabolic growth
law is,obeyed for widthwise growth based on long range
diffusion, possibly of zinc away from the planar interface,
(45) , Pig. 217, a, b, c, d, e. Since thickening of the
rods continues after impingement in the lengthwise direction 
has occurred; the growth rates at the tips and sides of the a rod,
may be considered to be independant of each other*
5.6.3.1* Lengthwise Growth#
The lengthwise growth rate ( /dt) decreases with 
decreasing temperature, Pig. 325 consistent with a diffusional 
growth theory. Prom Pig. 325 the eucftion of the line c.a» 
be expressed by a standard Arrehenius relationship:
(Qx)
dl B, e
at "
where is a constant and is the activation energy of 
lengthwise growth. The slope of the graph in Pig. 32-5 gives 
the activation energy for the growth as 15.5 +. 5 K.cal/mole.
^2.
This value is significantly less than the values obtained for 
the diffusion of zinc in {3* brass over this temperature range, 
(268) . Further it is less than the value of 30 K,cal/mole 
obtained from overall reaction rate studies. Table 10 ,
The low activation energy for growth presumably 
results from several contributing factors. Since diffusivity 
at a free surface, (28l) 9 requires a lower activation energy 
than in the bulk material, an approximation of the activation 
energy for zinc diffusion at the surface of (3 brass, was 
determined from the empirical relationships obtained by 
Spark et al, (278) , and James and Leak (279) 9 derived for 
grain boundary diffusion in a polycrystalline material, giving
0 s 44 to 36 K.cal/mole
^(3 *
^overall reaction = 3 0 + 2  K.cal/mole 
Qsurface = 30 to 24 K.cal/mole
^length = 1 5 . 5  +5K.cal/mole
Thus surface diffusion could be a major factor contributing to 
the lower activation energy. However it must be stressed that 
the density of precipitation at the surface was no greater than 
in the bulk volume, Fig, 200, Another possibility is that 
diffusion at the rod/matrix interface may cause a redistribution
>*1
of zinc, thereby lowering the activation energy of the process. 
This may be particularly important if the interface is a 
factor controlling the rod growth, A further point to be 
considered is that increasing temperature may decrease the 
concentration gradient causing the activation energy to be 
reduced. It has been suggested on several occasions that the 
preferred direction of growth, <111> or <.557 / $ ®ay be
accounted for by anisotropic diffusion in the matrix (167), 
consequently a lowering of activation energy is implied.
Observed growth rates of bainites in steel using hot stage 
microscopy (180) showed a similar lowering of the activation 
energy for lengthwise growth.
Thus a rods may be considered to grow in the 
lengthwise direction by a discontinuous change in composition 
at the interface (rod tip), at a rate controlled by downhill 
diffusion of zinc into the parent phase. This proceeds with 
an accompanying reduction of free energy of the system and 
continues until both product and parent attain a near equilibrium 
composition, Fig. 183.
5*6.3*2. Widthwise Growth.
The widthwise growth raised some interesting 
features. Before proceeding it must be pointed out that because
of the geometry of these a rods measurement of growth rates
are complicated* In order to minimise error a measuring
technique similar to that recommended by G-oodenow and
Hehemann (223) was adopted* Curves, Fig* 217 a-e, represent
the growth at various positions along the length of the rods
shown in the film sequence, Fig* 212* In general growth
occurs at a continuously decreasing rate such that a limiting
5 3
thickness would be achieved, Figs*217 a-e:, ( /o and /b) 
Consequently in the simplest chse these d rods obey the 
parabolic growth law, (45) * A typical feature of the growth, 
was the sporadic growth exhibited by the curves, Fig* 217 a
b ( Vb)> d (Vk)* Such a growth mode is typical of that 
obtained from the growth of ’sheafs* of closely spaced rods, 
(223)* Each growth burst is derived from the nucleation of 
a fresh rod on the original rod* The analysis carried out 
on A / b  clearly shows this* Fig* 218 shows a plot of the 
actual distance values measured from the datum line in sequence, 
Fig, 212. The initial growth ’burst* , Fig. 217 & , 
corresponds with the formation of a new rod from the side of the 
original, nearest the grain boundary, Fig* 212 , whilst the 
second growth occurs on the opposite side. Consequently the 
final ’sheaf* results in multiple tilting of the type which 
has been described as ’feathery*.
    —            ---
3esr
Since a parabolic growth law is obeyed (4-5) 
widthwise growth is based upon long range diffusion of zinc 
away from the planar (faceted) interface. The continual 
growth is based upon long range diffusion of zinc from the 
interface. The continual growth requires chemical diffusion 
of zinc into the surrounding j3 and as the a rod diameter 
increases the effective distance over which diffusion may take 
place increases. drowth will be limited when the adjacent 
matrix becomes enriched in zinc as an equilibrium is approached. 
It appears that widthwise growth is completely diffusion 
controlled. The formation of •sheafs1 has been considered by 
Aaronson (166) as another form of *sympathetic * nucleation.
5.6.4-* Shape of Rods.
Prom the measured growth rates it appears that the
rod shape’of the precipitate formed above the B temperature,s
arises primarily from a much faster growth rate at the rod 
tip compared with the sideways growth. However, it must be 
emphasized that superimposed upon these growth features are 
other factors which control the acicularity of the rods. The 
facets on the rod/matrix interface indicates that interfacial 
energy is the more important factor controlling the shape, sin#e
a rod has a lower surface energy and a higher strain energy 
than a plate (l8l) to (189)*
Because of the similarity between these a rods 
formed on isothermal tempering and the coarse ¥idmanstatten a 
rods formed during slow cooling, it is likely that the rods 
will grow with similar orientation relationship with the (3 
matrix (I7l)» The important feature of this analysis being 
minimum mismatch occurs along (110) // <^111^* directions#
Consequently such an orientation relationship will further 
support a { l l i y  growth direction.
As previously mentioned, section 5#3*1#, the 
surface relief may be taken as indicating that the nucleation sta 
stage depends upon a shear mechanism similar to that occurring 
during bainite formation. Warlimont (129) using thin film 
electron metallography observed that during the nucleation stage 
of bainitic plate formation, a quasi two dimensional nuclei forme
f
in the (3* matrix on \110j planes, arising as a consequence of 
the low resistance of the to (HO)[TlO] shear (21) (24).
It is possible that such a shear nucleus initiates rod formation 
so that a lath forms on the illO ■ plane, such a lath
v. f ' s  7
constituting the mid-rib section of the developed rod. Further 
transformation then proceeds by diffusional growth.
5.6*5* Rod/Matrix Interfaces*
In the present case the planar interfaces formed 
on a rods, particularly those formed at the lower reaction 
temperatures in the higher zinc content alloys, are extremely 
distinct, Figs. 114, 116, ll?, 125, 126. Such planar 
interfaces suggest, in view of the importance of the interfacial 
energy contribution to the overall energy balance controlling the 
product shape, that these are interfaces of low energy, similar 
to those described for duplex brass structure by Hu and Smith 
(159) • The findings of Sedrik and Garwood (169) (171) 
concerning the nature of the planar interfaces which develop 
on the coarse Widmanstatten a rods, formed on slow cooling from 
the all (3 temperature range, are particularly pertinent to the 
present observations. Their results suggest that the interfaces 
do not correspond with low index planes of either lattice, since 
poles were observed to be randomly distributed around a < 111/ 
zone (158) It was therefore concluded that an essential 
feature for the formation of planar facets . r o d s  was that they 
should contain close packed directions thereby minimising misfit, 
i.e., ^llO). // {111'^ . A similar suggestion was made by
Hu and Smith (159) who concluded that interfacial energy was 
relatively insensitive to orientation, provided the interface 
contains close packed directions. Also it is suggested the
high mobility of tho boundary could account for the planar
facets on the rods.
The planar facets developed on the a rods 
formed by isothermal tempering may be considered in the light 
of these findings. In this particular case, unlike prior 
observations (158) , the importance of temperature on the 
product shape could be considered. At the lower transformation
temperatures the cross sections of the a rods were of simple 
geometric shapes, Figs. 120, 121, 125, 126, 127, seemingly 
indicating the slow reaction rates give rods of minimum surface 
energy. The simplicity of the shapes is further helped by the
i \
suppression of sheaf formation at these temperatures,. This 
would imply that not only do these interface planes contain 
a close packing direction, i.e., matching directions ^ 1 1 0 ^  '
// <^111^ p but lowest energy matching interface boundaries 
form // • Because of the symmetry involved
and knowing the orientation relationship of the parent and 
product, (158) , a simple geometrical analysis, section 4.5.2., 
indicated the planar interfaces in Fig. 126 are consistent 
with 111 oj p planes, i.e., ^ H l j  a • Therefore the two rods 
have grown about a common \ddlj interface plane. Slip traces
ivf
in Fig, 245 suggest that a twin orientation relationship exists 
between the two crystals*
If the facets developed on the a rods at low
matching planes then for a given close packed direction <^111^ 
the maximum number of 110 poles is six* So, at a maximum 
a single rod section could not contain more than six facets*
At these low temperatures this condition from the experimental 
observations was satisfied. However, at the higher temperatures 
the product developed more facets* Fig. 114* apparently 
complying with the conditions of Sedriks (158).
It is now necessary to consider if the observed 
simple geometric shapes (low temperature) can be explained 
on the basis of {110)^ interface planes. Fig. 326 shows 
a rod section containing six ^lio] planes lying around a [ H I ]  
zone axis. The four-sided orosb *sections in Figs. 120, 121, 125 
could be derived from sections of the type a, b, c, o, Fig.326 
The simpler triangular faceted sections, a, b, o, would be 
unlikely to form, because of the much greater surface to volume 
ratio involved. Combinations of two of the four-sided sections 
could give characteristic *arrow heads* which would be twin 
related about the common interface plane.
temperature do comprise of minimum energy
It has “been shown "by Sedriks and Garwood (171) 
that the angular facets of slowly cooled a rods contain close 
packed matching rows of atoms, i.e., <^111^ // ^110 . The
interfaces are partially coherent and mismatch is only 2»k%$
(171) * Such misfit between atoms was suggested to be 
accommodated by planes of atoms occurring in the p phase with 
a frequency of one every forty spacings# Evidence of 
dislocations at the rod/matrix interface came from the detection 
of an etch pit array, Fig# 205*
Such misfit boundaries have been discussed by 
Brooke (74), but information is limited. The dislocation 
boundary could take the form of regularly spaced loops 
(d s 40 atoms) Fig. 326, of six a/6 <112^ partial dislocations
with the Burgers vector lying in the interface plane. The 
boundary formed under these circumstances would be of the type 
shown in Fig, 326# Although in practice the loops will not be 
regularly spaced. This nonconservative motion requires a 
continuous flow of atoms to and from the boundary regions.
Such an Epitaxial1 boundary has been suggested by Christian (77 
to result in the destruction of surface relief by atomic 
migration. True epitaxial boundaries have not been located 
in solid state transformations (70), and it is possible that in
1*11
the present case the boundary is a combination of 1martensitic1 
and * epitaxial*. Such mixed boundaries have been indicated by 
Christian (77) to produce a shape change, provided the 
correspondence is maintained. From the information available 
such considerations can only be speculative, until more precise 
information concerning the nature of the boundary is furnished.
With increasing temperature the number of facets 
on the rod sections increases, Fig, 116, giving a condition 
similar to that discussed previously (171) » This presumably 
arises from the necessity to minimise strain and interfacial 
energy. One point which must be considered is the effect of
f *
sheaf formation on these cross sections. G-enerally little 
evidence of the 1 sheaf* relief is revealed in the rod micro­
structures, Fig. 200 , where such an effect could influence the 
boundaries formed, A simple example of this is shown 
diagrammatically in Fig. 327 , where two rods, of similar 
orientation, have grown by * sheaf1 formation with a common { 110?
V «
interface. But the surface planes a, e, b^ will grow rapidly 
outwards (159) to minimise the boundary length, hence surface 
energy. The boundary on the opposite side will move similarly. 
Thus a lozenge shape, similar to that shown in Fig. 116, 
could be obtained. No evidence of a boundary a, c, d, would
exist because of the similarity of the orientation. Such a 
process may account for some of the planes which are not of low 
index at these higher temperatures.
5 • 6. Conclusion.
The structure of the a rods is f.c.c. with a 
composition similar to the equilibrium product. Tilting of a 
prepolished surface accompanied the formation of a rods. 
Initially this takes the form of a simple double tilt about a
j
central midrib developing intd multiple tilting suggesting a 
* sheaf* process. Accommodation deformation of the adjacent 
matrix, both plastic and elastic* occurred to allow for the 
volume change accompanying the formation of f.c.c. rods. The 
surface tilting implies a shear component operates during the 
formation of rods. It has been suggested that surface tilting 
accompanying the formation of Widmanstatten products may mean 
that they should be strictly termed bainitic, (70).
The lengthwise growth obeys a linear growth law 
and the measured growth rates decrease with decreasing reaction 
temperature. The activation energy derived from the directly 
measured growth rate is lower than for the activation energy of 
downhill diffusion of zinc in the j3* phase. This has been 
indicated to occur because of the presence of surface diffusion
during the measurement of growth rates from surface features*
On the other hand the activation energy for growth obtained from 
the overall reaction rates compares more favourably with the 
expected value* Growth continues by downhill diffusion into 
the parent phase until both parent and product attain near 
equilibrium compositions* Widthwise growth obeys a parabolic 
growth law so that rods reach a limiting width. The sporadic 
growth has been attributed to the formation of S h e a f s 1 of a rods. 
The parabolic growth law indicates that the widthwise growth 
model is based upon the long range diffusion of zinc away from 
the planar rod facets. Consequently widthwise growth is 
completely diffusion controlled.
The planar facets developed on a rods at low 
temperature are apparently low energy interfaces of the type 
1^110 ^  // ^ m ]  a • With Increasing temperature these a rode
develop more facets not necessarily corresponding with low index 
planes, but all the planes lie around a given \111^ zone.
Under these conditions the mismatch direction becomes more 
important, i.e., (111^ ^ // vllO^>a . It is tentatively
suggested that the less rational interfaces may be accounted 
for in part by the development of 'sheafs of a rods.
%5• 7• Mixed, Product♦
A mixed product of plates and a rods formed during 
isothermal tempering over region M on the T.T.T. diagrams,
Pigs. 63-68. The confirmation of the existence of this 
morphology region has "been held to provide suitable evidence of... 
a compositional change accompanying the formation of the hainitf^ 
plate s.
5*7*1« Protrusions:
Plates formed during tempering, at the lower 
temperatures at which the mixed product developed, frequently 
formed protrusions along the originally planar interfaces, 
Electron metallography indicated that these protrusions were 
related to regions of low fault density within the plate, 
Pigs. 140 and 141* The interface between the faults bows 
outwards, at Pg , Pig. 141* from unfaulted pure f.c.c. regions 
of the plate, and occasionally about a common interface, 
apparently arising from a stacking fault within the plate. 
Similar interface movements have been observed by Warlimont (177) 
using thin foil electron microscopy. The nature of the 
interface is derived from the bainite reaction, section 5 *5 * 9  
consequently it will be a semicoherent boundary, of the
martensitic type rather than an epitaxial type, section 2*5*3* 
With increasing tempering time a rods nucleate in the |3 matrix 
ad^aceht to the plates* At the sai&e time, as the transformation 
proceeds there is driving force lowering the stacking fault 
density of the plates, possibly by the movement of Shockley 
partial dislocations, leading to an increase in the width of the 
unfaulted pure f.c.c* regions within the plate. However, J
throughout this period the width of the plates increase at a ;
rate controlled by diffusion across the interface* A 
difficulty here is the differentiation of the effects of varying ! 
driving force, from those of varying mobility. The available 
evidence suggests that low angle boundaries of small 
misorientation have lower mobilities than high angle boundaries, 
but some special low angle boundaries have very high mobility ; 
(70). Evidence that semicoherent interphase boundaries of the 
epitaxial kind have a lower mobility, in general, than 
incoherent boundaries does not exist. In the present case 
because of the complexity of interfacial mobility, other factors 
besides those discussed, may affect boundary mobility, but 
systematic studies on possible effects of stress fields, 
perfection of surrounding lattice, etc., are not available. The!
interaction of the various factors is difficult to separate
experimentally. Consequently, the following simple qualitative 
model for the formation of interfacial protrusions is proposed.
The energy of the interface "between the p f matrix 
and the small region of f.c.c, product "between the stacking 
faults will he different from the overall boundary energy.
Further because of the difference in the nature, of the two 
interfaces the atom transfer process may be different, 
particularly the rate of transfer. When the stacking fault 
width reaches a certain optimum value, the driving force for 
growth of the unfaulted boundary will be greater than for the 
complete boundary, and then the driving force is sufficient 
to overcome the tensional constraint imposed by the bounding 
stacking faults. Under these conditions the higher mobility 
of the f.c.c. boundary will allow it to bow outwards, (159)*
The minimum width of separation of the stacking faults achieved 
would depend upon a mathematical expression of the type which 
considers the bowing of a dislocation line around precipitate 
particles, proposed by Mott and Nabarro and discussed by 
Smallman (305)* This faster growth may allow reduction in the 
super saturation of the plate. Since the two interfaces, 
plate (whole) and unfaulted f.c.c. region, will both be 
semiooherent, the differences in their mobilities must be derived
from the driving force which is related to the reduction in 
supersaturation. . But the adjacent stacking faults, pinning ;
the interface at regular intervals may be further stabilized by 
the segregation of solute atoms %  (303) (304)*
At these lower temperatures, and with the high proportion of 
plates present, only interfacial bowing can occur and rod growth 
from plates of the type occurring at the higher temperatures 
(to be discussed) is not encountered.
5*7*2. Development of Rods from Plates.
As the tempering temperature increases (approaching 
the B temperature) the proportion of cu plates decreases and
S  X
of rods increases. Rods nucleate after the plates at two 
distinct sites: i
j
(a) the leading edge of the plates. -j
(b) in the adjacent (3* matrix.
A similar observation has been reported by Rapas and Hehemaflft (35* 
The {llOjv plane of section across the angle profile 
of the obtuse angled plate pair confirmed that rods grow from 
the leading edges of the original plates, Pigs. 95* 96, 98, 111, 
112. The 70° angle between the two sets of rods growing from 
the two variants of the habit plane of the plates indicated that
the rods were growing along directions, which is
consistent with the habit direction for a rod growth determined 
by Mehl and Marzke (154) • Sectioning of these plate/rod 
combinations parallel with the jlllj plane of faulting in 
one of the plates of a rV* pair confirmed uniquely that these 
growths from the plate edges were rod-like in shape, Fig# 113*
The change of direction of the trace from that of the habit plane 
of the plate (2.11.12j to a direction parallel with 110 trace 
(the two variants of | 2.11.12] ^ habit plane of plates are
symmetrical about a common *110/ plane, section 4*7*2**)
t J
confirmed the ^111> ^ habit direction. From the parallelism
of the a rod growth direction, Fig. 95* with traces derived 
from the internal faulting within the plates, Fig. 166 ,
(both are (llOjp sections) together with the confirmation that
* ^
the rods grow with |llO> a planar facets, Fig. 144* section 4*7*3
\ * p
and the lining up of stacking fault traces within the plates with
rod sections, Fig. 149* it appears that the rods grow from
regions between the internal faulting of the original plate#
5*7*3* Mechanism of Rod G-rowth from Plates#
Under these circumstances it is interesting to 
consider how rod growth from the plates could arise.
The plates once nucleated will grow rapidly,
section 4..11.2. with an attendant redistribution of solute.
The growth of plates continues until the concentration of
solute atoms in the p matrix increases sufficiently for the
upper temperature limit of plate formation (the B temperature) ;s
to be exceeded. Under these circumstances the system can only 
reduce it*s free energy by further transformation to a rods. 
Throughout the growth of the plates they are continually 
enriched in solute and the density of internal markings is 
reduced. Because of the considerably greater dependence of the 
rate of nuoleation on the interfacial free energy than on 
supersaturation, the plate/matrix interface provides more 
favourable sites for the nucleation of rods than the adjacent 
p matrix. The specific interfacial free energy of the boundary 
between a precipitate crystal and the matrix crystal in which 
it is nucleated, and between a nucleus and the precipitate 
crystal against which it is nucleated, are dependent upon the 
orientation of these boundaries. The unfaulted regions within 
the plate are pure f.c.c. and provide favourable nucleation 
sites for the rods. Consequently rods grow from the plate along 
the <111> p habit direction. The driving force for the 
growth being the zinc concentration gradient in order that an
equilibrium distribution of solute between parent and product is 
achieved. As a consequence of the change of direction when 
the rods grow from the plates, Fig. 113, Plate P, limb 2, it 
is possible that a low angle boundary (tilt) forms between the 
plate and rod, but no evidence of such a boundary was detected* ; 
Low angle boundaries are not easily revealed by etching. The 
nucleation of rods from plates is therefore a typical example 
of the •sympathetic nucleation* process which has been defined 
by Aaronson and Wells (231) , section 2.7.2,
Two further features of the growth process which 
enable the rods to nucleate and grow from original plate with a 
lower energy than required for nucleation and growth of new rods
in the ad jacent matrix may be considered. Firstly they will inherit the 
orientation of the unfaulted region of the plate, so growing
with the correct orientation relationship with the (3 matrix (158),,
Secondly, two of the planar facets of the rods have been shown to
be |1 1 0 j p planes and are therefore parallel with the faulting
planes in the plate. Consequently these a rods have inherited
i' "'S r
their low energy interfaces from the { H l j a or (110)^ internal 
faulting in the plates, which delineate the unfaulted regions 
from which the rods grow. It has been suggested, section 2,11*3* 
that the stacking faults are stabilized by a/ 6 { l l 2 }  partial
dislocations, and further it was suggested in section 5«6.4. that 
it is possibly that a/6 112 partial dislocations lie in loops
around the a rod interfaces, so that the nature of dislocation 
interface is not significantly altered during rod growth. If 
specimens are sectioned along '100/ planes, rows of detached rod 
of regular shape will he observed. Similar alignments of rod 
sections have been observed after slowly cooling k-Ofo zinc 
specimens from the all j3 region, but these form under different 
conditions, (155)* Similar nucleation, and morphologies have 
been observed in other alloy systems, (l&5) (1^6) (231)*
5 * Stability.
With increasing tempering time, particularly in the 
lower zinc alloys, at temperatures just below the B s
temperature, the final structure formed was completely rod—like. 
This structure could arise from the degeneration of the original 
plates, from which the a rods grow. As stacking fault 
energy usually decreases with increasing solute concentration 
in f.c.c. binary alloys, Suzuki (303) recognized this as a 
driving force for the segregation of solute atoms to stacking 
faults. This theory has been considered in more detail 
by deWit and Howard <•  Segregation
I•1•!
[ j
I'
of zinc atoms to the stacking faults is therefore to be expected? 
further this will relieve super saturation within the unfaulted jj 
regions. The enriched stacking faults with increasing time [|
could allow precipitation of the j 3  phase, so causing the jj
ij
complete detachment of the rods and degeneration of the plate«j 
Surface energy minimisation (rods have a lower surface energy i
than plates) would, with increasing time overide strain energy
!■
considerations, thereby stabilizing the zods (181-to 189 ),
this being a driving force for the plate instability. Although j;
(;•
there is no conclusive micro structural evidence to support . j
this mechanism, the ingress of p* next to the large rod sections,•'
Fig. 142* which are not at the ends of the plates, tends to j!
j ;
indicate that the rod is becoming detached by the formation of
t fp by the re-solution of a, between the plate and the rod. The j;:
i‘j
size of the rods formed by Sympathetic* nucleation are limited
1
because of the conditions imposed by the nucleation. These
rods form in rows and are in close proximity with one another, j
|
so that they are generally of smaller diameter (cross section) j  
than independently nucleated rods in the adjacent p matrix. |
Consequently from the Thompson - Freudlich relationship (193), 
and by the considerations of Cochardt (195) and Lennet et al. f
jv
(194) the concentration of zinc in the p matrix at the surface f;
Iof a rods of smaller radius will be greater. Countercurrent
" 1
diffusion gradients are then set up in the matrix, which j
results in the dissolution of the smaller a rods and the j
simultaneous growth of the larger neighbours. It is likely 
that with increasing time the resolution of the Sympathetically \ 
nucleated* a rods takes place and little evidence of this 
process is present.
The morphologies arising in various alloy systems, 
as a consequence of ’sympathetic* nucleation have been reviewed 
extensively by Aaronson (l66) and frequently morphological j
features similar to that arising from the mixture of plates and 
rods in the copper^zinc system have been observed. In particular 
a structure which has been referred to as a n ’assemfcilage of 
needles and plates form crystals of essentially idiomorphic 
shape*, have been observed in a copper 32.7$ indium alloy.
These could well be rods nucleated sympathetically from the j
leading edges of plates, as in the present observation. Similar j
i
assemblages ha$% been observed in hypoeutec toid titanium 
chromium alloys, (164)• It would be interesting to see if 
any correlation exists between the product nucleated from the 
edges of the plates and substructural features, if any, * 
for comparison with the present results. * i
A similar micro structural feature of rods nucleating j 
from the leading edges of plates was observed when specimens of | 
metastahle p* , partially transformed below the B temperature, j
S  j
I
were subsequently tempered above this temperature, Figs* 219 and 
235* Thus confirming the suppression of plate growth above the
B temperature, which supports the earlier conclusions that |
S  |;
rod growth in the mixed product region occurs as a consequence
of compositional changes* Similar observations (228) during the \
step heat treatment of alloy steels have shown that both upper
and lower bainite growth is suppressed when partially transformed j
specimens are further transformed above the B g temperature*
Lower bainite plates were unable to grow when the temperature
was raised above the B * (B * is the upper temperature limits s
■ ■- I
to lower bainite formation), but below the B temperature, growth js I
continued only by the formation of upper bainite needles from the j 
leading edge of the lower bainite plates* This process is j
/ 'Isynonomous with that now observed in the copper/zinc system* j
I
' Iji
5*7*5* Conclusion. \
Over a limited temperature range immediately below I 
the B g temperature a mixture of plates and a rods were I
precipitated on isothermal tempering. plates precipitate
initially followed by the precipitation of a rods, supporting in
large measure that a composition change accompanies plate
growth. With decreasing temperature, below the B temperature,s
the proportion of a rods precipitated decreases, so that a lower 
temperature limit for rod formation exists. At the lower 
temperatures a small proportion of a rods nucleate between the 
<x^  plates and the plate interfaces develop protrusions which 
have been related to unfaulted regions within the plate and the 
relative boundary migration rates. On the other hand at 
temperatures closer to the Bg temperature a rods nucleate 
preferrentially from the original plates and also in the 
adjacent (3 matrix. The nucleation of these a rods from the 
original plate edges is a typical example of the nucleation 
mechanism described as Sympathetic1, The rods grow from 
unfaulted regions within the plate along a habit direction 
close to the (,111^ ^ with jllO^ ^  planar facets and with an 
inherited orientation. With increasing transformation time 
complete decomposition of the original plates occur because 
of their higher interfacial energy compared with the rods. 
Subsequent resolution of the smaller sympathetically nucleated 
rods takes place with the accompanying growth of the larger a rod 
which originallynucleated directly from the § matrix.
A similar mixed product forms when specimens
partially transformed to plates are heat treated above the
B temperature. Thereby confirming the B is a true upper limit j 
s s .
for plate growth. }
j
5.8. G-rain Boundary Precipitation. j
The present investigation has been concerned mainly with j
the rate of grain boundary precipitation and with the shapes of j 
the precipitate formed. No attempt has been made to uniquely 
define the mode of precipitation with misorientation* because j
of the difficulties, also encountered in previous investigations, j
(l66 ) (l96 ) (197 ) (199 ) in specifying the angular misorientation 
between two crystals.
Precipitation at grain boundaries falls into three 
main classes and is illustrated by the three morphological regions 
denoted R, M and P, in Pigs. 63— 68, section 4-.4.1* Each 
region will now be considered in turn.
5*8.1. Region R.
G-rain boundaries were found to provide favourable
sites for precipitation when metastable (3* specimens were
tempered above the B temperature. Thus precipitation occurred
s
at grain boundaries prior to within the grains; the time to 
start of- grain boundary precipitation is denoted by the 
dotted lines in Figs* 66-68, The accelerated precipitate 
morphology was found to be dependent upon misorientation 
between grains, as both diffusion at the boundary section 2.10*4* 
and the point defect density are dependent upon misorientation. 
The classical theory of heterogeneous nucleation applied to 
grain boundaries predicts a reduction in the surface energy and 
strain energy contributions by the presence of the boundary 
and in consequence accelerated precipitation (69).
The dependence of the nature of the precipitate 
upon misorientation between grains is readily seen in Fig. 75.
One point emerging from the present investigations 
was that at no time were Widmanst'atten side plates formed, in 
contrast to previous work, (199) (200) (201). The product 
nucleating at a grain boundary and growing into the (3 grain 
was rod-like, and such rod growth occurs on both sides of the 
grain boundary, of Fig. 94, where grains 1 and 2 contain a 
common ^ 111> direction and another <1 1 1 “/ direction in each 
is simply related. With this orientation system a rods have 
grown almost continuously across the grain boundary, except 
for some lateral growth accelerated by the presence of the
■ i t
<{JC>% 1
boundary. This has led to clustering of the a rods to give 
an idiomorphic shape in some regions of the boundary. At no 
time could these side rods growing from the grain boundaries |
be termed plates. Rod growth from the grain boundary is also 
shown in Rig, 125, grain 2, whilst angular cross sections of |
a rods presumably originating from the boundary are present in 
grain 1. j
The less regular, larger idiomorphic precipitate, 
containing internal markings which are possibly annealing twins, j 
is shown in Pigs. 115 and 118 and is consistent with previous 
findings, which have been discussed in section 2,7*7* Under 
such conditions the movement of the grain boundary , is 
considered to play an important part in determining the rate j
of precipitation and the subsequent growth forms, (199) (200) j 
(201).
5*8,2. Region P.
There is a striking lack of precipitate at grain 
boundaries on isothermal tempering metastable p* specimens at 
temperatures when only plates form within the grains.
Similar observations have been made previously (155)* In fact j 
as shown in Pigs* 88, 150 and 151, the only precipitation which
occurs is a thin continuous grain boundary film of precipitate. 
But it was not possible to establish experimentally if this 
was supersaturated or an equilibrium a product. No side plates 
analogous to the a side rods developed from the grain boundary 
film. In fact the grain boundaries failed to provide favourable 
sites for the nucleation of bainitic plates. Such an 
observation is consistent with a transformation mechanism invol­
ving a major shear component, as in the postulated bainitic 
process for the formation of plates, since grain boundaries 
do not accelerate martensite formation (97) (98). To the 
contrary, decreasing grain size retards martensite formation 
by increasing the resistance to propagation, rather than 
providing favourable nucleation sites.
5*8.3* Region M,
In region M, Figs. 63-68, a-^  plates initially 
precipitate within the grains followed by a rods, section 4.5.4., 
but only a rods precipitate at grain boundaries, Fig. 123. This 
observation is consistent with the conclusion from the two 
previous sections 5.8.1. and 5.8.2,, that only grain boundaries 
act as nucleation sites only for a rods. Consequently when 
plates initially precipitate, no grain boundary product forms,
but with the enrichment of the matrix in zinc and the onset of 
a rod precipitation rods will be preferentially nucleated at 
the grain boundary. In the case of Fig. 123, it appears that 
a rods have not yet nucleated within the grains, although they 
are present at the grain boundary. The thin boundary film 
of precipitate forming during precipitation of plates may 
cause localized enrichment of the adjacent [3 matrix in zinc so 
allowing a rod growth at the boundary to be accelerated; this 
would be supported by the faster diffusion kinetics involved 
in the grain boundary region, section 2*10*4*
5.8.4* Conclusion.
G-rain boundaries provide favourable sites for a rod 
formation giving rise to accelerated transformation, provided 
the misorientation between the two grains involved is suitable. 
However grain boundaries do not provide nucleation sites for 
plate formation, corroborating the greater dependence upon shear 
for the formation of this product. Consistent with these two 
observations only a rods precipitate at grain boundaries when 
mixed products (i.e., plates and a rods) precipitate within 
{3 grains.
5.9. Effect of Initial Structure*
5.9.1. Features of the Initial Quenched (3*.
It has "been established that precipitation from 
f.c.c. supersaturated solid solutions, is related to defects in 
the original quenched alloy, (69). Observations have been 
related mainly to the aluminium and copper base alloys, in which 
Hirsch et al. (284) showed that quenched-in vacancies collapse 
to give prismatic dislocation loops, together with other defects. 
These dislocation loops have been observed to act as preferential 
sites for the nucleation of the phase precipitating from the 
supersaturated solid solution during ageing. This is supported 
theoretically by the considerations of Cahn (349), who has 
indicated that the rate of precipitation on dislocations is 
greater than the rate of homogeneous precipitation. Precipita­
tion on dislocations becomes more important with increasing 
Burgers vector and increasing super saturation. The .defect 
structure of a quenched alloy is strongly dependant on the 
homogenisation temperature, quenching rate, quenching bath 
temperature and alloy content.
As mentioned in section 2.11.1. Meakin et al. (285) 
have observed vacancy loops in quenched molybdenum. These are
considered to “be edge dislocation loops with a < 100s Burgers 
vector. Unfortunately, there is no direct evidence available 
to indicate the defect structure existing in quenched B2 
structures, although it has been suggested (256) that the 
vacancy concentration in B2 structures at high temperatures is 
higherthan in pure metals# In the case of p brass indirect 
evidence has been deduced from the hardening observed after 
quenching, which has been related to both the antiphase domain 
size and vacancy concentration (section 2.11,2#)# Consequently,
if vacancies are ’quenched in* some may collapse to give 
dislocation loops.
.During the pre sent investigation specimens of all 
compositions were quenched from a constant temperature into a 
quenching bath maintained at a constant temperature. It may be 
taken therefore that the defect structure of the metastable p* 
would be a constant and can be eliminated as a variable 
influencing precipitation during subsequent tempering. Further 
the treatment used ensured a constant grain size for bainitic 
products which can be influenced by varying grain size(20$).
5*9*2. Up-quenching (isothermal tempering) Versus
Direct Isothermal Transformation.
Precipitation in aluminium based (age hardening)
alloys, has been reported to be retarded in some cases and
accelerated in others by quenching and subsequent ageing when
compared to direct transformation (69)* But at present much
ambiguity surrounds this feature of the transformations.
Owen and White (219) carried out an investigation
comparing up—quenching and direct isothermal transformation.
Plain carbon steel specimens were partially transformed at
temperatures above the M temperature for 50fa of the incubation
s
period. Subsequent up—quenching and isotheimal transformation 
at the higher temperatures allowed direct comparison of the 
incubation period with a standard transformation curve.
In relation to the formation of lower bainite, the incubation 
period in each case was identical, but the formation of upper 
bainite was slightly retarded. Therefore in the case of plain 
carbon steels little significant difference between direct 
isothermal transformation and up—quenching was detected in the 
T.T.T. diagram obtained*
It will therefore be taken that the T.T.T. diagrams 
for binary copper-zino alloys, obtained from direct isothermal
transformation or quenching and tempering are likely to he
almost identical. Specimens quenched to room temperature which
is above the M temperature in.this system even for the lowest s *
zinc composition binary alloy considered (107) have an 
incubation period of 50 days, Figs. 63-68. Consequently, 
specimens retained at this temperature for periods up to 
14 days should not have incubation times upon tempering which 
would differ by more than experimental scatter.
Comparison of the curves obtained in the present 
investigation, Figs. 63-68, and that obtained by Garwood (157) 
for a 41.3 wt.^ zinc alloy by direct isothermal transformation, 
suggests that the difference between the two methods is 
negligible. The incubation times obtained by Garwood (157) 
lie between the values, obtained in the present investigation 
for the 39*8 and 40.9 at.%  zinc binary alloys, Figs. 64 and 65, 
as would be expected. It appears that the defect structure 
of the metastable (3* influences the subsequent transformation to 
a negligible extent.
5*10, Hardness and Precipitation.
5*10.1. Hardness Variation and the B g Temperature.
Hardness changes associated with the decomposition
'Mr
of metastable 0* by isothermal tempering pointed to another
physical difference between the plate and a rod precipitation
products, for significant hardening only occurred with the
onset of plate precipitation* This is most readily seen in
Fig. l6l, where the maximum hardness attained during tempering
is plotted against the reaction temperature for four of the
binary alloys considered. In the case of the 43.4 at.$ zinc
alloy where the product was completely rod-like no significant
hardening occurred on tempering above 300°C. For the other
alloys containing, 39.8, 40.9 and 42.7 at.$ zinc, no hardening
occurs at higher temperatures, but as the temperature decreased,
and the plate-like product appears below the B temperature,
* s
a rapid linear increase in maximum hardness occurs with 
decreasing reaction temperature. The plots may be considered
as two intersecting straight lines and the temperature at which
they intersect should relate directly to the B g temperature 
for that composition* The temperatures obtained from Fig, l6l 
are as follows:— '
39.8 a t Z n  .......440°C
■ 40.9 a t Z n .......350°C
42.7 at.jS Z n .......270°C
These values are within IQfo of the B g temperatures obtained 
by metaliographic and kinetic methods shown in Fig. 137 •
The temperatures obtained for the higher sine content alloys 
are lower than those previously determined, section 4«3*5*> 
probably because within the temperature range just below the 
B g (region M, section 4.5#4-*) the product formed is a mixture 
of plates and rods. Consequently the hardness technique used, 
section 3*5*1* is not sufficiently sensitive to detect the small 
hardening, if any, occurring within these temperature ranges.
But it is felt that these values for the plate to rod transition 
temperature go a long way to substantiate previous arguments 
concerning the B g temperature.
5*10.2, The Mechanism of Hardening.
Garwood (157) attributed the hardening 
associated with formation of plates to localized strain within 
the J31 lattice arising from the coherency of the a • The 
analysis of the interaction of slip traces with the precipitated 
products allows a more detailed hardening mechanism to be 
discussed. The two contributions to the hardness change during 
isothermal tempering appear to be:
(a) Hardness change of the (3* matrix with composition,, 
o o  Hardness changes arising from presence of the 
precipitate.
(a) Hardness change of the p* matrix with composition. 
All hardness measurements were performed at room 
temperature so that the p matrix is ordered, Fig, 62 shows, 
with increasing zinc content, the hardness of the as quenched 
metastable p* binary alloy decreases. From observations of 
slip traces after fatigue deformation, Clark (141) attributed 
this decrease of hardness to increasing ease of cross slip in 
the p*. The hardness decrease could also be explained by the 
increasing si2e of the ordered domains of the p* (58) resulting 
from an increased antiphase boundary energy with zinc content 
(17) • It has been previously shown, section 4*9*2., the 
rate of enrichment of the matrix in solute is slower when 
ax (supersaturated) plate* precipitate than when a (equilibrium) 
rods precipitate. It follows that the rate of decrease of 
hardness of the p* matrix during plate formation will be slower 
than for rods. The higher zinc content of the 6* matrix is 
supported by the straight slip traces in Fig. 237, i.e. cross 
slip is suppressed. Fig. 244 shows that with increasing zino 
content the slip traces in the p* tend to be wavy as cross slip 
becomes easier. In the present results there was little 
evidence to indicate that *age softening* (286), section 2.11.2 
influenced the values significantly as previously reported (137)*
41?
0>) Hardness changes arising from the presence of the 
Precipitate.
Before considering the contribution to the 
hardening by plates or a rods it must be first pointed out 
the precipitation hardening mechanisms which have been 
comprehensively reviewed by Kelly and Nicholson (69) may 
not apply directly in the present case, because the size 
of precipitate is several orders of magnitude greater than 
that encountered in age hardening systems.
Slip in {3* brass (B2) has teen discussed fully
in section 2.12, where it was concluded that slip occurs along
*
^ 1 1 0 i glide planes by the movement of superpartials, separated 
by a ribbon of antiphase boundary, having a Burgers vector a/2 
<( 111 > . It is established that for f.c.c. (Al) structures
slip occurs along ^lllj glide planes, the unit dislocation 
has a Burgers vector /2 <110 } . Slip in p* was generally
only activated on one variant of the glide plane and the
i a
straight traces in Pig. 237, were consistent with slip oa 1110^ 
planes. These slip traces were continuous across some of the 
plates but not others. Electron metallography confirmed 
that some plates were cut by the slip traces Pigs. 241 and 242. 
In Pig. 243 slip traces are not continuous across the plate
indicating cutting has not taken place. Prom previous 5!
crystallographic analysis of the plates stacking faults
were found to lie along .jllll planes of the plates, a
L  j  |i
Kurdjumov-Sachs orientation relationship between the parent 
and product having been assumed. Prom the orientation j
relationship between f,o,c, and b.c.c* structures shown j
stereographically in Pig, 169 it may be seen that if a specific ! 
variant of the close packed f.c.c, plane is matched with that j
of the b.c.c, structure the correspondence between the other j
' ( > \ 
^lllj* and -j 110 L planes is limited, i.e., only f
v J X # C # C# J D • C • C « I
o $two other pairs of planes show poles within ~10 of each other, j
In the present case it is assumed that matching is best across j
i, 111}-^ planes along which the stacking faults lie. It j
* • 1, c »c, |
is suggested that hardening depends upon the ease with which j
dislocation lines in the p ! matrix cut the plates. The 
following conditions are envisaged for cutting. Pig. 328(a) shov;
Ia diagrammatic representation of plates oriented so that the internals
faulting planes are parallel with the activated slip plane in j
f
the (3* matrix. An extended dislocation gliding in the p* |
matrix on meeting the a, plate will continue to glide. The \|
portion of the line cutting the plate will slip by movement |
it
a - i
of dislocations /2<JL10X, ^on the %111? plane. j* I • c • 0 » * J I # c • c •
This plane lies parallel with the faulting so that the progress \
i i
of the extended dislocation line will not be impeded by the 
faults# The freely moving dislocation may suffer some drag |
because of cutting the plate, as a consequence of the 
differences of the elastic constants (25) of the plate and 
matrix, but this would not be large. The drag could be 
increased by the two slip planes not being exactly parallel, so 
that a jog m&y form along the plate/matrix interface. On 
passing completely through the plate, as indicated in Pig. 328, j
shearing of the plate would occur, similar to that observed in j
ji
Pig. 242. If another ^ 1 1 0 glide plane is activated \'b.c.c. ;l
in the p* matrix then not only would a larger jog have to form 
along the interface, as a consequence of the poor correspondences! 
between the two slip planes in the parent and product, so
I
increasing dislocation drag, but the dislocation line would have j|
to cut across the stacking faults within the product. This |
j
would severely impede dislocation motion, so restraining |
slip and increasing the overall hardness of the system. In
|
the case of a pair of obtuse angled ,V t plates, the activated slip 
plane in the p* can match with only one set of fault planes 
in the pair. Under these circumstances only one plate Pig. 328d, 
could be cut by the dislocation line and slip in the adjacent j
plate would be limited by the necessity for the dislocation to
<4.zt
cut the stacking faults in this plate. As a consequence 
hardening would ensue. As the volume fraction of plates 
increases so hardening would increase as more dislocations 
become pinned. On the other hand with increasing time the 
density of stacking faults within the plates decreases, so making 
cutting of plates by the dislocations easier. Consequently, 
when the transformation is completed a decrease in hardness 
will follow because of the decreasing stacking fault density.
An examination of slip traces in tempered specimens
containing a rods, deformed at room temperature showed that
the rods plastically deform at a lower stress than the adjacent
p* matrix. In regions of more severe plastic deformation
intense slip, on several variants of the 1^11\« planes■ i • c. c.
was observed. Because of this severe deformation of the a 
intense localized deformation of the p* matrix occurred adjacent 
to the rod. Generally the p* contained wavy slip markings, 
indicative of cross slip, being most marked in the regions of 
severe plastic deformation around the a rods. There was also 
a tendency for the ^110Vft slip planes to have continuity with
J p
the ‘^111} slip planes. Similar observations when duplex; a 
4i p f;brass structures are plastically deformed have been 
reported by Honeycombe and Boas (323)*
As a consequence of the easy plastic deformation 
of the a rods in these duplex structures, and also because 
of the wide distribution of the rods, it would seem unlikely 
that impedence of dislocation motion during plastic deformation 
would occur. Therefore t h e  system would not be expected 
to produce hardening as precipitation proceeded. But 
particularly at lower reaction temperatures, because of the 
larger number of nucleated rods, (a larger number of small a rods), 
an arrest in the hardness decrease could be accounted for simply 
by the physical presence of the second phase. But generally 
during rod precipitation no hardening is encountered and 
further it would not be expected,
5*10.3* Conclusion.
Hardening on precipitation of the second phase 
from metastable p* is associated only with the bainitic expiates 
and not the a rods. The maximum hardness for a given
composition increases linearly as the temperature of plate 
formation is lowered. The change in the degree of hardening 
occurring with the onset of a rod precipitation correlates 
with the B g temperature. The hardening associated with the 
plates seems to relate directly to their substructure
S-U
together with the large volume fraction of this supersaturated 
product. a rods deform in preference to the matrix and this 
behaviour together with the general distribution of the rods 
accounts for the lack of hardening when this form of product 
precipitates. |j
5*11. The Interaction of Deformation and Precipitation.
5.11*1. Deformed Metastable (31
Tensile deformation of specimens of metastable (3*
of 39-8 at.%  zinc content yields a microstructure of transformatic 1 
products together with kin& bands. The heterogeneous nature 
of the deformation arises as a consequence of the marked elastic 
aniscfcropy of the j31 phase, section 2.1.3. The presence of a 
stress induced acicular transformation product is consistent 
with previous observations (91) (137) (139) and occurs in
i j
regions of more severe deformation presumably as an alternative 
mode of deformation. . In the regions of less severe
deformation, both kink and bands of secondary slip appear 
consistent with prior observations (139) (123) (320).
The product induced by severe deformation next to 
the fracture, Figs. 271, 272 and 273, is metallographically 
similar to the massive a formed during quenching Figs. 56, 57,
HlV
$8, 91,110, 244* 245* "but is distinctively different from the 
acicular deformation marten site (p, + ) which forms at. 
slightly lower deformation away from the fracture, Figs. 275,
276 and 277, The present findings are in line with those of 
Hornhogen et al. (140) where above 40$ elongation an f.e.c. 
product formed and below this an acicular product of tetragonal 
symmetry was reported. The f.c.c* structure of this 
product Fig.274 does not necessarily support an argument that --
JL,
it is structurally distinct from the acicular martensite p f , in
view of the considerations of Massalski and Barrett (139).
The substructure present within this non - acicular product
probably arises because of lattice faulting, section 2.9*3*,
although the distribution of these differs from that encountered
in the acicular martensite, which is presumably limited to a
single variant of the <,111} „ fault plane as in the
v I  . c • 0 *
case of quenching martensite (ll6) (129)* The metallographic 
evidence and structural similarity seems to indicate that this 
product is a form of stress induced a which will be termed 
massive a*.
Further support for this argument comes from the 
nature of the microstructural changes occurring during heat 
treatment. The supersaturated product in question decomposes
to the equilibrium a and J3 phases when tempered for long times 
to give a micro structure, Pigs. 281, 282, similar to that 
reported as the result of tempering quenched massive a by 
Scrivensen and Anantharaman (255)# During tempering zinc |
can be expected to segregate to stacking faults in order to I
lower the overall energy of the system $  03) (304) (348), 
and these stacking faults which become enriched in zinc are 
then favourable sites for the precipitation of (3
1;
Pigs. 281, and 282. Similar modes h a v e  b e e n  
observed for the decomposition of quenching massive products 
in other alloy systems (247) (251).
Although the present evidence strongly suggests 
that the product produced by.deforming metastable p* is 
similar to quenching massive a.p it is difficult to correlate 
with the current definition of a massive or S.R.D. product \
j ;
section, 2.9.2. which involves short range diffusion and rapid 
movement of noncoherent boundaries. It might be argued that 'S 
atomic mobility could be increased sufficiently by the localized jj 
heating associated with the severe d e c k i n g 1 and fracture in the 
region where this product forms* But this still fails to 
offer any explanation as to the nucleation mechanism involved 
or a reason for the preferential formation of the massive a+ 
rather than the acicular martensite.
5.11.2. The Effect of Plastic Deformation on the 
Precipitation Processes*
The less complex structure of the metastahle (3* 
after «^12$ compressive deformation is essentially consistent 
with the findings of Horhbogen et al , (l40).
The complexity of the microstructure of the 
deformed metastable j3 * failed to allow a precise investigation 
into the influence of deformation upon subsequent precipitation 
on isothermal tempering. However a few interesting features 
confirm the general nature of the plate-like (a^) and rod-like
(a) products formed in this system as deduced from straight 
tempering experiments (4*5).
Tension and compression resulted in an 
acceleration of both forms of precipitation. Such an 
acceleration is shown quantitatively in Pig. 305 • The product 
formed preferentially in regions of severe localized plastic 
deformation, i.e., slip bands, kink bands, etc. Similar 
accelerated precipitation as a result of plastic deformation 
has been observed in other alloy systems, in particular 
aluminium base alloys and has been discussed by Kelly and 
Nicholson (69). Precipitation in quenched and cold worked 
alloys would be expected to be more rapid than in the absence
U 7
of cold work for the following reasons:-
(a) Easier formation of nuclei in the strained regions.
(b) A reduotion in the distance the atoms diffuse before
reaching the nearest nucleus.
(c) Accelerated diffusion due to internal stress gradients. 
The first of these (a) would contribute markedly to the 
precipitation of a bainitie transformation product (226) (227) 
in view of the large shear component involved during the 
nucleation stage of the process* section 2*8.3*4* The 
distribution of the bainitie a-^  plates in Fig. 297 supports
a shear nucleated process for the formation of this product.
The plates have formed ^ 4 5 °  to the stress axis, so that the
r ^
variant of the habit plane adopted <■' 2.11,12J^ , corresponds 
with the direction of the maximum critical resolved shear stress, 
(139) • The stimulation of transformation may be ascribed to 
the production of internal stress concentration which aids the 
nucleation of the bainite. When a bainite plate is formed, 
work is done by the externally applied stresses in producing the 
total shape deformation. This work is added to the volume free 
energy change to increase the driving force of the reaction,
39
and in agreement with Le Chatelier*s principle , the preferred
a? Le Chatelier1 s principle: If a constraint be imposed on a 
system in equilibrium, then the system will undergo readjustments 
to nullify the constraint.
habit variant is found to be that for which the work done is |
greatest. The localized nature of the region in which 
accelerated transformation occurs is readily shown in Fig* 297* 
where in regions of low deformation, little or no plates 
are formed. Because there are more nucleation sites available 
in the regions of severe plastic deformation the overall
size of plates formed decreases* The directionality and 
refinement of size imparted to the bainitie product is readily \
supported by Fig. 291, where as a result of the marked elastic j
anisotropy of k8 f brass, section 2.1*3., pronounced deformation 
along one side of the grain boundary has caused accelerated 
precipitation of plates. Fig. 290, shows a region in which
little or no deformation of the (3* has taken place and only a
small volume fraction of plates have precipitated. In 
Fig. 292 there is generally a high density of fine plate-like 
precipitate, but this is particularly noticeable in regions 
where the stress induced martensite has formed. The precipitatej 
at P, outlines the 3ghost* of a prior martensite plate.
Reynolds and Bever (13&) noted that many of the plates of 
martensite formed in quenched p* brass by compression at room 
temperature disappeared on release of the stress, and others 
decreased in size. This stress induced martensite was considered
to bo in reversible equilibrium with the matrix and was compared 
to thermoelastic martensite. The accelerated precipitation in 
regions surrounding martensite plates and at P, where no plate 
exists, suggests that the p* matrix left behind when the 
martensite plates shrink in size on removal of the tensile 
stress has been plastically deformed* Similar observations 
have been made by Pops and Idas sal ski (107), when martensite 
formed on subzero cooling;, cycling ■ through the M^.
Precipitation of both a rods and plates is
accelerated in slip markings, whether they are the broader slip 
bands constituting bands of secondary slip or persistent slip 
markings. The mode of deformation did not influence the 
precipitation. Both forms of precipitation took the form of 
stringers of product giving a morphology which has been 
described as ‘reedy1, Figs. 287, 296, 300, 315, 316, 317.
The incubation period was reduced for a rod 
precipitation along slip planes. The product rapidly 
increased in size and frequently internal markings, presumably 
growth twins, formed within the rods, Figs. 308, 309, 310.
The produot was similar to that frequently encountered at 
grain boundaries. This product presumably forms more rapidly 
because of the easier formation of nuclei in these strained 
regions coupled with accelerated diffusion due to the internal 
stress gradient#
M-*t>
5*11.3. Deformation and Disordering of the {3*.
It was hoped that precipitation along slip
markings when specimens were tempered below the B temperature,~ s
section 4,5#, would give a further indication of the influence 
of ordering on the formation of bainitie plates* The 
repeated dislocation movement along slip planes would be expected 
to increase the antiphase boundary length of the p * Pig. 39* 
so that the lattice would be effectively locally disordered (60). 
This is supported by the experimental findings of Honeycombe 
and Boas (344)* However, replica electron metallography,
Fig* 317* failed to reveal the nature of the product in the 
deformed regions.
5*11.4. Precipitation on Deformation Bands.
On the other hand precipitation on kink bands, 
section 2.12.3., yielded more precise information regarding 
the influence of localized deformation on the precipitation 
processes. During the incubation period prior to precipitation 
of either a rods or plates as previously suggested (33) )the 
boundaries of these deformation bands become sharper. This has 
been attributed to the movement of the dislocations, in the 
original model of kinlC band, Fig. proposed by Mott (321),
by thermal activation into stable arrays to minimise elastic
U !
distortion. Therefore a dislocation distribution similar to 
that constituting a low angle tilt boundary or polygonization 
sub-boundary (71) (88) is formed. The region within the band 
being rotated, possibV about a <^111') direction with respect to 
the original lattice and containing a higher dislocation 
density because of the deformation .Involved (320), At present 
no orientation relationship between the kink bands and the 
original (3* has been established,,
Tempering above the B temperature, section 4#5«2. 
results in accelerated precipitation of a rods within the 
actual band, Figs* 311, 312, 313* The product being refined 
in size which suggests that dislocation may be acting as 
nucleation sites for the precipitation, but it could equally 
be that the higher deformation is favouring a shear nucleus as 
suggested in, section 5*11*2. Further accelerated precipitation 
occurs along the kink band/matrix boundary, Fig. 311* The a 
rods precipitate along this tilt boundary and grow into the 
undeformed 0 with a growth direction parallel with a rods 
precipitating in this matrix,, The fine regular spacing of these 
boundary rods, may indicate a direct correlation between the 
dislocation density and number of rods nucleated. This 
confirms the importance of grain boundaries, section 5*8*, in
supporting rod formation, by the provision of nucleation sites
and faster diffusion kinetics, section 5*8* One further
point that does emerge is that piecipitation directions within
the kink band, because of the misorientation involved, do not
correlate with a rod directions in the surrounding, less
deformed, matrix.
Precipitation on kink bands on tempering below the
B temperature, section 4-*5*3«* takes a different form from that s
discussed above. Under these conditions, when plates form, 
no boundary precipitation occurs, Figs, 301 and 318, This 
complies with earlier findings that the precipitate of plates 
is not influenced by grain boundaries, section 5«8. However, 
the precipitation of plates within the band is accelerated by 
the deformation reducing the overall energy required for 
nucleation. This is further supported by the marked orientation 
dependence of the product,
5,11,3* Conclusion,
Plastic deformation causes an acceleration of the 
nucleation of plates and an ensuing refinement of this 
product. a rod formation is affected more by an acceleration 
of diffusional growth, and so this product becomes coarser.
Localized regions of plastic deformation* e.g., slip bands and 
kink bands, acted as sites for preferential nucleation of 
either product.
6. CONCLUSIONS
6*1* G-eneral Conclusions.
As a result of the above cornsiderations it is possible to 
come to the following conclusionsi-
1. On tempering metastable (3* copper-zinc alloys two types of 
precipitation processes are observed, giving two separate *0* 
curves on the graphs representing the variation of the 
incubation period with tempering temperature.
2. At high temperature the produot is rodlike, whilst at low 
temperature it is platelike.
3* Both forms of precipitation are morphologically and 
kinetically separable.
H y
4# g-^  Plates*
(a) The plates do not form above a fixed upper temperature
limit for a given composition. With increasing solute content 
this transition temperature decreases at a rate of approximately 
95°C per 1 at,$ zinc addition,
(b) The upper temperature limit for the formation of plates 
has been designated a B g temperature. From the parallelism
of this B g temperature with the M g and temperatures the 
stability of the plates may be related directly to the 
low resistance of the matrix to (Oil) [Oil] shear,
(c) The plates form along 2,11.12 ■ habit planes. The
habit plane varies little with composition or temperature as
predicted by the phenomenoligical theory of martensite formation 
when applied to b.c.c.  - f.c.c. transformation.
(d) The plates occur predominantly as obtuse angle tV ,
pairs , particularly during the early stages of transformation.
The plates lie symmetrically about a common -ilOO^ interface
'P
plane. The two variants of the habit plane are associated 
with a common ...Oil; ^ pole and are of the type (2.11,12)^ and 
(2.11.12)-
(e) Tilting on a pre-polished surface accompanies the 
formation of plates and implies the presence of a shear 
component (lattice invariant strain) during transformation.
This takes the form of a single tilt of 7-11° with associated 
accommodation deformation of the adjacent matrix,
(f) The X-ray diffraction pattern obtained from the plates 
indicates that their structure is face centred cubic together 
with extra reflections. These extra reflections may 'arise 
from the high density of internal markings lying within the 
a, plates along (111) - planes, parallel with ’,110; a
JL ' -^1 . C . C . ' p
planes, and possibly resulting from the ^nhomogeneous shear 
component of the phenomenological theory of martensite 
formation. These markings form on a specific variant of the
f '! ./ i
(111*- or (110;, for a given variant of the I 2,11.12} ^ 'f.c.c. 'b.c.c.
habit plane. The extra reflections possibly arise from these 
internal markings and consequently the structure of the 
plates may be concluded to be a faulted face cente’red cubic 
structure,
(s) With increasing reaction time the fault density within 
the plates decreases, possibly by the movement of S4hockley 
partial dislocations.
(h) The plates form initially with the composition of the 
P matrix, but become progressively enriched in copper as the 
transformation proceeds. Although a crystallographic 
similarity exists between the plates and the sub-zero
martensite the existence of the composition change indicates 
that the transformation is not martensitic, Consequently 
the existence of this composition change together with the 
crystallographic features may he taken as conclusive evidence 
that the process is*bainitic*, confirming earlier suggestions. 
The edgewise growth of the plates is considered to he 
controlled hy the rate of diffusion of zinc away from the 
leading edge of the plate into the surrounding {3 matrix. The 
process depends upon a diffusivity ratio of 2/1 for zinc/copper 
in the j3 matrix so that the rim surrounding the plate becomes 
enriched in copper and expands by a displacive or shear 
process. As the atom movements involved are similar to those 
required for martensite formation this accounts for the 
crystallographic similarity of the two products.
(i) The relief accompanying this bainitie process is maintained 
as a consequence of the martensitic semicoherence of the 
interface.
(j) Widthwise growth of the q^ plates is slower than the 
lengthwise growth and is possibly controlled by diffusion within 
the product.
5. a Rods.
(a) The high temperature a rods form with an equilibrium 
composition and have a face centred cubic structure.
(b) Surface tilting accompanies the formation of a rods, 
initially taking the form of a simple double tilt about a 
central midrib (when the long axis (111/ lies in the plane 
of polish) and developing into multiple tilting suggesting
fsheaf1 formation. Accommodation deformation of the adjacent 
(3 matrix allows for the small volume contraction accompanying 
the process. The surface tilting implies that a shear 
component is-operative,
(c) No substructure is present within the a rods,
(d) The presence of the surface tilting accompanying the 
formation of the a rods may mean that it should be more 
strictly be termed bainitie. But at present there is 
insufficient evidence available to state this unambiguously 
particularly in view of the equilibrium composition involved. 
Consequently, it may be that in all processes both sheaf and 
diffu'sional components are involved and in the present case the 
shear component is small and the diffusional is overiding.
(e) The lengthwise growth obeys a linear growth law and the 
measured growth rates decrease with decreasing reaction 
temperature. Growth continues by downhill diffusion into 
the parent phase until both parent and product attain near 
equilibrium compositions.
±19
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(f) The widthwise growth obeys a parabolic growth lav so that j
the rods reach a limiting width. The sporadic growth possibly |
arises as a consequence of * sheaf* formation of rods. The 
parabolic growth indicates that the widthwise growth is based 
upon long range diffusion of zinc away from the planar rod |
j
facets. Consequently widthwise growth is completely ji
diffusion controlled. jj
(g) Planar facets corresponding with low energy interfaces |
of the type » 110’- // 4’111/ on a rods formed by low+ ' a, I
temperature transformation,a rods formed at higher temperatures 
develop more facets all lying around a < 111) zone, but 
not necessarily low index planes.
(h) The rod matrix interfacial boundary is a dislocation 
boundary but at present it is not possible to state 
unambiguously that it is a semicoherent boundary of the 
e^pibaxial type and in view of the relief accompanying the 
formation of rods it is possible that the interface is 
actually a mixture of easpitaxial and martensitic character.
6. Mixture of plates and q rods.
(a) On tempering over a limited temperature range immediately 
below the B temperature a mixture of cu plates and a rods
S  X
precipitates. The proportion of rods decreasing with decreasing 
temperature.
(b) a rods nucleate f r o m  the original a^plates 
pi’eferentially and in the adjacent (3* matrix. The nucleation
from the original plate edges is an example of Sympathetic* 
nucleation. In the present case the a rods grow from the 
unfaulted regions within the plate close to a "111 b 
habit direction with 1110 ) planar facets and an inherited 
orientation.
(c) plates in the rod/plate mixture with increasing 
reaction time tend to decompose leaving an all rod structure 
because of the lower interfacial energy of the rods. Further 
growth ofithe larger o rods proceeds with the resolution of the 
smaller a rods and in particular those which have been 
sympathetically nucleated.
(d) A mixed product exhibiting similar morphological features
to those encounter just below the B forms when specimens
s
partially transformed to plates are heat treated above the 
B g temperature,
7.
Grain boundaries formed between grains of suitable 
misorientation provide suitable sites for a rod nucleation 
and accelerated growth, but plate nucleation because of its 
marked shear dependence does not occur at the grain boundaries.
8. Ternary Copper/G-old/Zinc Alloys.
(a) A ternary addition of gold fails to extensively alter the 
shape of the T.T.T. curves and three distinct morphology regions 
similar to those encountered for the binary alloys have been 
located.
(b) The preoipitation products formed on tempering the metastablr
I
(3* phase of ternary alloys are similar in character and j
crystallographic features to those of the binary alloys, |
consequently it may be assumed that gold substitutes directly j
for copper.
(c) The failure of gold to influence significantly the B
a 1
temperature indicates that the order/disorder transition in the 
(3 matrix fails to influence the transition from a rods to a. j j
X  i i :I;
plates. i
9• HardeningancL precipitation
(a) Hardening on the precipitation of a second phase from f
metastable (3* is associated only with plates and not a rods, J
and this feature has allowed a means of locating the upper
temperature limit to a, plate formation (B ), althou gh lessj. s
accurately, sufficient to confirm the previously determined 
values by other techniques.
0>) plate hardening has been suggested to occur because of
the limitations imposed by the -111;' stacking faults
' i . c . c •
within the plates on the possible slip planes illl V which
■„ *
match with the active slip plane <110V in the |3, which allow
% •
easy glide* Consequently only slip planes parallel with the 
fault plane satisfy this condition so-fcthat pronounced hardening 
enhanced by the large volume fraction of plates, ensues.
(c) a rods fail to cause hardening as they deform preferentially 
to the (3* matrix because of the larger number of slip planes 
available.
10.
Plastic deformation, both tensile and compressive, 
causes an acceleration of the nucleation of plates qn^an 
ensuing refinement of this product, a rod formation is 
affected by an acceleration of diffusional growth so that the 
product coarsens. Localized regions of plastic deformation, 
e.g., slip,kink bands, act as sites for preferential nucleation 
of either product.
6.2. Future Work.
In view of the findings of the present investigation 
concerning the isothermal decomposition of the metastable j3*
phase of binary-oopper zinc alloys it is suggested that certain 
specific aspects should be considered in more detail*
(a) T.T.T. Diagrams*
It would be of value to establish the times required 
for the completion of the transformation at various temperatures 
Further at transformation temperatures directly below the B s
temperature a precise method of determining the time for the 
onset of a rod precipitation, i.e., the completion of 
plate precipitation, in view of the importance attached to 
this feature in section 5* Normal quantitative metallographic 
techniques, for both features are difficult to apply, because 
of the fineness of the plate-like product* Consequently the 
adoption of a resistometric or dilatometric technique may 
provide suitable quantitative data*
0 0  Nucleation *
It would be useful to establish the time dependence 
of the nucleation of both a rods and plates* Perhaps more 
important would be a thin foil electron metallographic 
investigation to establish the nucleation sites for both a rods 
and plates* Such an investigation would necessitate 
transformation of foils of metastable p* in the microscope 
using a heating stage. The proposals made in section 5*
mconcerning the nucleation of plates and rods may be. 
critically tested in this way. Such direct observations would 
also allow resolution of the nature of the *autocatalytic* 
nucleation of plates, in particular whether this occurs 
directly from the leading plate edge or away from it in the 
adjacent {3* matrix, Sympathetic* nucleation of a rods from 
the plates in the mixed product region could also be 
considered. With this technique it should be possible to 
obtain more exact information concerning the correlation of the 
growth of a rods with the unfaulted regionswithin the plate. 
Further the distribution of the interfacial dislocations between 
the rod and plate should be resolved by this method. Selected 
area diffraction of the unfaulted region within the plate, and 
also of the sympathetically nucleated rod, should unambiguously 
confirm the inherited orientation of the rod.
(c) Growth.,
A hot stage microscopy technique is required which 
gives sufficient magnification (perhaps more strictly 
resolution) so that edge-wise and width-wise growth rates for 
plates may be established. By varying the temperature for 
a given composition binary alloy the activation energy of the 
growth process may be established, and further support may be
obtained for the proposed growth process. Also a suitable
composition alloy should be selected, say with a B temperature
s
of *'350°C, so that the variation of length-wise growth, with 
temperature for both rods and plates, may be established.
From this data the activation energies for the two growth processes 
may be deduced. Ah it has been suggested that both growth pro­
cesses are controlled by the. diffusion of zinc away from the • 
advancing interface, a continuous change of activation energy with j 
temperature would be ■ expected, Any di©continuity,if found, may |
II
help-in the ihterpret-ation and correlation of diffusion and interfhcial mobility. |
I
It would also be possible to investigate the influence {
!'
of zinc content on the growth rates of rods and plates. 1
(d) Interfacial Structure and Mobility. i
A thin foil investigation should be conducted to 
establish the nature of the dislocation array at the interphase 
boundary between the rods and the matrix. This would be of 
especial benefit if used in conjunction with serial sectioning j
analysis to establish uniquely the plane on which the facets form 
on a rods at low reaction temperatures. Such precise knowledge 
would allow a more critical assessment of the proposals of 
Christian (77) concerning the shape change associated with 
the formation of a rods. Further by combining such information
with suitable kinetic data it would be possible to correlate 
boundary mobility with the nature of the interphase boundary*
(e) The lack of suitable experimental techniques means that 
the interfacial and strain energies present in solid state 
transformations cannot be measured directly. Such direct 
measurements would allow the discrimination between strain 
energy, elastic anistropy and orientation dependent growth rates, 
thereby allowing a unique conclusion as to which controls the 
product shape in the present system. This would be particularly 
true for the a rods.
(f) Consider the formation of a non-ferrous bainite in other 
alloy systems and to try to establish similar kinetic,
crystallographic and morphological features to those found in 
the binary copper-zinc system. One alloy system which may be 
of particular interest is nickel-zinc.
wAPPENDIX A 
Electron Probe Microan;
Absorption.
The inter-element absorption for binary copper zinc alloys 
may be calculated using the equation derived by Philibert (332): :
1/F(X,) = (1+1) [l+h (X+?Vcf) ]
where h = const. A
z2
and ^  = %  cosec 9
From table III Philibert (332) .
h zn = °.°87
h ou = °-°91
Similarly from Table 1, Philibert(332) for an operational voltage 
of 25 Kv
o-25K = 2550.
V
The mass absorption coefficients for K lines, were obtained fromcc
Heinrich Tables:
^/p ^uemmitter ^nabsorber = 59*5 
^/p ^Uabsorber ^nemmitter = 44.2
mHencei 54 ou = 59.5 x cosec 9 = 59.5 x 2.92 = 174*
X  zn " 44.2 x cosec 9 = 44.2 x 2.92 =129.
For copper:
l/F(X)cu = (1 + ^|2|) [1 + 0.091 (1 + ~ ^ )  ]
= 1.0682 [1 + 0.0964]
= 1.1706.
and for zinc:
VF(X)zn- = (1 + jiff) [1 + 0.087 (1 + ~ | § )  ] \
= (1.0505) [l + 0.0914]
= 1.1466
F O O o u = 1.1466 = 0.9797 = 0.98.
F(X)zn 1.1706
The correction for absorption will therefore be negligible! 
Calculation of Results: j
As an example results for a 40.9 at.$ or 41.6 w t ,fo zinc I 
alloy isothermally tempered at 500° C for 10 minutes are used to 
indicate the method of calculating compositions from electron 
probe microanalysis,
(a) Scaler readings for 100 second count.
copper zinc
a(rod) 22° 36» 607877 21° 00‘ 313007
I
22° 3 7 ’ 661498/ 660814/661398 21° 01 » 317 848/ 320014/ 3187°'!- 5
22° 38» 584248 21° 02« 306969
copper zinc
P 1(matrix)
22° 36 * 561129 20° 59* 335887
22° 37 * 602905/602704/603001 21° 00* 371570/ 371480/372001
22° 30* 587216 21° 01* 362698
Standard: metastable (3* 43.4 at.$ or 44.1 wt.% zinc
copper zinc
22° 35' 618585/618600/618499 20° 58^* 363058/363100/363143
Base count: 6759/6800/6799
(b) Mean values in counts/second,
copper zinc
(rod) 6612 3189
(matrix) 6028 3717
Standard 6186 3631
Base 68
(c) Correction for Delay Time:
The delay time is corrected by the following equation:
n = n *
1-np ,
where n = true count/second
n*= actual count/second 
p = paralysis time = 5fu seconds.
The correction values & n  are plotted against actual count 
■values n * in Fig. 332 . The observed values may then be
corrected for delay time.
copper zinc
a(rod) 6612 3189
226 51
6838 324.0
(3(matrix) 6028 3717
187 71
6213 3788
Standard 6186 3631
. 197 67
6 3 8 3  3698
(d) These values were further corrected for the base count:
copper zinc
(rod) 6770 3182
(matrix) 6137 3720
Standard 6313 3630
(e) Hence at,$ copper and zinc in the tempered alloy may be 
deduced:
a(rod) „ ,
Cu/ zn
wt.$ copper = 55*9 x 6770 = 60.02$ 1.55
6315
wt.$ zinc = 4.4-.1 x 3182 = 38.66$
3683
P f(matrix) 1
wt.$ copper = 55«9 x 6157 = 54-. 59$ 1.21
6315
wt 8$ zinc = 4-4-. 1 x 3720 = 4-5.19$
3630
APPENDIX B.
The Separation of the Ka^ and Kcig Doublet
In section 4*8. the method described by RAchinger 
(349) was used to isolate the Ka^a^ peak. It is based on
the following relationship:- v 
Intensity of 
Intensity of
But a knowledge of the 2© separation of the and cig is also 
necessary and this information may be calculated from the formula:
where d is the doublet separation.
The first step in the procedure is to divide the profile 
into strips by ordinates of separation d , starting at position ^ 
Fig* 330, which corresponds to the termination of the Ka^ peak.
translating them, a distance -d the ag curve is obtained for
by subtraction of the ag curve from the combined trace. The
From x to x-d the trace corresponds with the combined a]_+ag 
trace. By halving the ordinates between x and x-d and
x-d and x—2d. The curve in this range is then obtained
procedure is then repeated, so that the ag curve in the range
S-STL
x—2d and x*~3d is obtained by halving the ordinates from
x-d to x-2d and displacing the reduced curve by a distance —d f
The procedure is continued until the combined curve has been
completely resolved into the and component curves.
Profile Analysis.
Line broadening derived from the mean particle size, has
been shown (49) to vary with wavelength \ and diffraction angle
according to relationship
A = £ k -----
p t COS©
where t is the effective size of the crystallite and K is a
constant approximating to unity.
If individual grains or subgrain regions are stressed
different amounts ,so that inter-planar distances vary from region
to region, a diffracted line from the material as a whole will
be the sum of the individual components that deviate slightly
from one another. The composite line will therefore be broadened#
When broadening results from lattice strain only, the relationship
between the integral breadth (3 and the integral breadth of thes
strain distribution e may be expressed as
6 = 2e tan 0
s
Barrett (49) has shown this relationship can also be obtained
by taking the logarithmic derivative of Braggs Law.
It has been proposed that when line shapes
take the Cauchy form (y = I ) , broadening is additive
r 2 2I + a x
and the particle size and strain equation combine.
' 0 = V
= KA. + 2e tan 9
t c o s 0
which in terms of reciprocal space may be written
K , -.s(3 = ~ + ed
But K ^  1
1 , -,5=p = - + ed
Thus plotting p" against d gives an intercept l/t and a slope e .
x a. • a -  . nCOS 6In practice (3 = (3*— — ■
JU3
d " = 2 sin 9 
X
5c 0
d is therefore easily calculated from the peak position,
after a Rachinger separation (34-9) . (3 is calculated from:
area under x 0.1745 
intensity of 
Hence (3 nay be deduced.
APPENDIX
Calculation of the Position and Intensity of Diffraction Lines.
a brass :
Table -26 shows the calculated positions and relative 
intensities of the diffraction lines obtained from a brass (f.c.c.) 
with a lattice parameter of 3®70°A, using Cu Ka radiation. The 
method of calculation is as follows:
Eor the 111 reflection
1/a2 =
(3.7)2
d = 2.12
From tablesp (346) 29 could be determined from this value of
d for Cu Ka radiation.
29 = 42° 36'
e  =  2 i °  18’
Intensity is calculated from the follo?;ing relationship
1 = H 2 , p • L
where F = structure factor
P = multiplicity factor „
1 ■+■ cos ^L = Lorentz polarization factor =
sin 9 cos9
cur !T
The condition for reflection in f.c.c. structures is 
|f1 2 = l6f2 
where f is the atomic scattering factor.
As this is a binary system the mean atomic scattering 
factor for copper and zinc has to be considered.
fav - ^ cu + fzn
feu and fzn can be obtained from tables (50) which are
plotted in Fig.331, against Sin9 . Hence fav is obtained.
X
.*. 9 = 21° 18*
Sin9 = n—  = 0.2361. 542
fav = 20.5
\F^2 = i6f2
= 6720
The multiplying factors for cubic systems are: 
hkl hhl Okl Okk hhh 001
48 24 12 12 8 6
However, values for hkl and Okl are subject to qualification 
and hkl is general 24.
Hence for the 111 reflection
P = 8
Values for L v/ere obtained from tables (50)
■ L = 13 
I = 6720 x 8. x 13
=  7 x  105
Similarly the intensity values for the other reflections were' 
calculated. Hence the relative line intensities were deduced, 
whereby the highest intensity was given an arbitary value 100,
Close Pack Hexagonal Structure.
The close packed hexagonal structure was based on an 
f.c.c. unit cell of 3.70°A5 Table 27.
Hence the hexagonal unit cell has parameters: 
a^ = 2 . 6l 64 2. 
c = 4.2728 1 
For hex. quadratic form
1/2 = 4/ h2 + hk + k2 + l2/ 2
d j 2 ....... e
a
2 2 2 2 2 2 
S = h  + k  + h k = k  + i + k i = i  + h + i h
?/here i = ~ ( h + k )
For the 10,0 reflection.
1/t 2 = + 0
( 3 . 7 )  
a  =  2.295
'^T7
Hence from tables (34-6)
20 = 39° 12 *
0 = 19° 36*
2
Intensity = |f | . P . L .
The condition for reflection in a hexagonal structure is:
\
h + 2. k 1 F 2
3n odd .0
2
3n even 4-f
3n + 1 odd 3f^
23n + 1 even f
For this 10.0 reflection
h + 2k = 1
2 2 
l-Fp = f
From Fig.331, 
when sinO = 0.33589 _ 0.28 
X 1.54-2
fav = 18.5
\F\ 2 = 18.5
= 34-3 
I = 34-3. P . L .
The multiplicity factors for hexagonal structures are 
hk.l hh.l ok.l hk.o hh.o ok.o oo.l 
24 12 12 12 6 6 2
10.0 P = 6
L = 16 (from table s) (50) .
I = 343 x 16 x 6 
= 32900
Similarly intensity values for the other reflections were 
calculated and relative line intensities deduced.
APPENDIX D.
Calculation of g Rod Geometry.
Based on Fig . 329*
As sumption s : -
1. x = x in normal section.
2. Section taken on plane about rotation axis P . 
from A  a cd
04 = 7(3.1)2 - (2.3Sin /) )2
Condition for normal section 
xy = cd.
(5.1 003 0 ) 2 = (3.I)2 - (2.3 Sin 0 ) 2
(5.1 ooa 0 ) 2 = (3.I)2 - (2.3 1-oos 0 ) 2
2 2 
25.5 cos 0  = 9.6 - 5.3 + 5.3 cos 0
2 1 
20.2 cos 0 = 4.3
00E ^  = j2otz = Ia94 = °-46 * ^'60<
Thus.
A
bed = G
tanG = =
be 2.3 cos 60
2 1
tanG =
i • l i)
= 1.83
& = 61° 181 -o- 61°
^4*
Thus consistent with angles between ^lio}  ^ planes.
Hence using a Kur&junov Sachs orientation relationship these 
are I111) a facets (section 4,5,2. )
Angles 61° and 122°
APPENDIX E.
Calculation of the Ordering Temperature of a Ternary Copper Zinc 
G-olcL Alloy:
The influence of a ternary addition (c) on the order/
disorder transition temperature has been considered theoretically
by Krivoglaz and Smirnov (43) for a B2 binary system (A.B.)?
If in B2_ alloys of nearly stoichiometric composition
A.B, , i.e. , where (Z = 8 C C_ sv i)A B
Then
where YJ^ and Yf^ are ordering energies, Tq the ordering
temperature of the binary system K the Boltzmann constant.
In order to obtain an indication by what amount 4 at.^
gold will raise the transition temperature in the ternary alloys
I and II, the compositions are shown in Table 6 , a stoichiometric
binary alloy composition is assumed.
(Cn = n = i) v Cu Z n . ^
Ordering energy for Cu.Au
49 { 1 - £t£
4 8 co sh W a c J^b c ^4k T
) C
Ordering energy for Au Zn is given by Krivoglaz and Smirnov (43) 
as 0,058 ev
• ^  =  49 (1  -  i i _ _ _ _ _ _ _ 1_ _ _ _ _ _ _ _  )  c  .
0 ^  cosh2 0.161 -  0 , 0 5 8  )
4kTQ
a t  _ 49 ( 1 ~ 49 1 ) CA    —  \  in M w w n m  is r  p— a g na g s a  /  A l l
To ( o o s ^ O .42 )
=  w  ( 1  -  ba. . . . . . . .  .1 . ... )  c
( Zf8 1.186 )
A T  = 8.35. C
Au
To
Au
A T  = 8 „ 35 x 0.04 
741
= 741 x 0.5340 
A T  = 248 °K 
Tq for ternary alloy = 7l6°C 
where Tq for binary alloy = 468°C 
Difference = 250°C
For ternary alloys containing 40 and 42 at. 6^ zinc, and 
using Tq values for the binary calculated from the Sykes 
Wilkinson equation (17) the ordering temperatures will be 
approximately 690 and 700°C respectively.
*13
APPENDIX P
Calculation of Habit Plane for b.c.c. — * f.c.c. 
Transformation.
For the b.c.c. — $ f.c.c. transformation the 
explicit expression for the h k l  indices, referred to the 
b.c.c* axes, have been obtained by Wechsler et al* (Id ) 
and discussed by Otte and Massalski (175 )• This may be
expressed in terms of r\^  and (principle distortions) 
ass- r    v.
•t / / ^  *■ ' n & I n  V
h . ^  ■' / 1^ + 2^ ~ 2V»2 _ I 2 ~ 1^ ~ 2^ [
\ /
k = A \  + / • f
2• H i  * 2n 2 -  2 t ' i t | 2  _ h 2~  “H i 2~ ^2
l - 12^ * 1 ~
Vr\\
2 + 2n 2 - 2f 4   ^1 2 2**■ *1 2-  r , 2
l - 4  J 1 - w
i = —■ H t  /  * r - - - 2
1 - T12
where if the
b.c.c* parameter = ao 
f.c.c. parameter = a
Then a q ^ J z  an^ ^2 * S/ao 
o^
2
whilst V = ^1^2 * w^ere v = relative volume.
The habit planes in the present case are required for the 
b.c.c. — 1y f • c,o. transformation in metastable {3* copper-zinc
yly
alloys of 39 at.% zinc and 44 a.t.% zino composition, assuming, 
no composition change during transformation. The lattice 
parameters obtained by Beck and Smith (13) are:-
39.0 at.Jo Zn. 44 at.fo Zn.
°.(a) 3.702 X 3.707 X
P(a°) 2.939 X 2.947 X
Hence for the 39*0 at.J& zino composition the habit plane 
calculated from these values is:-
/ - 0.160,044 \
| 0.740,485 I
\  0.659,830 J
and corresponds to V = 0.999045
For the 44 a t z i n c  composition the habit plane is:-
0.184,775 \
i \
i 0.715,950 \
\ I
\ 0.673,600 j
and corresponds to V = 0.994902,
The angle between these two poles calculated on 
a digital computer is 1° 36*.
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2ABLE 1
System . Structure , Habit Plane Reference
Cu Za. b.c.c* orthorhombio 2 11 12 (110)
Cu Sn. b.o.o* orthorhombio 1 3 3 (91)
Au Cd. b.O.C* orthorhombio 1 3 3 (125)
2 0 $ Cu Au 30.2$Za b.c.c. orthorhombio 133 H O (149)
Cu 11-13$il . b.c.c. distorted o*p*h* 133 (92)
Cu 13-14^1 b.c.c*
•
orthorhombio 122 m
Cu 12.8gHL 7.7N1 b.c.c* ? 155 (150)
Cu 14&U 3^Ni b.c.c. ' ? . 122-133 (151)
Li' b.c.c* c.p.h* 144 (121)
a y  i^oa b.c.c. f.o.o* Close to 110 (152)
approx* 133
Fig. 1. The B2 Structure.’
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Thr copper-zinc phase diagram, 
from Hansen (4)
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Fig. 1, Copper-zinc constitution diagram 
from Beck and Smith (13)
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Fig. 50 The composition dependence of the elastic
moduli of p x copper-zinc, from McManus (30)
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from Christian (3$) and Smith (168)
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ning is sim ilar except for preferred directions.
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graphically related and may 
branch repeatedly. Typical 
W idmanstiitten structure.
M assive transformation. Single-phase product avoiding low- 
energy critical orientational relations w ith environm ent into which 
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Bainite. Oriented parallel 
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Fig, 7, The depression of scattering factors of copper and zinc 
for wavelengths in the neighbourhood of the K absorption 
edges, from Lipson (4l)
470
450
450
/
4I0
/
39 41 43 45 47 4?ATOMIC
Fig, 8. The variation of the Curie temperature for metastable brass, 
calculated from..the relationship proposed by Sykes and Wilkinson (17)
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Fig. 9. Schematic representation of a superlattice dislocation in an 
ideal simple cubic lattice together with two thermally produced antiphase 
boundaries? from Marcincowski (57)
X
Fig, 10. Unit cell associated with the B2 type superlattice showing 
the antiphase boundary vector, from Marcincowski (57)
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Fig. IX. A /2 I.111J (010) antiphase boundary in the 
B2 type superlattice.
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Fig, 12, The critical temperature for long range ordering as a function 
of atomic percent of gold in the alloy (x) Au* (50-jc) Ag* 50 Zn* from 
Muldawar (65),
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A simple epitaxial semicoherent boundary with 
edge-type dislocations, from Christian (77).
I i j "T ‘ Interface !
1 I d is locations
i i '
| :
Fig, 15, A schematic picture of' martensite interface of dislocation., 
from Christian (38), OA and 0!A* are corresponding lattice vectors,,
02 and 0*Z! are matching macroscopic vectors.
Fig, 16, The variation of boundary energy with orientation in a simple 
cubic lattice* from Head and Shockley (83). The deep cusp at 53° 
represents a |210] twin boundary.
Atomic  %  Zinc  
4 0  41 4 238 39
3 0 0
0 ^
2 5 0
-50
200
’ -100 Q.
I 1 5 0  Fi
-150
100
I
j -200
5 0^-Tichener and Bever 
— O-Kurdyumov 
•  ■ -P re s e n t  Resul ts
- 2 5 0
. C om positions and T ransform ation  
T em peratu res of C opper-Z inc A lloys
Transformation Temp., C
Alloy Wt Pet Cu Wt Pet Zn Vs i hi
1 61.45 38.55 -10 -26
2 60.80 39.20 -59 -80
3 60.54 39.46 -67 -95
4 60.40 39.60 -66 -104
5 60.07 39.93 -95 -135
6 59.4 40.6 -148 -184
7 58.96 41.04 -165 -210
8 58.84 41.16 -158 -234
9 58.75 41.25 -187 -248
10 58.67 41.33 -174 -240
11 58.51 41.49 -175 -259
12 58.42 41.58 -219 No transformation
13 58.28 41.62 -209 No transformation
14 58.03 41.97 -242 No transformation
15 57.53 42.47 No transformation No transformation
16 56.49 43.51 No transformation No transformation
17 55.35 44.65 No transformation No transformation
18 52.89 47.11 No transformation No transformation
' «   — —— —wmiFiTT-_!_M
Fig. 17. The ■variation of the Ms and Mb temperatures vith zinc content
in the copper-zinc system, from Pops and Mas sal ski (107),
Fig, IB. Zigzag array of rnartensite plates produced by transformation
of metastable /]-brass at ~196°C, from Hull (132),
(T1 1)
Present
Results
W.L.R.
Theory
38  5 5 % Z n  
4 1 .49  % Zn
(011)(001)
Fig, 19o The experimental and calculated habit planes for alloys 
containing 38.55 and 41*49 pet Zn, from Pops and iiassalski (107).
Index letter
' Approx. indices 
o f
| habit plane j
Components o f  unit vector  
normal to  habit piano
Vo• ± 1 o
C om ponents o f  unit vector  
in shear dii-oct-ion
j Indices o f  dirco 
! t-ion of atom
j movement,
A
i
(2 .12 .H ),, ;
.
0.120 .!- 0.017 12-44 0.02(1 -1- 0.080 j LOU!;
0.710 '± 0.012- -0 .7 0 1 +  0.012
I 0.(182 +  0.012 0.713 4- 0.012
Ji (2.12.11)., ; (1.12(1 •)- 0.017 0-30 0.035 ;j_ 0.080 [011
0.7111 ;;; 0.012 0.0!)5 - j -  0 . 0 1 2
(Ui82 ±  0.012 — 0.710 4- 0.012 .
a (2.11.12),, — 0.12(1 0.017 13-30 —0.013 -h 0.080 i [ O i l  1 ;
0.(182 1- 0.012 0.713 4- 0.012 1 '■ I
0.710 -1- 0.012 - 0 .7 0 1 4- 0.012
a (2.11.12),, I -0 .1 2 (1  ±  0.017 8-G2 -O .O ill ±  0.080 j [011],-
0.082 ±  0.012 -0 .7 1 0 -h 0.012
|
0.71!) 4- 0.012 0.005 ±  0.012
* Iii th is analysis the distortions are assum ed to  be pure shears on tho habit planes. Tito d ilatations normal to these plum -., 
have been neglected. There is som e justification for th is assum ption sinco dilatom etric studios o f  an analogous transformation of 
the /j phase in C u -A l-X i alloys have indicated a contraction o f only 0.25 per cent in volum e.
€  M pv iM S  i f  Expcriawatai O b se rv a tio n s  a n d  T h e o re tic a l P red ic tio n s
D iscrepancy l-vptl.
t .rro r
4 ± 2
9 ± 5
1 ± 3
5 ± 4
3" ± 2 -
1 24' * 2
36' ± 2
1 24' " * 2
1 6 ' ± 2
1 ± T
12' ± 2 "
Interface Plane 
Norm al (n
Shear D irection (s)
Angle o f  Shear
I u in-l‘lane 
N orm al HI
O rien ta tion
Relationship
Experim ental
O bservations
0-682 
0-719 
0  126
0-695 
0 719 
0  091
6 from  
110;,
(10 1 1 .4  from  (111), 
t o l l ) ,  10 from  ( I I I ) ,
; 11101,7 from  (010),
Plane con ta in ing  60 
directions 4 from  (101),
I I I  , ro ta tes 0  o r
10
100 , ro ta tes 7
T heoretical Predictions
[064891 0-7385 
0-1825_|'S
[ 069501 - 0  6739 
0  2540j'l
[
0  06901 
0-5625 
0  823xJ'i
Twin I 
(101), 7 from  ( I I I ) , '  
(0 1 1) , J  I 24' from  
( I I I ) , ',
< 110), 6 24 from  (010),',
(010)-., 5 24 from  (110),
| l  11] , ro ta tes  I 6 '
[ I I I ] ,  ro ta tes  II
[001), ro ta tes  6 48 '
Twin
(100),',. 7.1 from  
HOT),
Table 2* The analysis of the crystallographic features of copper-zinc 
martensite, from Garwood and Hull (120) and Jolley and Hull (116)*
Fig, 20. Atonic notions during 
mechanical twinning of a AB alloy 
with a B2 structure. Circles 
represent A atoms, squares 
represent B atoms. The cross- 
section of a unit cell with sides 
a and a 2 is outlined, from 
Cahn and Coll (135)*
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Fig, 21, The low-temperature transformations of the phase in 
copper-zinc, from Massalski and Barrett (139)*
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Fig, 22. The hypothetical free energy—temperature relationships for 
austenite and martensite, from Walker and Borland (99)«
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Fig, 23. The basic relation between the b.c.c. lattice and the 
essentially close-packed structures resulting from martensitic 
transformation^ from Warlirnont (129).
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Fig, 24# A schematic plot of volume strain energy ¥ as a function of 
ratio of semiaxial lengths, c/a, of a precipitate crystal* from 
Nabarro (182). *
Fig, 25. The grain boundary movement occurring during the formation 
of the precipitate, from Wood and Hellawell (199).
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Fig0 26, The theoretical lG1 curve for bainite formation, 
after Fisher (215)*
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Fi'a 27» The effect of reaction temperature on the growth rate of 
bainite in steel, from Oblak et al (211)0
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iio-010;
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In v a ria n t l i n e ( I )
57%
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001,
• N 1
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100,
Fig, 28. The stereographic analysis of the b.c.c. f.c.c. lattice 
transformation , from Garwood (167) . Poles for <  lattice are open 
symbols and for A lattice closed symbols.
Table 3 •
Predictions of the stereographic analysis of the 
bcc->fcc transformations*
Interface plane 
normal, N
Shear 
direction S 
in habit plane
Angle of shear
Invariant line of 
Bain strain+ 
rotation
Orientation
Relationship
Solution A 
directions {a-c)
oIUlH/s
llla 4° from 
101*
' Solution B 
directions (b-c)
--0-7254“ "-0-1822“
0-6561 -0-6561
0-2079. 0 0-7314.
“-0-6361“ 0-1564
-0-7547 0-7501
0-1736. 3 0-6428
12° 9-5°
"— 0-5000" ■-0-5075“
— 0-7040 0-7022
0-5000 3 0-4924 0
TOl a within Y 
oflll*
010a within 1° 
ofllOp 
llla4° from 
101/3
In making the analysis it was assumed that the atomic volumes of 
both phases are the same, and the inhomogeneous shear occurs on a (ill)
plane in the  ^112"j direction* The strains were assumed to take 
place in the sequence (a) inhomogeneous shear, (b) Bain strain,
(c) lattice rotation.
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Fig0 29# Massive 5 Cu~9#3% A1 quenched from 1020°C in 10% WaOH 
Etched with NH^OH + H2O2P from Greninger (24.6)# x 100
- 0. 0 0 0 0
0 
0
0 0 0 0 0 0 0
0
0 »o
0 0 0 0 0 0 0  0 ,0 0 0 0
0 0 0 0 0 0 0 0 0 0 0 0
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Fig. 30c Possible atomic mechanisms for diffusions
A atomsi open circles,, B atoms^ filled circles.
(a) Solute diffusion in interstitual solid solution.
(b) Place exchange and ring diffusion.
(c) Interstitual and interstitialcy diffusion.
(d) Vacancy diffusion.
Fig, $31 (a) Diffusion co­
efficients of Cu in 31/^  ©/!. brass 
from Hino et al (263)*
Fig, $31 (b) Diffusion co­
efficients of Zn in 3lfcot.brass 
from Hino et al (263) c
£ ~6<*
700 600800900
Pcu“-34 e‘4l>900/RT'cu
cm'sec
.80 90 I000> 1.00 1.10
60080 0 700
/2n-.73e-40-700/RTzn
cm''sec
1.10100 iooo/n L2090
60
S O
40
dO
20
10
A Q  K c o l / im ol.
O
O Hino et at. 
•
® Inman et al.
□
^ Kuperetal.
V v  '« x. vv  V
o(.f
fi fi
II 20 24' 2ft 32 34 40
ot.%Z<nc.
4ft
Fig, 32, The -variation of the activation energy for diffusion, with 
increasing zinc content, from Hino et al (263), Inman et al (262), 
and Kuper et al (265)*
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Fig* 34-* The variation of diffusion coefficient with temperature for 
brass* from. Kuper et al (268),
Fig, 35® Examples of the six-jump cycle, 
Circles and crosses represent different 
atomic spociosi square represents a 
vacancy. Vacancy exchanges sites with 
"circle” atom A at end of 2 a0 cycle 
(dotted ellipse) and with "circle” 
atom B at end of any outlined a0 cycle, 
"Cross” atoms participating in cycle 
exchange positions upon completion* 
after Elcock and McCombie( 271)* 
from Domain and Aaronson (273)*
S & )
TABLE 4
■I
j
[
j
Frequency factors and activation energies, after Kuper et al(268^
j\
I
Isotope Long range Temperature D (cm2/sec) H (Kcal/mol) j
J
order (S) °C I
Cu 0 0 817-497 0.011 22.04
Cu 0.55 0.78 442-581 180 57.09
Cu 0.78 0.92 581-292 80 56.02
Zn 0 0 718-499 0.0055 18.78
Zn 0.48 0.79 450-576 78000 44.25
Zn 0.79 0.96 576-264 165 56.50
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Fig, 36* The variation of stacking fault probability with zinc content
in d. brass, from Smallman•and Westmacott (297), Warren and Warekois (299),
Wagner and Helion (300) and Barett and Massalski (139)*
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Figo 37o A a0 [ill] type superlottice dislocation in the B2 type 
superlattice«
Fige 38, Dislocations in deformation bands
(a) before and (b) after polygoriization, from Mott (322)*
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Fig* 39o Successive stages of slip in ordered material 
at low temporaturesp from Flinn (60)e
Fig, /+1, Schematic diagram of quenching in.maco,
Fig. 40, General view of the quenching furnace.
(1) Metal support ring 
for brass gauze tube?
(2) * 0? ringo
c o m t r o i-l £ c (3) BaxileSo
(4) Cooling coils.
(5) lMullitef furnace 
tube.
(6) Furnace box.
(7) 6O/4O brass gauze 
tube,
and T2 thermo­
couples.
h'lp VI2 and VM> furnace 
windings.
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Fig* 42, Plot of overall tomporature fluctuation in the working zone 
of the quenching furnace? together with the temperature gradient within 
this zone0
-I 2
Fig0 43* A pot furnace used for isothermal tempering.
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Fig0 4/4c Typical temperature gradient along the length of the lead bath, 
together with the error fluctuation over the complete temperature range 
considered*
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Fig* 45« Diagrammatic section of the furnace chamber on the Reichardt 
hot stage microscope*
(1) Water cooled casing«
(2) Molybdenum resistance heater*
(3) Specimen as shown in fig* 51o
(4) Inverted microscope,,
•s'fr
s c a t t e r  s l i t
receiving paral l e l  
*  s l i t  a s s e m b l y
receiving
Vs l i t counter tubeline focus
divergence 
F v  paral leli* M  r 1,4- nccII U CLl i t  assembly
23 s c a t t e r  s l it  
ceiving parallel s l i t
divergence
receiving s l it
sp ec i me n
' focusing circle
c en t er  of 
focus ing  circle
anode
take  off
t a rge t  shadow line
center of goniometerdivergence slitd ivergence  
parallel slit 
a s sembl y
Fig. 46. niagrammatio representation of the focusing system on 
the Philips diffractometer.
Fig, 47. View of the specimen arrangement on the Xray back reflection 
camera? showing the mirror used for the location of the beam position.
«5H
Figc 43a Essential features for alignement of specimen using the Xray 
back reflection camera, (l) Intense light source, (2) Collimator.
(3) Polished stainless steel mirror. (4) Movable specimen stage.
(5) Film holder, (6) Secondary light source* (7) Low power telescope.
too
TIME SECONDS
Fig. 49. The heating period required to attain temperature in the lead
bath, for a specimen of twice the thickness used.
7 91
VO
101-6
ji
a h  d i m £ n t i q M& m m s . .
Fig. 50. The dimensions of bhe tensile specimens.
Fig, 51» A general view of the specimen used in the ho to tag e 
microscope together with the dimensions (in mms).
TABLE 5
Flow Sheet for Alloy Preparation
Copper Zino Alloys 
Six alloys made from O.F.H.C 
copper 4- ^rown* zinc cast 
into ingots 150 x 200 x 25mms
ends cropped
i
hot rolled to 
give 7 strip
i
cut sections
150x 230 mm 
i
homogenised 750°C 24 hours
I
surface scarfed
analysis samples
i
Cut strips 150 x 75 nim 
I
hot rolled 750°C
10 passes + interstage heating 
I
1 mm strip
Copper Cold Zinc Alloys 
Two alloys made from 43 at,$ 
zinc, stock brass + O.F.H.C. 
copper + granular zinc in corre 
proportions to give lOOgrm ing
sealed in silica tube under
•§■ atms. of argon 
\
melted in R.F. induction 
furnace
homogenised 750 C 24 hours 
I
surface scarfed and ends 
cropped
hot rolled 750°C in 10 passes 
+ interstage heating
i
1 mm ^strip 
analysis samples
g~ZO
TABLE 6
.....nr*
Copper/Zinc Alloys.
Alloy 1 2 3 4 5 6
Copper at.# + 0.05 38*1 39*8 40*9 42*3 42.5 43*4
Zinc at*# + 0.05 61.9 60.2 59*1 57*7 57*5 5 6.6
Copper/Gold/Zinc Alloys.
Alloy VI II
Copper at.# + 0*05 55*76 54*29
Zinc at .56 + 0.05 39*96 41*45
Gold at*# + 0.05 4*30 4*25
All specimens are etched in alcoholic ferric chloride 
unless otherwise stated.

Fig, 52. Radial growths formed 
on the surface of a copper 39.8 atfa 
zinc alloy during electropolishing 
in orthophosphoric acid. x 60.
Fig, 54. Copper 4,3^ gold,
*>
39.96/6 zinc alloy, quenched and 
isothermally tempered 470°C 60 
seconds. Showing micro-cracking 
of the beta phase as a result of 
etching in alcoholic ferric 
chloride. . x 500.
Fig, 53. Showing the ’double tilt* 
of each spline of the radial growth. 
Oblique illumination, x 500,
Fig, 55. Binary copper 39.8 at %
zinc specimen quenched from 830°C
+ o- 5 into iced NaOH at 0 C, No gram
boundary alpha separation has taken 
place, x 500,

Fig» 56. Binary copper 38.1 at )o zinc quenched from 830 - 5 'C • Showing 
a small amount of grain boundary alpha separation together with massive 
alpha* The internal structure of the massive alpha has been revealed by 
etching in 10% ammonium persulphate. x 50.
Fig. 57. Showing region A in fig. 56* . Fig.' 58* As fig. *57* under
in more detail. Dark etching boundary polarizing illumination,
phase is alpha. Showing the sub­
structure within the massive alpha.
X 300.

£i df
Fig. 59. Diffration pattern from the massive alpha product formed 
in a 3Bcl at % zinc alloy.
Fig0 60, Slip traces crossing the substructure in massive alpha.
These traces are characteristic of a faulted f.c.c, structure, x 500.
2 ISA
2  9 5 0
2 944
O BEc-kCS* «MiTH
• 2 ?4C
4 14o 42
6o S8 £(, 54- 5i  50
Fig. 61, Variation of lattice parameter of the !as- quenched1 beta*
0
alloys with zinc content. (39.8 at % zinc 2.911 A; 10.9 at % zinc 2.911
o o ^
12,3 at )o zinG 2,918 A and 13,1 at % zinc 2.951 A). .
^ 11
/
3 8 4 44 0
V5
>30
•  AFTER CLARK
r.o
110
100
3 6 SO4 0 42. 44 4 6 46
•±p„ 62, Variation of hardness of ’as quenched5 beta’.
Figs. 63 - 63. The T.T.T. diagrams for the start of visible precipitation 
from the metastable beta* phase of binary copper-zinc alloys. The three 
morphology regions have been denoted by R M and P. (oi rods, plates + 
c< rods, ot plates) c.
Figs. 63 and 6/±z The start line indicates not more than 5% transform­
ation product.
Figs, 65 - 63. The start line indicates not more than lfc transformation 
product. The dotted lines indicate the onset of grain boundary 
precipitation®
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Fig*- 69* 4-3*4 at % zinc alloy
tempered 250°C for 44 hours. Show­
ing alpha rod 8 eparation, with 
angular cross sections, single at 
1 or double at 2 to give ’arrow 
head’. x 1000.
Fig. 70. 39*8 at /£> zinc alloy
o
tempered at 350 C for 18 seconds. 
Showing plate separation, as 
characteristic obtuse angle •V* 
pairs. x 250.
Fig, 71, Variation of the incubation period of the bainitic nose
with composition, showing rapid reaction rates below 39*at %
Xl
NC
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TIME SECOMDS.
loo
Fig, 72, Isonotric plot (tine, temperature, composition) of the T.T.T, 
diagrams figs. 63 - 66, showing relative variation of the bainite nose 
with composition.
• 361 at.% ZlMC 
O 5? S -
• AO-9 »
(2 O 43 4 *
1*4
2 0
22 10'
1000
Fig, 73* Plot of ‘T • against log’'-''tine, from which 'the activation
energies of the low temperature reaction product for the binary copper-zinc 
alloy'nay be derived. This is bainitic plate-s for''all alloys except 
the 43*4 c/° zinc.
TABLE 7
(a) Binary Copper/Zinc Alloys*
Alloy Composition Activation Energy (Q)
at*$ zinc cals/mol
1 3B.1 25,800 + 2000
2 39.8 25,200 + 2000
3 40.9 30,600 + 2000
4 42.3 50,000 + 5000
6 45.4 30,000 + 2000
(t>) Ternary Copper/Oold/Zinc Alloys*
I 39*96 27,100 + 2000
IX 41*45 27,100+2000
vrttr tt f r tf iM ti  r>T i» ff ifl^T'rrfi r  ‘irffftfilHiftirrfi
*>11
a mixture of okt plates and rods.
Fig# 75.-39*8 at % zinc alloy- 
tempered at 6/+0°C for 2 seconds, 
showing d  rod precipitation# - Note 
common direction of precipitation in 
grains 1 and 2* X  100,
Fig# 77. 39.8 at L/o zinc alloy
tempered at 550°C for 60 seconds# 
x 500.
showing 
X  1000#
Fig#- 76# 39.8 at ft zinc alloy
o
tempered at 550 C for 4 seconds, 
showing ^  rod precipitation# 
x 500.
Fig# 78, 39*8 at % zinc alloy
tempered for 4 seconds, showing the 
fomation of 1 sheafs* of rods at 
x. x 500*
Fig. 74* 38-#l at % zinc alloy tempered at 550°G for 2 seconds,
Section close to a I110}
M K s I
Fig. 79. 39.3 at fa zinc alloy 
tempered at 400°C for 1$ minutes. 
X 1000
Fig. 31. 39.3 at fa zinc alloy
tempered at >400°C for 24 hours, 
showing coalescence of ol plates, 
x 1000.
Fig. 80, 39.3 at fa zinc alloy
o
tempered at 400 G for 8 hours, 
x 1000.
Fig. 82. 39.3 at fa zinc alloy
o
tempered at 400 G for 10 seconds, 
showing a ©(plate-like structure, 
x 1000.
Fig. 33. 39.8 at fa zinc alloy' Fig, 84. 39.8 at fa zinc alloy
tempered at 350°C for 5 minutes,the tempered at 350°C seconds. X  500,
lower proportion of precipitate 
apparently present is a consequence 
of the etching not revealing suffic­
ient contrast at lower magnifications, X  50.
lie
.m m
St wP/'K
hbftx. - j ' j f  v. 'M t * a
Fig. 85. 39.8 at fa zinc alloy Fig, 86. 3.9*8 at fa zinc alloy
o ' "  otempered at 300 C for 10 minutes, tempered at 300 0 for 2 hours,
x 1000, showing ©(. plates, x 1000,
Fig, 87. 39.8 at fa zinc alloy
tempered at 300°C for -16 hours,- 
showing ck ^ plate pairs sectioned 
close to a |ll0*| at x, X 1000,*
Fig, 88, 39.8 at fa zinc alloy Fig, 89. 39.8 at fa zinc alloy
tempered at 250°G for 60 minutes tempered at 180°C for 18 hours,
showing a close interlocking network showing fine precipitation of
ofplates with little or no beta1 plates. x 500,
matrix -visible, x 500,

Fig, 90, 39o8 at % zinc alloy 
tempered at 200°G for 4$ hours, 
showing- network of plates. Note 
the plate ’V! pair at P, x 1000,
Fig. 91* 39*8 at L/o zinc alloy
tempered at 100°C for 100 days, 
showing fine oi plate precipitation, 
polarizing illumination, x 1000.
Fig, 92, 40.9 at % zinc alloy t
o
tempered at 500 C for 2 seconds, 
showing angular cross.sections of 
rods, x 1000,
Fig, 93, 40*9 at % zinc alloy
tempered at 500°G for 8 seconds, 
showing angular sections and long 
traces confirming the product is 
rod-like, x 500.
Fig, 94* 40•9 at % zinc alloy 
tempered at 500°C for 2 hours, 
showing common growth direction 
for o( rods in grains 1 and 20

Fig, 95* 40*9 at fa zinc alloy
tempered at 375°C for 40 seconds* 
showing a {110 j- section of a pair 
of plates from the edges of which 
e<,rods have nucleated 0 The angle 
between the rods is 71°, x 1500,
Fig,. 96. 40.9 at fa zinc alloy
tempered at 375°0 for 40 seconds, 
showing {HO} section across the 
angle profile of two plate pairs and 
rods in the surrounding beta 
matrix, x 500,
Fig, 97. 40*9 at fa zinc alloy Fig, 98, 40.9 at-fa zinc alloy
tempered at 375°C for 15 hours, tempered at 325°0 for 20 minutes,
etched in ammonium persulphate* showing a section close to a 1110}
X  500, where ol rods have nucleated from a
' plate pair at P and only in the beta
matrix at Q, etched in ammonium 
persulphate. x 1000*
Fig. 99. 40,9 at fa zinc alloy
tempered at 325°C for 20 minutes, 
showing degenerate plates at P and 
angular cross sections of rods at 
Q, etched in ammonium persulphate, 
x 1500,
Fig, 100, 40,9 at fa zinc alloy
tempered at 325°0 for 60 minutes, 
etched in ammonium persulphate.
X  1000*

Fig. 101* 40»9 at 7o zinc alloy-
tempered at 325°C for 12 hours, 
etched in ammonium persulphate.
X 1000.
Fig, 103* 40.9 at )‘o zin alloy
tempered at 300°C for 12 hours,
showing the development of rods
at .33 and the degeneration of ©t plates
at A. Compare with fig. 102,
x 1000.
Fig* 102. ' 40*9 at 7° zinc alloy 
tempered at 300°C for 250 seconds 
showing ©t plates forming obtuso 
angle ’V! pairs at 1, x 1000.
Fig, 104. 40*9 at % zinc alloy
tempered at 250°C for 100 minutes, 
showing the formation of plates, 
x 1000.

Fig, 105o 4-0*9 at % zinc alloy 
tempered at 250°G for 4 hours0 
X 1000,
Fig, 107, 4-0*9 at )'o zinc alloy
tempered at 250°G for 20 hours, 
showing the onset of a rod precipitat­
ion at C, x 1000,
Fig, 109, 40,9 at % zinc alloy
tempered at 200°C for 18 hours, 
showing plates. x 1000,
Fig, 106, '.40*9 at /o zinc alloy 
tempered at 250°C for 20 hours, 
showing a {110} section. Note 
internal markings within plates, 
X 1000,
Fig, 108, 40*9 at zinc alloy
tempered at 250°C for 9 days,
■ showing a {110} section, similar 
to fig, 106, X 1000,
Fig, 110, 40*9 at % zinc alloy
0
tempered at 200 C for 50 hours, 
showing an all plate structure, 
x 1000,

W L
Fig. 113
Figs. 111 - 113 42.3 ato % zinc alloy tempered at 250°C for 48 hours
showing various features of the a plate a rod mixture .
Figo 111 x 500; Figs- 112, 113 x 1,000.

j; Fig. 11^. at. % zinc alloy
I o
.! tempered at 500 C for 10 minutes
: shoving faceted a rod cross
j! sections. x 1,000.
Fig. 115. k3'k at. % zinc alloy 
tempered at 500°C for 55 hours, 
x 250.
Fig. 116. ^3.^ at. % zinc alloy
tempered at 500°C for 55 hours, 
x 250.
Fig, 117. 3^.^ + at. % zinc alloy
tempered at 500°C for 55 hours, 
shoving internal boundary vithin 
rod section A. x 250.
Y'v ? .
<■
j Pig, 110; h3*b at. % zinc alloy Fig. 119* ^3.^ at. % zinc alloy
I .
| tempered at k^O°C for 100 seconds. tempered at 250 C for kk hours ,
$
'I x 500. showing faceted a rod sections;ij
I x 500,
Fig, 120* 3^.1+ at. % zinc alloy Fig. 121. at. % zinc alloy
tempered at 195°C for 39 days5 showing tempered at 1?5°C for 39 days, showing
ex rod cross sections C/Pt replica 
electronmicrograph# x ^,000.
a rod cross section* 
electronmicrograph.
C/Pt replica 
X 3»500*
Fig. 122. 3^.*+ at. % zinc alloy tempered
at 155°C for 6 months, showing plate 
formation. x 1,000.

Fig„ 123• 3 9 at. % zinc alloy tempered 350° C for 18 seconds, showing
two surfaces polished mutually perpendicular to one another, (common edge 
xy). x 500o
Fig. 124. 40.9 at. % zinc alloy
tempered at 500°C for 8 seconds, 
showing dezincified edge where the 
precipitation is plate-like. 
Compare with Fig. 93. x 500.
Fig. 126. 43.4 at. % zinc alloy
tempered at 260°C for 20 hours, 
showing two angular a rods growing 
about a common interface a b.
Geometric analysis carried out in 
appendix ( D ). C/Pt replica, 
x 20,000.
Fig. 125. 43.4 at. % zinc alloy
tempered at 250°C for 44 hours* 
x 500.
Fig. 127. As Fig. 126 except rod 
sectioned closer to long axis, 
x 9>000.
ft
.v- / • 
Jo ^  y * .
Fig. 128.
39.8 at. % zinc alloy tempered Fig. 129. 39.8 at.# zinc alloy
at 350°C for 18 seconds, showing tempered at 350°C for 18 seconds,
plate growth limited by existing C/Pt replica. x 5*000.
plates at B. C/Pt replica, 
x 20,000.
Fig. 130. • 39.8 at. % zinc alloy 
tempered at 285°C for 200 seconds, 
showing formation of characteristic 
obtuse angle pairs of plates 
(l).At (2) plates in early stage 
of growth. C/Pt replica, x 5*000.
Fig. 131. 39.8 at. % zinc alloy
tempered at 350°C for 18 seconds. 
C/Pt replica. x 5*000,
■ X-
■' V
vyv^ Ns
v - . \ \  , \ \ : . N
MTv%-vsr
:^V\ r.s '^v* ,'
Fig. 132. 39.8 at. % zinc alloy
tempered 350°C for 18 seconds. 
C/Pt replica. x 6,000.
Fig. 13^. ^0.9 at. % zinc alloy
tempered 200°C for 10 hours.
C/Pt replica. x 15,000.
Fig. 133. ^0.9 at. % zinc alloy
tempered at 260°C for 30 minutes,- 
showing a {110} beta section so that 
the plate pair 1 have been sepf 
tioned across the angle profile. 
Internal faulting is present within 
the plates. C/Pt replica, x 10*000,
Fig. 135. ^0.9 at. P zinc alloy
tempered 200°C for 10 hours.
C/Pt replica.. x 15,000.
Fig. 136. b o . 9 at. % zinc alloy tempered 200°C 
for 10 hours. C/Pt replica. x 15,000.
Figs. 13*+ - 136 all show * autocat alytic * nucleation of plates from
original plates.
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39 - 8 
>40.9 
U2.3 
>42.5
>43c>4
upper limit for metallo-
graphic inflection.
- o ,48 5 ± 15 C 
395 
265 
250 ±15^0 
155
15°C 
15 °C
10 °C
lower limit for a,
330°C. ± 15 
2>45°C ± 15 
not detected 
'not detected 
not detected
Fig, 137. Variation of the upper temperature limit to plate formation 
with solute content in binary copper zinc alloys. (0 the inflection from 
the TTT diagrams Figs. 63 - 68; I metallographically determined upper limit 
to plate formation.) The dotted line indicates the lowest temperature at 
which a rods have been detected.
Pig, 138. >40,9 at. % zinc alloy
tempered at 375°C for ^0 seconds, 
showing a rods nucleating from al 
plates. Angle between the rods is 71°. 
x 700.
Fig, 139* ^0.9 at. % zinc alloy
tempered 375°C for Uo seconds, 
showing plates plus a rods 
coexisting,’ x 500.
Fig. 1^ 0, 1*2.3 at. % zinc alloy Fig, lUl. Showing the protrusions
tempered at 200°C for 80 hours, along the plate/matrix interface,
showing within the a plates at 1 in Fig. Ih 09 in more detail.
1
internal markings, C/Pt replica. C/Pt replica. x U0,000.
x 9,000.
Fig. li*2. U2.3 at. % zinc alloy tempered at
200°C for 80 hours, showing apparent crystallo- 
,graphic degeneration of plate. C/Pt replica. 
; x 20,000.
f m m
Fig. 1^3o 39®8 at. % zinc alloy tempered,
450°G for 8 seconds9 showing plates section 
across the angle profile.and showing a rod 
growth from the edges. C/Pt replica, x l+,000.
Fig. lhh» 39*8 at. % zinc alloy tempered
i+50°C for 8 seconds, a {110}., . section sobeta
that cross sections of a rods nucleating from 
plate 1 are shown. Analysis of these flat

Fig. 1^5• 39*8 at. % zinc alloy tempered ^50°C for 8 seconds,
C/Pt replica. x 6,000.
Fig. li+6. 39.8 at. % zinc alloy
tempered i*50°C for 8 seconds.
C/Pt replica. x U,000.
Fig. lVf. As Fig. lk 6 except more 
detailed micrograph of region 1 . 
C/Pt replica. x 8,000.

Fig, 1^8. 39.8 at. % zinc alloy tempered U50°C for
8 seconds. x U,000.
Fig. 1^9. 39.8 at. % zinc alloy tempered ii50OC
for 8 seconds, showing correlation between the 
facets on the a rods and the internal markings 
within the plate. C/Pt replica. x 15,000.

Fig. 150. ^0.9 at. % zinc alloy Fig. 151. ^0.9 at. % zinc alloy
tempered, at 200 C for 50 hours, 
showing continuous film of grain 
boundary precipitate. x 1,000.
tempered 200°C for 50 hours, showing no 
side plate developing from grain boundary, 
x 1,000.
Fig. 152. +^0.9 at. % zinc alloy
tempered 250°C for k hours, showing 
two grains in which coincidence 
exists between {110} traces, x 500. 
Etched in ammonium persulphate.
Fig. 153. 39.8 at. % zinc alloy
tempered at 525°C for 2 seconds, 
showing a side rods growing into 
one grain. x 500.

$%>(
130
120
110
100 (O5 SECDMDS.
Fig, 155 and Fig, 156, The variation of hardness on tempering a 39.8 at. %
zinc alloy.
®  3 0 0  °C 
O 2oo°C230
210
19 o
170
ISO
130
0— 0
(10
io‘
a  s o o ' c
9 325 C.
130
120
NO
10*
Fig. 157 and Fig. 158. The variation of hardness on tempering a ^0.9 at. %
zinc alloy.
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Fig. 159(a) and Fig. 159(b). The variation of hardness on tempering a
^2.3 at. % zinc alloy.
A 4 0 0  C. 
•  2 5 0  C 
O 2 0 0  C
125
Hv.s
120
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100
Fig. l60. The variation of hardness on tempering a b3*b at. % zinc alloy.
Fig. l6l. The variation of maximum hardness attained during tempering with
temperature.
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TABLE 8
Comparison of hardness values obtained after 14 days and 3 months 
isothermal tempering a ’39 • 8 at.# Zn metastable *
Temperature °C Time secs VH5 (14 days) VH5 (3 months) A V
200°C 3,600 128 123 5
7,200 130 124 6
18,000 175 175 0
36,000 215 218 3
300°C 90 124 119.5 4*5
300 150 135-5 14.5
600 182 175*5 6.5
900 175 169.5 5.5
3,600 150 146 4
IABLE 9
Temperature °C Time secs Hv5 Mean Hv5 Value
300°c 90 122,121,116,117,125,118 II9.5
300 137,122,136,140,134,137 135.5
600 177,177,171,177,171,177 175.5
900 165,167,171,165,121,171 169.5
1,800 164,168,161,164,169,160 164
3,600 144,111,150,146,144,140 146
. 57,600 137,137,134,131,118,135 136
Notes underlined values are highest and lowest and were rejected.
Fig, l62, 39*8 at. % zinc tempered 200°C, Single surface analysis (121) of
the a1 plates for two of the beta9 grains considered, Giving 
three poles lying away from the Oil and 110.
Fig. 163 The poles for the experimental habit planes for alloys 39.8 
at.* zinc at 350°C and 200°C and 42.3 at.* zinc at 235°C. All poles 
are collected into unit stenographic triangle in quadrant 4.
5V?
4.£
N
Wo ?
U1
|44 oCgrccs152
ANGLE BETWEEN PLATE PA iR .
ISO 176
Fig. l 6 k , A hystogram of all the angles between the obtuse angle plate 
pairs measured for the single surface analysis.
Fig, 1650 39*8 at.% zinc alloy
tempered ^30°C for 8 seconds, showing
an on plate contained in a {110}, .1 * beta
section perpendicular to Fig, 166. 
Showing internal markings and common 
interface plane„ x S.OOO.
Fig, 166o k0o9 at, % zinc tempered at
260°C for 80 minutes, showing a
{110}, , section containing a bainiticbeta
a plate, giving the relationship between 
the internal faulting and the common 
interface plane. O/Pt. renlica. v 10 HQO,
v y
■face 1/
Fig. IttTo jJiagr0.m1.1atic representation of the two mutually perpendicular 
{110}^  sections used for the pseudo two surface analysis. The top face, 1,
corresponds to a section as indicated by Fig. 166, whilst the perpendicular . 
face, 2, corresponds to Fig. 165. The angle, 2 between the faulting 
indicated in face 1 was taken to be 70°, being the mean of six values,Table 10.
_• i i>f'fi'rfgir^ -^-^ ai
O b
TABLE 10
(a) Measure angles 20 between internal markings in a plate pair 
sectioned on a < 1 1 0 plane.
20 Mean 20
68°
72°
72° 70°
70°
68°
70°
(b) Measured angles 20 between directions of rod interfaces on
a •( 110 V section.
w Jfi
20 Mean 20
71°
72°
71° 72°
76°
70°
Fig, 168, Tiro surface analysis of the internal markings within the plates
shown diagrammatically in Fig, 167. Poles P_ and Prt lie close to {110}
l 2 beta*
imetifitiiiiieti
i
I
.on
•fill
| PTO,.
100
» 0 I 0
>100
!
tor
Figo 169. Standard orientation relationship between f.c.c, and b.c.c. 
lattices where {101}, , II {111} and <Ill> // <101 beta*
Fig. 170. Diagrammatic representation of a section along the internal
markings within the plate9 a c corresponding with the section 
indicated in Fig. 133»
172o U2.3 at. % zinc alloyFig. 171= b2.3 at. % zinc alloy
tempered at 200°C for 0^ hours, showing 
internal markings within a1 plates.
Note markings parallel with interface 
at X. C/Pt replica. x 2^,000.
tempered at 200°C for 80 hours, 
showing a combination of plates. 
C/Pt replica. x 30,000.
Fig. 173. U2.3 at. % zinc alloy tempered 200°C for
80 hours,showing closed loop of plates at Z. x 1,000.
r?<f
N
S
Fig. 17^ . Two surface analysis of the planar facets formed on a rods 
nucleating from plates in Fig. lUU. Using again the 
diagrammatic model in Fig. 167, values obtained for the top 
surface 2 <1 are shown in Table 10 , Values for 0 and y were
obtained directly from Fig. l^U. Poles and PQ lie close
t0 {110W
Fig. 175. Diffractometer trace of a 1+20^  peak from
a 39.8 at. % zinc alloy tempered at 3^0°C for 70 seconds, 
showing marked "broadening and no resolution of the 
K doublet.
137
Fig. 176. Diffractometer trace of a peak from
I 0 C e C »
a 39.8 at, % zinc alloy tempered at 3^0°C for 50 hours, 
showing that with increasing tine the K adoublet is 
resolved.
r?c,
3  7 0
369
Figso ITT and 1T8. Lattice parameter a., „ versa cos9 cot0hkfc
for 39.8 a t . zinc alloys tempered ,at 500°C for 55 hours and 
260°C for bO minutes. Values in Tnhl^ o-a
o La]
371
j 310I
3-69
zo t o s  9  c o t  0
'■ JR.
371
3-70
3-6?
o
179. Lattice parameter versus cos0 cotG for a 39.8 at. % zinc
alloy tempered at 3^0°C for 70 seconds and 12 hours.
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N
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Values of beta* plotted againstd , given in Table 22
for a 39*8 at. % zinc alloy tempered at 3^0°C.
TABLE 11
59.8 at.$ Zn ht 26Q°C for 20, 50 *> 40 minutes & 14 hours ■
20 mins $0 mins 40 mins 14 hrs.
d I d I d I d I fee cph Loo ^/lofoc ^/Ioojh*
2*2J3 W 2.243 M 2.254 W; : ■ - ■ ' >  ■ ' 1 0 . 0 -  . V'-V" 20
•• •• 2*203 W 2*17^ W •» ■ «* • «* 00*2 •* . :,.X&0"V'v 25
2.127 M 2.132 M 2.151 W 2.125 W 111 «• ** 100
2.085 VI 2.085 W 2.105 vr 2.080 U ** - 110 ' \
; - - '2.040 W 2.045 W ‘ - V >  .'.10*1 ' •~ - 100 ,
1.941 w* 1.937 uw* 1.941 s® - . - >  - - . - ■'■
- - 1.841 W 1.845 It 1.841 I " 200 - « > 50
«* -» «. . . *• 10.2 15 
** *» «* . -» 200 . - «* '
«• M <*■ Ok « 11.0 / ' '•» 15
1.305 W 1*299 W .1.305 si 1.287 M 220 . ~ - 30 • *3 :
« .  mu « *  • m  « .  « .  « ■ » . . - . < « »
- - - 1.287 w - - 10.3 - - 20 ;
1.206 It 1.204 M 1.207 S 1.202 S • - 211 - j
w* m  m  « a  ' * »  m  2 0 . 0  - « •  2  i
1.132a s - 1.127 ® - - 11.2 - 20 ;
1.1145 a 1.114 a i.ii6 a 1.120 s 311 - - 2  35''' ■ ’ - •!
1.098 W * ** ■■"*. '««* 20.1 ** k. 2,0
1.067 w 1.064 VW I.O63 .VW I.O63 W 222 - 10 - i
rn m  ... .m -m «. . ■ . 00.4 ** ' *» ■ 1
 ^■ «* . «* , *• 1.043 VW *■» . m- 220 ■ •* ■ ■ **
* «• «• 20.2 »■. «* 5
* * - —  - 10*4 ** ** 10
' ' m m  urn m  m> m  310 ;  • *  ' • *  ■
- -■ 0.9245 vw ■ 400 - ' 7 : " ~ '■
- ** - - 20*3 - ‘ 3
- «, »   _ « 21.0 «* 5
- * 0.8545 VW 0.8520 W 331 .V - 30
- 0.8478 71V 0.8470 VW 0.8487 M - - 222
0.8260 W 0.8262 VW 0.8272 I 0.8250 M 420 ■« • - 35 ^
m :
'  :  •  . : " '  • .  . .  i f
■■ ■/ .■ '• : / i;
T A B L H  1 2  : f .  f
40®9 Zn heat treated I60°G 60 mins & 5 days
60 mins . 5 days Ideal n  .
, dv I d ; X : i i bph Iboo V lo f o o V lo c p h
2.?43  : f •» 1 0 .0 •ft -• •ft 20
- 5 VWa - J ^ L,v. 0 0 .2  .-a"; 2-5 ■
2 .12? M- “ J I l l " • J <gga» - 1 0 0
2 .085 S m •ft* - ' •ft - ** 110 •'.../ft
2 .031 w 2 .5 7 W . - 1 0 .1 ■ft 100
ft. ' ft* ' 1 .8 4 1 ■; s  . 200 -  i •ft 50 ' ftft
1 .704 w 1 .7 0 1 vw. mm 1 0 .2 a “ a 15
' -  ; •ft mm •ft 'am ; -  I vdf 200 :V •
mm mm ' 1 .3085 220 30 • -
- ■ ft• ft* «• - 1 1 .0 mm 15
1 .2 9 9 s m ft* m  ■ 1 0 .5 - mrn' ' 20
1 .2 0 6 M 1 .2 0 5 • ■ m ; ■ •ft •ft 211 ■ft ■ #*
' -  ■ - (M mm - 2 0 .0 •ft m 2
1 .1 1 5 U 1 .1 1 3 M ’ 311 -' • ft* ’ ■ft .L ;:;: 55’ . mm
•ft - mm m - 1 1 .2 mm •ft 20
ft* mm - - 20 .1 mm mm 10
1 .071 W 1 .0 6 7 w 222 •ft mm 10 m
>- - ft* • a . 0 0 .4 •* mm "a; . 1 .
1 .0 4 3 W - m - •ft 220 •ft *»
- - m 2 0 .2 •* / , 5 :
- - m 1 0 .4 — •ft - 10
0 .9315 s - •• - 310 •ft *»
- - • - aft 400 •ft ■ft 7 ft*
0 .8765 w . •ft • -  . 2 0 .3 - - 3
- - - • f t - 2 1 .0 • f t 5
0 .8535  ■ s .8474 W 331 - •ft ' 30 O f t
0 .6492  j LI .8453 w « • • f t 222 - « f t
0 .8 2 6 6 u .8254 u- 420 .. • f t 305 • f t
• .
■ 2?abx»s 13 .;iX/#h^ hi
40q9 at.^ Za 200 G for 16 & 50 hours
\6 hr s. 5.0 hr s.
d I • & : ’ 2 't; fee cph bee ■ • Vlofoo ^/Iocph
2.243 ■ M ' 2.236 M ’ •* lOoO mm MM 20
2.191 W 2.190 MW - 00.2 - MM 25
' <m 2.128 h s ' 111 m *# 100 ■ ■ MM
2.085 w m m m m 110 MM ' ■ iyf -  . ; -
2.050 M . 2.041 MS mm 10.1 - hh'/' 100
1.949 M 1.942 MW m . M * mm h : : mm
« • 1.838 W 200 m mm 50 MM  -
- 1.634 . W ■; m 10.2 -h-“- -"/'h ■ 15
1.467 W , MM " m m 200 .-m m MM
- 1.332 X V mm ■ 11.0 - «* MM 15
1.305 M 1.301 -M 220 - Ml 30
1.236 w 1.240 M m 10.3 ihv-,. - h :'h 20
1.204 w ■ - 0m • - 211 ■ ** ■ ■ *«*
1.182 W 1.171 ' W ■; 20.0 «* ■i': 2
«• 1.123 w mm 11.2 * * MM 2 0
1.114 u 1.112 ; u  ■ ■311" - ■ MM 35 MM
1.094 w 1.097 V7• 1 - 20.1 i ' m * 10 h
1.081 vw - 00.4 0m  . , M * :h'h I
1.062 w 1.066 w 222 - mm 10 ■ ■ * 4 .
1.0365 . * - 220 mm-
- - - 20.2 « M ' 5
- - « w 10.4 MM m 10
0.9313 i m M B mm 310 m  ' 1 .
- - 400 -  . MM 7
M fc •
m  : ■ 0,895 vw mm 20.3 M » 3 ■
mm 0.8694 w mm 20.1 MM ' - : h'. 5 ’■
■ 0.8486 ■ W.hi 331 m ■ 30 «.
; . ** * * mm 222 . ' ' m
0.8262 u 0.8233 m 'i- 420 - m ji - ■ 33 . 
Mj r •
m
-/Xocph
20
6*^
TABLE 15 ...
55 • 3 at« 2a ht 340°C for 30 secs•70 secs. &  10 minutes
'30s sacs* 70 seos. 10 mins. : Ideal a
fyloc' & i ; d I , . & 1 ; foe ' oph bop :Vlpfoo
2*236 w 2.253 W - • c* ** 10.0 tut ft# j; 20
2*191 vw 2.197 w f t* 00.2 m - m 25
2*136 f . 2.134 Mf 2.133 ,ir :111 m  ' 100
2*083 vw *• w , 2.085 w - 110 m  ■
m - 2*038 •w . 2.046 ¥ 10*1 •ft ■ 100
1*942 w m f t* ' «ft . • f t y : . . . . •ft
.■ .**■'. I.845 s 1.848 ; s 200 ' Oft 50 ftft '
• f t - m  * - • • 10.2 m • ; 15
• f t • f t 1.477 w m • f t mi 200 -  .
1.3295 11 • » m • f t 11.0 m  v ■ ■ ft* 15
1*307 w 1.307 s 1.306 S /■ 220 ma • • * 30 ; • »
1.240 w 1.236 w 1.239 W : 10.3 * » • f t  • ' 20
1*2022 s 1.205 M 1.206 W • f t • f t 211 m
1.189 w * * m * • 20.0 • f t ■ 2
1.132 w mm «p * - 11.2 * *  : 20
1.1148 M I.II5 S 1.115 S 311 • * « *  • : 35 V. *0
V - - - - 20.1 • * ' ■ - 10
a * « * 1.067 w 1.06? w 222 - • » 10 m
• f t -
- ~ 00 *4 ■ . . ' ■ f t*  . . ' - I '
1.044 w - tm • f t - 220 'UN* * •
- m - 20.2 • f * 5
■ - • f t - - 10.4 «o» : ~ ' 10
- V : - - 0.9330 w 310 • a m
.. . m - 0.9226 w 0.9236 w 400 4 .  . ■ ■ tel#
m m « • m m 20.3 '' - 3
- - 0.851s f * * « • 21.0 * * 5
- - C.8453 SI ' 0.8496 M ; 331 30
•>* IP* 0.8458 W 222 m
* * . . 0.8267 M 0.8263 M 420 * » 35
s n
: OIABLS 16 ;
59o8 ato^ Zn ht 54Q°0 for 60 mins.* 5s 12 & 50 hours v
60 mins »5 hrs* 12 hrs. 50 krs. Ideal a
d I d I d I d X fcfo ■ cph too ^/lofco ^/locph
'■ ** ■ ** 2*21 YW - *«• . 10*0 *■» ;’. •.; — - . 20 ■ '
' “ : ' **'" . * **♦ " "  " •« ' 00.2  ^ 25 - 
2.137 S 2.137 S 2.14 W 2.136 S 111 - - 100 . ~
- 2.083 s ; ' . 2.087 s' - ~ ■ .11QV;\T « -
-*• ■ - ~ : « ..10*1 - - 100'- 
; • V .
** ■■/. ■** ** «« rn, OR ■
1 .8 4 9  S 1 .8 5 2  MS 1 .8504  S 1 .8 5 2  MS 200 -  -  po -
1.626 M *•. m  «* 10.2 “ ** 15
1 .4 7 5  w ■ * 1.478 M -  « <* 200 *
-  m  m  m  -* 1 1 .0 . *» ■ «* 15
1*3085 S 1 .3084  S 1 .3 0 8 2  M 1 .3095  S 220 -  -  30
- - <• — ■* 10*3 *“ •* 20
1 .2055  S 1 .2055  S * 1 .2 2 0  S ■* 211 ~ : -  V
*• •* ** *• ■ . «• 2 0 .0  • .*•* - « ■ 2 ■
. •• -  -  *» -  . 1 1 .2  -  20
1 .1154  U 1 .1170  M 1 .1174  S 1 .1175  M 311 -  35 «
* - - - - 20.1 - « 10
-  1 .0 6 7  W -  1 .0681  W 222 ~ -  10 «
mm M l ■ *  ■ « *  mm ■ 00 *4 m  * *  1
■ \ mm ' -» . mm m» mm mm 220 **
mm mm .mm mm 2 0 .2  ** ** 5
m-  « •  —  mm mm 10*4 “ > 10
mm mm mm 0*9343 W  • “  * •  310 mm mm
0 .9247  W. 0 .9248  W 0 .9256  MW 400 -  >  7
*• mm mm 20*3 *“* ** 3'
mmm ' mm mm mm mm 2 1 .0  ** . 5
O.S492 ® 0 .8 4 8 2  M3 0 .8488  H 0 .8 4 9 6  M® 331 -  -  ' 30 -
0 .8433  S 0 .8 4 6 8  W 0 .8464  U 0 .8 4 7 3  S -  -  222, -
0 .8266  M 0 .8277  M 0 .8 2 7 5  M 0 .8 2 7 9  ii 420 -  -  35 -
S-Scf
TABLE 17
3908 aio# Zn ht 430^0 4a 8 & 2 0  seconds.0
4 secs 
d I
8 sees
2.133
2.090
2.045
1.848
1.204
1.171
1.116
■ v
0.8715
0.8492
1.090 I
1.067 W
mm
1.042 K
20 secs 
d I
2.133 S 2.125 M 
2.078 S - <■
1*475 ' . w • - 7 ■ ~ ■: .
1.309 M 1.309 S 1.309 S
S 1.204 MS 1.208 S
I 1.186 I
M 1.115 M 1.118 M
1.065 W
0.9313 W 0.9320 M 0.9310
0.9243 M 0.9240 W
VW
s
0.3732
0.8486
VI
0.8278 M 0.8277
0.1 
08.408 
0.8277
Ideal a 
fed cph
** 10.0 
•* 00.2 
111 *
•* •» '
- 10.1
1.838 S 1.852 M 200
-  10.2 
mm. ' mm
220 f
- 11.0
- 10.3
*. ■ m
«* 20.0 
311 -
- ill.2
-  20.1 
222
•* 00.4
a t  mm
- 20.2 
- 10.4
450
«*
33!
420
20.3
21.0
110
200
211
220
310
'iri'
2 2 2
I I/Lotoc Ao cph
20
25
100 «*
50
30
35
10
7
30
35
15
15
20
20
10
5
10
Sts'
2AELE 18 ......
. o
5.9.8 a.to% Zn 500 C for 4 & 10 seconds also 55 hours .
4 secs* 10 secs.- 55 brs. ", Ideal' n
d I d I 4  1 fee be© ^/Id
2.132 S 2.133 S 2.143 S 3 « 100
2.035 W 2.033 W 2.035 M , •- 2 -
1.848 S 1.852 S 4 ; * 50
* . 1.475 S 1.480 ¥ 4 -
1.308 m 1.309 s i«3io MW. ;• 8 v 30
1.207 M 1.208 M 6
1.117 s 1.117 s 1.119 s 11 « 35
1.069 M - 1.069 MS 12 - 10
*• .»  , ** 0 . •»
0.9335 w 0.9335 MS 0.9330 MW - 10
0.9258 M - - 16 - 7
0.8497 M 0.8480 S . 0.8480 M 19 - 30
0.8475 M 0.8503 S 0.8466 W - 12
0.8279 M 0.3276 S 0.8272 W 20 3§
■ TABLE 19
40.9 &&<$ Zn 500°C for 2a 4 & 10 seconds
2 sees, 4 secs. 10 secs* Ideal n
'  V ■ V
’ d I d 1 d I foo “bee Vlo
2*156 S 2*152 S 2.140 ' s 3 *4 100
2*085 S 2.085 ; s. ■ <■»- ■# 2 ' ; >V - ’
1*852 M 1.852 s 1.844 s 4 •• 50
1.475 W 1.475 s 1.475 w / - Y v 4 YY Y- -
1*509 s 1*509 ' M 1.510 M 8 30
- 1.204 s 1.204 s 6 **
1*122 w 1.118 s 1.116 s 11 •0 35
- 1.069 H 1.070 MW 12 M 10
«* 1.045 W ** 8 ,1 “ '
0*9515 3 0.9525 M 0.9345 w m t.‘ 10 *•
«* 0.9258 W 0.9240 MW 16 •* 7
0.8525 M 0.8492 M 0.8492 MS 19 m ' / 30
0.8495 MW 0.8471 M 0.8471 M - 12 -
0.8272 M 0.8279 M 0.8273 MS 20 35
•rs?
TABLE 20 
%
Jo? ato^ Zn heat treated 500°C JT©r?10-?& 6 seconds .
«k
6 secs. 10 secs.
V
Ideal n
d ' I • d I fee hoc : I/Ic
2.120 S 2.133 . s 711 - 100
2.085 s m• m 110 «• .
1.852 , M 1.841 s 200 m 5°
1.455- S tm «» 200 -
1.306 s 1.J08 s 220 - -■ ■TV; 30
1.204 W ' 1.204 M m 211 «■»
1.116 s . 1.116 s 311 m 35
1.069 'M 1.06? II 222 10
1.043 w <«■» 220 <*
■ m mk - 510 ■. -
0.9245 ■ w 0.9247 w 400 7
0.8513 M 0.8513 K 331 «p» 30
0.8468 MW ' *+ 222
0.8299 M 0.8276 • M 420 • . 4# 35
21
45«4 at.5S Za heat treated 260°C for 42 & 80 hours
42 hrs • 80 hrs© v Ideal aV
d I
\
A I
' •  ^
f CO . hoo V l o
2.137 H 2.150 S Ill ** 100
2.080 s 110
1.852 M 1.845 M 200 - . . >V; 50 V
«• * 200 m  ■.
1.307 W 1.305 M . 220 ■ «* ' 30 ;
1.207 s 1.208 M 211 ■ - ... S*«V.
1.116 w 1.116 M 511 - 35
• f V 1.066 w : 222 10 .
•* - «* 220
0.9340 w - 310 ' ■/ - ■ ';v. ; :
- 400 m 7
0.8499 w 0.8515 M 331 • - 30
0.8455 w 0.8468 w 222 +*
0.3262 w 0.8256 W ' 420 ' • 35 .
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TABLB 2L
Results of X-ray Microanalysis values quoted as opper ratio
zinc
.oy at mfo Temperature Equilib Cu/Zn Time Cu / Zn Mean Gu/Zr
zinc °0 (Ref. 177)
a P a P a P
40.9 250 1.84 1.08 100 secs.
:
1.41 
1.40
1.42
1.41
40.9 250 1.84 1.08 80 mins. 1.44 
1.41
1.45
1.41
1.41
1.42
1.43 1.38
40.9 250 1.84 1.08 4 hrs. 1.44
1.44
1.44
1.32
1.40
1.42
1.44 1.38
40.9 250 1.84 1.08 20 hrs. 1.50
1.53
1.44
1.30
1.41
1.36
1.49 1.36
40.9 250 1.84 1.08 9 days 1.73
1.58
1.66
1.24
1.34
1.29
1.68 1.29
40.9 500 1.60 1.21 2 secs* 1.55
1.56 
1.55
1.37
1.38 
1.37
1.55 1.37
40.9 500 1.60 1.21 8 secs. 1.54
1.54
1.55
1.25
1.25 
1.28
1.54 1.26
40.9 500 1.60 1.21 10 mins ♦ 1.52
1*55*
1.51
1.24
1.21*
1.20
1.53 1.22
40.9 500 1.60 1.21 2 hrs. 1.59
1.58
1.61
1.23
1.24 
1.28
1.59 1.23
40.9 500 1.60 1.21 12 hrs. 1.62
1.67
1.65
1.23
1.29
1.27
1.65 1.26
X
These values are calculated in Appendix B.
TABLE 2A
Results of X-ray Microanalysis values quoted as opper ratio
zinc
Loy at.$ Temperature Equilib Cu/Zn Time
Cu / Zn Mean Cu/Zr
zinc °C (Ref* 177)
a P a P a P
40*9 250 1.84 1.08 100 secs. - 1.41 -
- 1.40 1.41
1.42
40.9 250 1.84 1.08 80 mins. 1.44 1.41
1.41 1.41 1.43 1.38
1.45 1.42
40*9 250 1.84 1.08 4 hrs. 1.44 1.32
1.44 1.40 1.44 1.38
1.44 1.42
40*9 250 1.84 1.08 20 hrs. 1.50 1.30
1.55 1.41 1.49 1.36
1.44 1.36
40*9 25O 1.84 1.08 9 days 1.73 1.24
1.58 1.34 1.68 1.29
1.66 1.29
40.9 500 1.60 1.21 2 secs. 1.55
1.56 
1.55
1.37
1.38 
1.37
1.55 1.37
40.9 500 1.60 1.21 8 secs. 1.54
1.54
1.55
1.25
1.25 
1.28
1.54 1.26
40.9 BOO JU60 1.21 10 mins . 1#52* 1*24h1.211*55 1.53 1.22
1.51 1.20
40.9 500 1.60 1.21 2 hrs. 1.59
1.58
1.61
1.23
1.24 
1.28
1.59 1.23
40.9 500 1.60 1.21 12 hrs. 1.62
I.67
1.65
1.23
1.29
1.27
I.65 1.26
X
These values are calculated in Appendix B.
£*rz,
TABLE 24 (continued)
p i n  p i i
Alloy at*$ Temperature Equilib /Zn Time / Zn Mean /Zn
zinc °C (Ref. 177)
a |3 a P a |3
39.8 350 1473 1.13 90 secs. - 1.46
- 1.48 - 1.47
~ 1.47
39.8 350 1.73 1.13 5 mins. 1.52 1.47
1.50 1.45 1*53 1.47
156, I.5O
39*8 350 1*73 1.13 10 mins. 1.5*3 1.47
1.56 1.47 1.53 1.46
1.50 1.44
39.8 350 1.73 1.13 30 mins. 1.56 1.45
1.56 1.46 1.57 1.45
1.59 1.44
39.8 350 1.73 1.13 2 hrs. 1.62 1.33
1.53 1.42 1.57 1.38
1.56 1.39
39.8 350 1.73 1.13 16 hrs. 1.55 1.40
1.61 1.35 1.60 1.35
1.63 1.29
42.3 570 1.63 1.27 4 secs. 1.57 1.31
43*4 400 1.59 1.17 6 hrs. 1.54 1.12
I s
Figs. l8l and 182. Variation of composition with increasing tempering time 
for a ^0.9 at. % zinc alloy tempered at 250°C, and a 39° 8 at. % zinc alloy 
tempered at 300°C. Both sets of microstructures contain plates. Values 
shown in Table
to '&ECOND.S
Fig. 183. Variation of composition with increasing tempering time for a 
bO*9 at. % zinc alloy tempered at 500°C. Microstructure contains a rods. 
Values shown in Table 24.,
Fig. 181». 39.8 at. % zinc alloy
tempered at 365°C for 30 minutes in 
vacuo, showing tilting of an electro­
polished surface accompanying the 
formation of plates. Oblique 
illumination. x 250.
Fig. 187. 39*8 at. % zinc alloy
tempered at 365°C for 30 minutes, 
showing a 30° taper section showing 
the correlation of surface relief 
(through Araldite) and the plates 
in the bulk volume. x 700.
Fig. 185. 39.8 at. % zinc alloy Fig. 186. As Fig. 185, except
tendered at 365 C for 30 minues in polarizing illumination,
vacuo, showing tilting on prepolished 
surface. x 1,000. Oblique illumina­
tion, direction indicated by arrow.

m m m m r n
w  ...
with Interferosr^ S r :i i S f ^ ^ ^ f i & ^ ^ ^ ^ ^ ^
h ai piatss * » ■ *  on tonperi;s " cro" aph
ff<7?
TABLE 25
Values of angle of surface tilting for plates heat treated at
400°C and <*». rods heat treated at 520 °C in binary copper/
zinc alloys.
10°
10°
10°
7°
7°
12°
9°
6°
Values of angle of surface tilting for plates in ternary copper/
zinc/gold alloys.
10°
.0
9°
6°
Ba
8
10v
u ‘
io‘
oil ■} ''.01; H  
.Iru ; parvo/i
:j.vi v one .i'"-o e;"'l
.rhi'jh; i "I'i"; ■ -•
undistorted
undistorted .■ . : -V a ' undi st orted
Fig. l8'9* Schenmatie representation of the displacement of interference 
fringes associated with the acute and obtuse angled v7! pairs of plates.
Fig. 190. 1*3.** at. % zinc alloy-
tempered at 520°C for 6 minutes 
under vacuo, showing relief on
electropolished surface associated 
with a rod precipitation. x 100.
Fig. 191. 3^.** at. % zinc alloy '
tempered at 520°C for 6 minutes under 
vacuo, showing surface relief where at 
A it is a simple double tilt. x 500.
Fig. 192. h3»h a,t. % zinc alloy 
tempered at 520°C for 6 minutes 
under vacuo, showing ’feathery’ 
surface relief. Note constriction 
of rod at 1 and relief associated 
with rod cross-sections at 3 and 
k.
Fig. 193. k3*b at. % zinc alloy 
tempered at ^00°C for 3 hours under 
vacuo, showing ’feathery’ relief.

Fig. 19^. at. % zinc alloy
tempered at 3^0°C for 60 minutes 
under vacuo, showing developing 
feathery relief. x 500.
Ohli que illuminat i on.
Fig. 195. 3^,^ - at. % zinc alloy
tempered at 520°C for 6 minutes under 
vacuo, showing surface tilting associa 
ted with crosh-sections for a rods, 
x 500. . Oblique illumination.
Fig. 196. k3»h at. % zinc alloy 
tempered at 3^0°C for 60 minutes 
under vacuo, showing tilting 
associated with a cross-section of 
an a rod. x 1,000.* . Oblique 
illumination.
Fig. 197. 1+3.^  at, % zinc alloy
0 ^
tempered at 275 *C for 60 hours under 
vacuo. x 500. Oblique illumination.

Rig* 198 (a). 43,4 at./° zinc alloy tempered at 400°C for 3 hours showing 
tilting on an electropolished surface. x 250
-ig. 198 (b). Region as above after etching with ale, ferric chloride.
I
U t
o
rig. 199. 43.4 at./u zinc alloy tempered at 400 C for 3 hours to produce
tilting 011 a prepolished surface, nickel plated and taper sectioned at 30? 
Showing surface relief at boundary a*b. x 1000
Fig, 200, 43.4 at,vo zinc alloy tempered at 340°G for 2 hours. Showing
o
a taper section 30 so that the surface relief on the prepolished surface, 
viewed through the ’Araldite* mount, can be correlated directly with the 
polished and etched structure of the bulk material. x 500.
•t'ig. 201, 43 at>o zinc alloy tempered at 520 C for 6 minutes^ showing
an interferogram and the corresponding light micrograph.
mmm

Fig, 202, Diagrammatic representation of the interference fringe
displacement involved when simple tilting ( double tilt ) of the surface 
associated with rod precipitation occurs,,
Figs, 203 and 204c 43*4 at* zinc alloy tempered at 520°G for 6
minutes under vacuo so that surface tilting occursP part of the surface has 
boon . stopped off with a. cellulose lacquer and the remainder etched. Inter - 
fere nee fringes are present at the thin laquer edge, x 500.
Fig f 203 c Fig, 204*
Fig, 205. 43./+ at/e zinc alloy electropolished and tempered at 500°C
for 8 minutes under vacuo. Showing thermally formed etchpits along the 
product/matrix interface, x 500. ___________
Fig, 206, G/pt electronmicrograph of the interfacial etch pits shown 
in Fig, 205. x 40 0^00.
Fig* 207* Cine film sequence of a 39*o at>o zinc alloy tempered at 390°C
in tho hot stago microscope, 'Showing ex piate growth* x 100.
i HW$Si
t secs. t +-2.0 secs.
t+*5secs. k+-30secs.
t-f to secs t-H^O secs.
boS
Fig* 207« Cine film sequence of a 39•& at/o zinc alloy tempered at 390°C
£n tho hot stage microscope, Showing O  piate growth, x 100.
V  • r ■
!» • : ' •
L  secs. t+-4-secs.
M m  i ■
. -i. ».
t + 2. secs t_ + 8  secs,
.m m
t^-10 secs t +-70 sees
il'-'ifc?.: ->-s
b-i-40&ecs. t + S75sec&.
400
300
ZOO
too
HIMUTCS.
Fig. 209. Heating curves corresponding with the hot stage transformation 
cine film sequences shown in Figs 207 and 208.
I 4oo
i
Ii
£00
z o o
100 • 43'4ofc£z*400C 
V - - - 390c 
O - • * 320C
10 12 m'tn*.
Fig, 210, Heating curves corresponding with the hot stage transformation 
cine film sequences shown in Figs. 211-213«
Fig, 211» Cine film sequence of a 43*4 at, )o zinc alloy tempered at 400°C
in the hot atoge- microscope. Showing the development of rods, x 100*
Oblique illumination.
w m -  - ■ 1 " m
V'"- ' •
y ^ - : '  ■ ■?■ ,V .'<
i  . • ;••t
"t-blO secs. b+4-0 secs.
b +20 sees. b-t-S ’O s e c s .
Fig, 212. Cine film sequence of a A3.A at.fr zinc alloy tempered at 390 C 
in the hot stage microscope. Showing the growth of cA rods. x 120.
Oblique illumination*
t  secs. t + 2 6  secs .
> >
. •' ;• " - :.
t 4-ZO secs 1^4-56 secs.
Fig. 213. Cine film sequence of a 13.4 at#fa zinc alloy tempered at 320°G 
in the hot stage microscope. Showing the growth of rods particularly 
the widthwise sporadic growth and the associated 'featheiy' relief. x^-OO.
Oblique illumination.
t SECONDS.
fc.+-l O SECONl DS .
t-v-6 5 s e c o N d s  .
t-H4-0 SECONDS .
' '■•IT
- _____________
t + 2 0 0 ^ £ C o M D S .
t +290 SELConI ds.
t + 3 5 0  &e c o m d 5
oiG
o-io
o-o&
oot
0 04
o 02
4 o0 20I o 30 4-0
F^g. 214. Lenghtwise growth of cl rods measured from the film
sequence shown in Fig. 211.
o -i6
0-14
0-1Z
010
0-06
006
004
0-02
/
20 4-° 60 60 IOO 120 SecoMOS.
Fi g. 215« Lengthwise growth of w. rod (l) in film sequence Fig. 212-
4-00 tCCOKOt.300200I O O
Lengthwise growth of c* rod (5) in film sequence Fig. 213
220
13-2
68
44
too loo
Fig. 217 a.
Figs* 217 a-e. Show the -variation of width of the ol rods 
measured from the film sequence in Fig. 213*
t-
88
50
2044
300 40020Q100
Fig, 2X7 b.
Iffc
x i o .
X
110
6 6
4/c
22
100 200 300 4-00
Fig, 217 c.
xio
4003oo100 ZOO
Fig, 217 d.
4.(7
XIO
IVO
3/b .
4 4
22
0
k loo 200 300 400. SO 0
_____________________________  s ccomos
, Fig, 217 e.
64
95
54
©O
60
t 100 too
Fig, 218. Actual distances measured from the datura ( grain boundary), 
shown in Fig, 213 j for the wid.thwise increase of 'A rod 6 grid b 
shown in Fig, 217 d.
500
400
300
200
100
«PP*«" f*rr»peraPorC for plaP&S
TlHE
Figo 219, Schematic illustration of the heat treating cycles.,
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Fig. 220. 10.9 at.fr zinc alloy tempered at 250 C for 60 minutes,Fig
showing a small volume fraction of ^ plates. X 1000,
I
i
i
H vs
too
221c Variation of hardness with increasing transformation time at 
throe temperatures above the upper temperature limit for plate formation 
after prior tempering for 60 minutes at 250°G ( 10.9 at. % zinc. j.
Fig. 222. Variation of hardness under condition similar to Fig 221, 
except that the 4.0.9 at. /o zinc alloy was tempered for 100 minutes at 250°C.
Hvs
140
j
120
X100
60
60
10
i
Fig, 223* 10.9 at.>o zinc alloy
tempered at 250°C for 60 minutes 
and then tempered at 550°C for 
10 seconds, x. 500.
Fig. 221. 10,9 at. /o zinc alloy
tempered at 250°G. for 60 minutes and 
then transformed at 550°C for 30 
minutes, x 500.
Fig. 225. 10,9 at* fa zinc alloy. Fig. 226. ' 10*9 at* fa zinc alloy
tempered at 250°G for 60 minutes 
and then transformed at 550°G 
for 60 minutes, x 500.
tempered at 250 G for 60 minutes and 
then transformed at 550°C for 3 hours.
x 500.
The sequence of photographs Figs. 223 - 225 show the cessation of
plate growth and the resolution of the smaller rods to produce 
larger rods.
mm r o
9;
^ fC-:^
<J£ r
Fig. 227, 10.9 at fa zinc alloy
o
tempered at 250 G for 60 minutes 
and then transformed at 113°C 
for 10 seconds. x 500.
Fig. 229. 10.9 at.fa zinc alloy
tempered at 250°C for 60 minutes
. o
and then transformed at 113 C 
for 30 minutes. Showing a beta 
section close to the {.110} and 
the sectioed plate pair, P, have 
rods growing- from the edges.
x 1000.
Fig. 226, 10.9 at.fa zinc alloy
o "
tempo rod at 250 G for 60 minutes 
and then transformed at 113°G for 
10 minutes. x 500,
Fig. 230. 10.9 at. fa zinc alloy
tempered at 250°C for 60 minutes and 
then transformed at 113°G for 60 minutes,
x 500.
II'1m
<^i- : m s  y m p z m
Fig. 231. 40.9 at, )o zinc alloy
o '
tempo red at 250 G for 60 minutes 
and then transformed at 443°C 
for 3 hours • x 500.
Fig, 232, 40*9 at, )o zinc alloy
tempered at 250°C for 60 minutes and 
then transformed at 443°C for 24 hours
x 500,
Fig. 233* 40*9 at y zinc alloy tempered at 250°G for 60 minutes and 
transformed at' 443°C for 39 hours. ' x 250.

O putts.
■ pi«r*«tfBds. 
• rod*.
i io  io> io* io* to* 56codj>s.
Fig. 234* Schematic illustration of the products formed on transform­
ation above the upper temperature limit for plate formation after prior 
partial transformation to give plates at 250°C for 60 minutes.
Fig. 235. 40.9 at. % zinc alloy tempered at 250°C for 100 minutes and
then transformed at 500°C for 10 minutes. x 500.
500
I 400
3°° f
I 10 IOl 10* 10* 10 SECOND*.
Fig. 236. Schematic illustration of the products formed on transform­
ation above the upper temperature limit for plate formation after prior 
partial transformat!on to ' plates at 250' G for 100 minutes*. :
1toMo '
Fig, 237, 39,8 at.b zinc alloy tempered at 285°C for 200 seconds,
Elec&ropolishedj lightly etched and deformed in reverse bending. Showing 
interaction of slip traces in the beta with#plates. Colour tint and 
oblique illumination, x 500. '
w
b
Fig, 238* Slip trace normal plotted on a 001 standard projection 
together with two known <110^beta traces,, a.a. and b,b? shown in Fig237, 
These traces have been rotated onto standard, projection and from the 
angular relationship between these three traces the slip nay be concluded 
to be ;110^eta.
showing
deformation,
? showing o. region of severe localised
plastic deformation,, X 500.
Fig. 241. C/Pt replica taken 
from grain (l) in Fig 240? 
showing the interaction of 
slip traces with V plates, 
x 8000.
Fig* 212. C/Pt replica showing 
region G in Fig 241* where slip 
cut plate5 in more detail.
X 20 0^00.
Fig. 243. C/Pt replica taken iron grain (2) in Fig 24O, showing 
the interaction of slip traces with plates, in this case the 
traces are not continuous across the plates. x 16,000,
Fig, 244* 43,4 at.ft zinc alloy tempered at 400 C, electropolished and 
lightly etched in ale* ferric chloride* Deformed by reverse bending to 
produce slip traces* x 500,
Fig, 245. Specimen as in Fig 244 
showing slip traces within 'arrow­
head5 of rod pair, x 1500,
Fig, 246, Specimen as Fig, 244, 
showing the continuity of slip traces 
in the 0. rod and /-matrix* x 1500,
Fig. 247o Specimen as Fig 244, Etch pit at G suggests that the 
orientation of the original beta grain is close to the 1100)plane,
x 1500.
too1 I
I 400
300
zoo
100
10
Fig, 248. Plot of the tine to start of -visible precipitation on
tempering netastable beta1 ternary Cm/Au/Zn alloy containing 4*3 at# fa 
gold and 39*96 at, fa zinc.
500
400
300
100
Fig* 249, Plot of the tine to start of -visible precipitation on 
tempering a netastable beta* ternaiy Cm/An/Zn alloy contaxmng 4®25 at/6 
gold and 41*45 at®fa zinc®
Ulj
12.
t 4
16
16
2 0
Fig, 250, Plot, of - 1000 against log tine> from which the activation
. : T
energies of the low temperature reaction products for the ternary alloys 
may he derived.
Fig, 252, 39*96 at*/& ainc ternary
alloy tempered at 610°0 for 8 
seconds, x . $00,
Fig, 251* 39*96 at/6 ainc ternary
' o
alloy tempered at 610 C for 8 
seconds, x 500,
Fig, 253* 39*96 at8% ainc ternary , Fife'. 254* 39*96 at*J& zinc ternary
1 o * _
alloy tempered at 300 C for 100 alloy tempered at 300 C for
seconds, " x 500, 100 seconds, x - 500,

Fig, 255* 39*96 at*p zinc ternary
alloy tempered at 300°G for 30 
minutes, x 500
Fig. 257 * 39*96 at,p zinc ternary alloy tempered at 300°G for 30
minutes* C/Pt replica of a pair of plates sectioned on a (lio) plane
across their angle profile, showing markings within the two plates,
0
The angle between the markings being 71 * x 10,000,
Fig, 256c 39*96 at,>6 zinc alloy
tempered at 300°G for 30 minutes. 
Showing a plate-like structure, 
x 500.

Fig. 258, 39.96 at./a zinc ternary alloy tempered at 390°C
for 2 hours. Two mutually perpendicular surfaces contain 
long traces of the product confirming that it is truly 
plate-like,, jc 500,
S
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Fig, 259. 39.96 at,fr zinc ternary
ft
alloy tempered at 448 C for 10 
seconds,,showing a mixture of plate­
like and rod-like precipitation 
product. Hods hare grown from plate 
A. x 500,
Fig, 260, . 39.96 at/,- zinc alloy 
.0
tempered at 148 C for 10 seconds, 
x 500,
Fig , 261, 39*96 at ,/6 zinc ternary
alloy tempered at 448°C for 10 
seconds, showing rods growing from 
plate edges, . x 1000.
Fig, 262, 39.96 at.% zinc alloy
o
tempered at 448 C for 10 seconds, 
showing a pair of rods growing 
about a common interface, at B, 
airing a ’arrowhead* cross-section 
x 1000.

Fig, 263* Variation of hardness with tempering time for the 
precipitation of plates and rods from a 39*96 at,fc zinc 
ternary alloy.
Fig , 264* Two surface analysis used to determine the habit 
plane of the plates shown in Fig, 253, Poles P^ Pj, P^ etc,, 
correspond to the plates 1^2,3 in Fig 258 when rotated on'to 
standard 001 projection.
Cu/Ao/Zn - 
a i9 ?tat.%Zoiooc 
O3??6at.£zn5oo£j
170
150
130
no
9o
SECOisJ Di .1010'10
/ / / /
Fig. 265« Experimentally determined habit plane of the 
plates shown in Fig, 264$ collected into a unit stereographic 
triangle. Although the scatter is large the poles are 
distributed around the ( 2  11 12 ) pole.
Fig, 266, 39.96 at. % zinc temaiy alloy tempered at 370 0
for 3 minutes, showing the surface tilting accompanying the 
formation of plates, x 500. Oblique illumination.
tin)
(2 II12)
(Oil)
■ 4 J* " "
267* Interferogram and accompanying light micrograph oi the
relief accompanying the formation of plates in a dVot'b at*> zinc ternary 
alloy tempered at 370°C for 3 minutes*
Fig. 268 0 The electropolished Fig. 269. Sane region as Fig 268
surface of a tensile specimen after etching with ale. ferric
of motestable beta" 39.8 atop chloride. x 70,
zinc brass after loading to 
failure 0 x 50
Fig„ 270. Specimen as Fig,-, 269? showing rumpling in grain (2) 
in more detail. x 50.
t
Fig. 271. Tensile specimen of meta- 
stable beta5 39.8 at.p zinc brass 
after loading to fracture, showing 
the fractured edge. Stress induced 
transformation product is present. 
Etched in ammonium persulphate, x 50.
Fig, 273. A more detailed -view of 
the stress induced product at the 
fracture edge in Figs. 271? 272. 
Showing a structure similar to the 
massive in Fig."57« X 500.
Fig, 272. Same region as Fig 271 
under polarising illumination, Thi$ 
distinguishes a different form of 
induced product at the fracture 
edge from the acicular martens!te,
x 50,
F^g. 274*. X-ray diffraction 
pattern obtained from the stress 
induced product shown in Fig.273 *

t
Fig, 275 * Metastable beta 39,8 
at,/.' zinc brass tensile specimen 
loaded to failure? showing stress 
induced acicnlar martensite. x 500*
Fig* 276,, Metastable beta1 39*8 
at*)o zinc brass tensile specimen 
loaded to fracture# Showing
"I™
stress ~ induced martensite betai 
within deformation bands formed 
along the boundary between 
grains (l) and (2),. x 70,
Fig 27S, Me testable be ta1 39•8 
ati,p zinc brass tensile specimen 
loaded to failure, x 50.
Fig, 277, : As Fig 276, under 
polarising illumination, x 70.

(a)
< < 5 ^
15 0
1 4 0
130
110
loo
INDEhlTM’voM
—  7~ (t)
Fig* 279.(a) and(b), Variation of microhardness across a region of 
aore severe plastic deformation where stress induced nartensite is 
present. Sane region shown in Fig, 27 S\ x 50,
Fig. 280. Showing specific nicrohardness indentations 10 and 11 Fig. 279.
Fig, 28.1c Stress induced product Fig. 282„ Showing features similar
similar to that in Fig 273 temp- to Fig. 281c
ered at 600 G for 2 seconds,, show­
ing the separation of the beta 
phase at internal faults, x $00,
|
Fig. 283. Metastable beta* 39.8 at.); zinc brass tensile specimen loaded 
to failure. Showing the influence of increasing tempering time on the 
stress induced martensite.
(a) Stress induced product, same (b) 500°G
region as Fig. 27S. x 500.
(o) 500°C 20 geoondS'. (d) 500°C
10 seconds.
SO seconds.

Fig 2B‘4 o Metastable beta* 39»8 at.p zinc brass tensile specimen loaded 
to fracture., tempered at 500°C for 10 seconds* C/Pt replica, x 2000.
(e) 500 C 25 minutes, x 500,
Fig, 285, Metastable beta5 39.8 at, 
% zinc brass tensile specimen 
loaded to fracture, tempered at 
500°G for 1 seconds, x 50,
Fig, 286, Metastable beta* 39*8 
at p zinc brass tensile specimen 
loaded to fracture, tempered at 
500°G for 4 seconds, x 500.
Fig. 287. As Fig 286, showing Fig. 288, Aa Fig 286 , x 500.
5 reedy1 precipitation along slip 
markings*' x 500. .
W m ^ m m ^ r / w v A
Ww W m ^ ^ ^
0 ^ i 0 ~ § S ! S ^ k
L'ivJ»v*C;v
^V\\\\“\^WV?CY*\
Fig, 239. Metastable beta’ 39*8 
at.fr zinc tensile specimen loaded 
to failure., tempered at 200°C 
for 4 hours. x 50.
Fig. 291. Specimen as Fig 239 
showing the refinement and . 
acceleration of plate precipib- 
ation in region of more severe 
plastic deformation, x 500.
Fig, 290. Specimen as Fig. 239 
showing region of low deformation 
where plates have precipitated, 
x 500,
Fig. 292. Specimen as Fig 289 
showing the precipitation of pianos 
associated with stress induced 
martensite, x 500.

Fig* 293* Metastable beta*39*8 
at*/; zinc brass'tensile specimen
loaded to failure? tempered at 375
o
0 for 6 seconds* Showing acceler** 
ated precipitation of plates in 
localised regions of plastic 
deformation, x 50*
Fig 295* Specimen as Fig 293> 
showing precipitation within a 
deformation band* X 500.
Fig* 294* Specimen as Fig293* 
x 500 *
Fig* 296* Specimen as Fig 293 
showing precipitation along Slip 
markings giving a * reedy5 micro--? 
constituent, x ' 500*
--J*
Fig. 297. Metastable beta* 39.8
at,)., zinc brass tensile specimen
loaded to failure* tempered at 
o
100 G for 2 seconds. Showing acceler­
ated* directional precipitation 
of plates in regions of plastic 
deformation. x 500.
Fig, 298, Metastable beta* 39.8 
at./b zinc alloy tensile specimen 
loaded to failure, tempered at 
100°G for 6 seconds. Showing 
general precipitation, x 50.
Fig. 299. Specimen as Fig 298, Fig, 300, Specimen as Fig. 298
showing the precipitation of plates showing precipiation along slip
together with a few rods'in region "marking at (Y). x 500.
i l l
m m m
m f &
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Fig, 301. Metastable beta* 39*3 
at %> zinc brass tensile specimen 
loaded to failure. Tempered at 
4,00°C for 6 seconds .> showing pre­
cipitation of^i plates on a def­
ormation ,3riLnk:* band, x 500,
Fig, 302, Metastable beta5 42,3 
at >, zinc brass reduced 12/. by 
rolling5 showing fine stress 
induced martensitic product, 
x 500,
Fig, 304* Metastable beta1 42*3 
at /j zinc brass reduced 124 "by 
rolling? showing a small amount 
of stress induced martensite, 
x 500,
Fig, 303* As Fig, 302 except 
;using polarizing illumination, 
x 500,

Fig* 3G5i Plot of tine to start of -visible precipitation on 
tempering netastable beta* 42*3 at, 4 zinc brass alloys after prior 
12p reduction by rolling* Circles represent start of precipitation 
in localized regions of severe plastic deformation and squares
represent general precipitation*
Fig, 306, Metastoble betar 42*3 
at /- zinc cress all_oy reduced 12 4 
by rolling, Tempered at /03°C 
for 12 hours, x 75,
Fig, 307, Metastable beta* 42*3 
at 4 zinc brass alloy reduced 124 
by rolling. Tempered at 4$B0G for 
3 hours, showing precipitation of 
rodsc x 1000,
■m m  %
■VC' §...., 1 V: B£ I
* !
Fig* 308* Metastable beta1 42*3 
at zinc brass alloy reduced 124 
by rolling' tempered at 40S°C for 
3 hours? showing localized regions 
of ry precipitation surrounded by 
cy  rods, xlGOO,
Fig* 309i G/Pt replica taken 
from the precipitation along the 
deformation markings in Fig* 308* 
Showing internal markings within 
the product* xl0?000.
Fig* 310* 0/P.t replica taken from the precipitation along the
deformation mar In 3 in Fig, 308 0 Showing denuding of the beta 
associated next to the larger precipitate* of °v rods, x 8000,

Figs, 311 and 312.
Metastable beta* 4-2,3 at y zinc brass alloy reduced 122 by rolling. 
Tempered at 4-08°C lor 3 hours, showing ox rod precipitation and 
precipitation on the ’kink® band, x 500,

Ii
Fig, 313* C/Pt replica taken from the kink hand shown in. Figs, 311 
and 312, Showing finer c*. rods precipitating within the band, x 8000,
Fig, 314,. Metastable beta* 4-2,3 
at y zinc brass reduced 12 y by 
rolling. Tempered at 408°G for 
3 hours, showing precipitation 
along wavy slip markings shown at G 
in Fig. 306. G/Pt replica, x 10,000,
Fig, 315« Metastable beta* 42,3 
at y zinc brass reduced 12 y by 
rolling. Tempered at 267°C for 
68 hours. Showing fine precipit­
ation along' persistent slip 
markings. x 1000,.

Fig, 316, Metastable beta' 42*3 
at )j zinc brass reduced 12/, by 
rolling. Tempered 207°C for 68 
hours. x $CO,
Fig. 317 * C/Pt replica taken
from Fig, 318 showing- in resolvable 
precipitation along persisent slip 
markings and mixture of cl, rods and 
G\ elates in the surrounding 
regions, x 12,000,
Fig, 318* Metastable beta* 42*3 at >, zinc brass reduced 12/. by 
rolling. Tempered 207°G for 68 hours, showing precipitation along 
deformation or skink! band;;' x 500,
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Fig. 319.
Standard (100) projection showing all the variants of j 2 11 12- planes 
associated with the four inner \110 f poles*
iO to
I o  1
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Fig. 320.
Closed loops of-four pairs of ^ * plates_showing variants of habit planes 
K2 11 12 > and internal markings ?110 \ on a (001 "V section.
Three dimensional solid model of closed loop of plates Fig, 320 looking 
on to 001 base and directly -viewing the (11 2 12) (2 11 12) plate 
pairs.
Fig* 322, Plane showing eight ^2 11 12 ; faces and traces of ',110 j 
markings
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Fig, 323#
Plot of the characteristic temperatures for the copper/zinc system,
L(on)
CO
Fig. 324.
Showing the progressive developnent of plate pairs.
I Q O O
I
2-2
- 3-2 -  s dL 
d t
10 101010
Variation of growth rate of 'X rods (leng'thwise) against
L(p<£
b
dc
Fig. 326,
Showing the six \ 110 \ plane lying around a pill ) zone together with
a
the spacing d between dislocations of the type /6 <pL12 > lying in 
the rod interface,
aFig. 327•
node! showing possible boundary movement during . d, rod growth.
. Fig. 323.
Model showing the progressive stages of super dislocations within the 
beta1 matrix cutting • plates. The original plate is finally 
displaced in the slip planes.
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Fig, 329. 
Geometrical analysis of rod shape,
2 0
Fig. 330.
The Rachinger method of K y 2 doublet resolution.
0*2 0-4 0-6 o-a 1-0 1-2.
Sin 9  
7\
Fig, 331*
Sin
Plot of fav (atomic scatter factor) against ^
3 0  0
ZOO
100
3000 4000 5000 4000 7ooo n* coiMn^ /tfcmiD.
Fig, 332,
Correction factor for delay time on probe microanalysis.
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TABLE 28
Jolley & Hull Isaichev & Miretsky Garwood(157) X-ray Dif. 44.1 Zn
(116) 
Trace(39% Zn)
(104)
Powder Fattern(40% Zn)
(41.3% Zn) Trace(40.9$ 
200% 50 hrs.
42 hrs.at 
260°C
d d d d d
2.23 2.26 2.23-2.24 2.236 -
•# - - . 2.190 -
2.134 2.13 2*12-2.13 2.128 2.137 FCC
2.034 2.045 2.02-2.04 2.041
1.966 1.965 1.95-1.935 1.942 -
1.908 - - - -
14837 1.885 14840 1.838 1.852 FCC
1.61 1.73 1.634 -
- 1*64
1.588 - - - -
1.59 - - - -
1.355 1.33 - 1.332 -
1.289 1.295 1.297-1.301 1.301 1.307 FCC
1.227 1.235 1.230 1.240 •
1.176 1.145 1.171-1.174 1.171 -
- 1.138 - 1.123 -
1.118 1.118 - 1.112 1.116 FCC
- - 1.108-1.109 - -
1.109 - - 1.097 -
- . - 1.076-1.078 1.081 -
wt - 1.062-1.064 1.066 1.066 FCC
1.002 - - — ' -
0.895
0.8694
0.8486 0.8499 FCC-
0.8455 FCC 
0.8238 0.8262 FCC
f p f Jph/ ITT to
common situation and tlie^ fijPial disperlon of precipi­
tates and tlie PFZ width is controlled by the nuclea- 
tion treatment below 155°C where the G.P. zone 
size distribution is determined. A long nucleation 
treatment gives a fine dispersion of precipitates and a 
narrow PFZ.
Preliminary results on other alloy systems based on 
aluminium suggest that his model has general 
application. The systems Al-Cu, Al-Ge and Al-Si 
can be given nucleating treatments which greatly 
affect the subsequent precipitate dispersion and . 
precipitate free zone width as in (c) above. The system 
AL-Mg probably corresponds to (a) above in all 
normal ageing treatments since it is likely that the 
G.P. zone solvus is at a rather low temperature, 
probably below 50°C for most alloy contents. The 
systems Al-Cu-Mg and Al-Mg-Si correspond to class 
(b) above since G.P. zones are still stable after normal 
heat treatment and no precipitate free zones are 
observed. It should also be emphasized that disloca­
tions play an important role in precipitate nucleation 
even below the G.P. zone solvus in some systems and 
this point has not been considered here.
Finally there is evidence that the important effect 
of trace additions of Ag on the Al-Zn-Mg system16,7) 
is due to a raising of the G.P. zone solvus to 185°C 
in the present alloy. Thus if  the alloys are aged 
between 155°C and 185°C, the silver free alloy will 
be in class (c) and may (if there is insufficient nucle­
ating treatment) show a fairly coarse precipitate 
dispersion and a wide PFZ, while the silver containing 
alloy will be in class (a) and will show a fine precipitate 
dispersion and no PFZ. Above I85°C both alloys 
are in class (c) and behave similarly and it is interesting 
to note that silver has a maximum effect after ageing 
in the medium temperature range e.g. 145-185°C 
in the present alloy (see Fig. 3 of Ref. 6).
On the basis of these and other results it is possible 
to draw up a general theory of precipitate nucleation 
in aluminium alloys and this will be published 
elsewhere. It is expected that this will also prove 
to be applicable to alloy systems based on other 
metals.
G. W. L o r i m e r  
Department of Metallurgy R. B. N i c h o l s o n  
University of Cambridge
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Internal markings in copper/zinc bainite*
The tempering of metastable /?' copper/zinc alloys 
produced by quenching has been previously shown to 
give a rod-like a product at high temperatures and a 
plate-like a product at lower temperatures.<1,2) The 
characteristics of the plate-like product suggested 
that it was formed by a “bainitic” process. This is 
supported by the recent observation that the upper 
temperature limit for the formation of these plates is 
dependent upon zinc content in a similar manner to 
the M a temperature for the system.<3) Because of the 
suggested similarities between the mechanisms in­
volved in the two forms of transformation, the faults 
observed in the martensite arising from the lattice 
invariant or inhomogeneous shear of the phenomeno­
logical theory, would also be expected to exist in the 
bainitic a. In the analysis carried out by Garwood,<2) 
using the procedure described by Lieberman,(4) it was 
considered that the inhomogeneous shear occurred on 
a ( I l l } a plane in a (112) direction, this being the re­
ported plane on which the faults lie in the subzero 
martensite.(5,6) The present results show that the 
internal markings, revealed on etching the bainite 
plates are consistent with a (110}^ plane. Assuming the 
accepted correspondence for b.c.c.-f.c.c.’ transforma­
tions this gives the markings on ( l l l } a planes. No 
such internal structure was found to be present in the 
a rods.
Specimens of copper/zinc alloys in the composition 
range 40.5-41.6 wt.% zinc were quenched from the all 
ft temperature range, 830 i  5°C, into 10% sodium 
hydroxide solution maintained at 0°C. This prevented 
separation of any second phase a precipitate at the 
grain boundary regions. These specimens of meta­
stable ft' were then tempered, either in lead or salt 
baths, to obtain the required transformation product. 
Shadowed carbon/platinum replicas taken from an 
electropolished (concentrated orthophosphoric acid) 
and etched (alcoholic ferric chloride) surface were used 
to reveal internal markings within the plates. The 
majority of alpha plates formed by the bainitic reac­
tion occurred in associated pairs, separated by an 
obtuse angle, about a common interface, as shown in 
Fig. 2. Figures 1 and 2 show two sections, both of 
which were determined stereographically to be within
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Fig. 1. 41.6% zinc alloy quenched from 830°C and heat 
treated at 260°C for 80 min. This shows a {110}^  section 
containing a bainitic <x plate, giving the relationship 
between the internal faulting and the common interface 
plane, carbon/platinum replica, x 7000
F ig .  2. 40.5 % zinc alloy, quenched from 830°C and heat 
treated at 450°C for 8 sec. This shows an a plate contained 
in a {11O}0 section perpendicular to that obtained in 
Fig. 1. Again showing internal markings and the common 
interface plane, carbon/platinum replica, x 6000
5° o f {110}^ sections. Figure 1 shows such a {110}^ 
section in which the plate pair lie approximately in the 
plane of sectioning. The observed internal markings 
were separated by an angle of 68° which is bisected by 
the common interface plane of the pair. Six such 
sections were observed giving an average value of 70° 
for the angle between the internal markings. Figure 2 
shows another example of a {110}  ^ section again re­
vealing traces of the internal faulting and the common 
interface plane. In this particular case traces are not 
revealed throughout the plate length presumably 
because of the lighter etching involved, although on 
many other occasions entirely faulted plates were ob­
served. These two {110}  ^sections were found to be at 
90° to one another, and a pseudo two-surface analysis 
was used to determine the plane on which these faults
F ig .  3. Diagrammatic representation of the two mutually 
perpendicular {110}^  sections used for the pseudo two 
surface analysis. The top face, 1, corresponds to a section 
as indicated by Fig. 1, whilst the perpendicular face, 2, 
corresponds to Fig. 2. The angle, 2 j>, between the fault­
ing indicated in face 1 was taken to be 70°, being the mean 
of six values.
lie. Both sections and traces are shown diagram- 
matically in Big. 3. For surface 1 the mean value of 
70° was used but values taken from Fig. 2 were used 
for the other surface. These trace values were plotted 
stereographically and this two-surface technique gave 
the poles of the planes of these faults falling within 5° 
of (110}^ poles.
It is therefore reasonable to assume that the internal 
markings in the a plates arise from {110}  ^ traces in 
the parent phase. Unfortunately it was not possible 
to make an unambiguous conclusion about the planes 
in the a product on which the markings lie. However, 
it can be assumed that the markings are on {U l}a 
planes since a (1 1 0 ) /|( ll l)a correspondence exists.
Similar correspondence was obtained experimentally 
by Jolley and Hull(5) in the subzero martensite where 
they reported the internal faulting to be on {111}/ / 
planes. Thus the internal faulting observed in both 
the martensitic and bainitic products appears to be 
generated by a similar mechanism.
An interesting feature of this analysis showed that 
the interface plane was a {100}  ^plane rather than the 
{110}  ^which occurs in the acute angled martensite.<7)
A few examples of acute angled bainite plates were 
present in which case the interface was observed to 
be{110V  '
Therefore a number of similarities exist between the 
martensitic and bainitic products found in the copper/ 
zinc system besides the morphological similarities 
referred to above. Both products have a (2 11 12}  ^
habit plane(1,8,9) and contain lattice faulting on ( l l l } a 
planes. Similar morphological(10) and structural(11) 
correlation has been shown to exist between bainites 
and the corresponding martensitic in steels. Work is 
being continued to clarify the nature of the transform­
ation products occurring in this system and also the 
growth processes using hot stage microscopy.
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Slip propagation in polycrystalline 
3% silicon-iron*
Numerous experimental investigations have indi­
cated that the lower yield tensile stress a of a poly­
crystalline aggregate can be represented as
a =  cr0 +  Jcl~m  ( 1 )
where I is the grain diameter, a0 and k being constants 
for a given system of testing conditions. The form of 
equation (1) is consistent with the concept that 
plasticity spreads by the concentrated shear stress 
ahead of a slip band in one grain initating plastic 
flow in a neighbouring grain, the early theoretical 
considerations*1-3) of the problem being based on a 
model where both the slip planes and directions in 
each grain make angles of 45° with the tensile axis. 
The sheaf stress at a distance r directly ahead of a slip 
band is(4)
(r -  r,)(Z/4r)'» (2)
where r is the applied shear stress and is the lattice 
friction shear stress opposing the motion of unlocked 
dislocations; thus if a source is situated at the point r 
and a critical shear stress rc is required for its operation, 
the criterion for yield propagation becomes
r  =  r i +  2 (3)
or since all the slip planes and directions are assumed
to make angles of 45° with the tensile axis, then rela­
tion (3) gives for the tensile yield stress a:
a — 2t =  2tj -j- 4rcr1/2/_1/2 ' (4)
Accordingly, physical interpretations can be placed 
upon the parameters a0 and k in relation (1), a0 being 
associated with 2ri and k with 4rcr1/2.
The theory has been extended*5-7) to take into 
account the differing orientations of the crystals which 
combine to form a polycrystalline aggregate, and 
Armstrong et al.{5) derived the following expression for 
the tensile yield stress of a random aggregate:
a =  mr{ -f m 2rcr1/2i_1/2 (5)
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